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Abstract

The epitaxial thin films of functional perovskite-type oxides (ABOs) present interfacial coupling
and misfit relaxation mechanisms governed by a complex interplay of chemical, electronic and
structural degrees of freedom. The relaxation mechanisms of strained films may accommodate
defects, such as misfit dislocations or twin walls, which exhibit a strong tendency towards self-
organization with characteristic length scales of tens of nanometres. The core lattice structure of
these defects is different from the bulk of the material and thus may be considered as a nano-phase
with likely different physical properties, leading to the formation of functional nanostructures. The
correlation between defect structure and functionality, together with the capacity of these defects to
self-organize, offers a unique opportunity for the bottom-up elaboration of functional complex

oxides nanodevices.

This thesis focuses on the characterization of the microstructure, interface and self-organized
defects of epitaxial films and functional nanostructures of oxide materials by using advanced
transmission electron microscopy. Special emphasis is put on the atomic and chemical structure of
the interfaces and generated defects, such as dislocations, twin walls and phase segregations, as well
as on the strain fields and their correlation with chemical heterogeneities. In this regard, two
different systems composed of lanthanum manganites are considered: LaMnO;:MnO,
nanocomposite grown on (001)SrTiO; and on (001)LaAlO; substrates; and Lag;SrosMnOj; films with
self-organized defects grown on (001)SrTiO; and on (001)LaAlO;. The materials studied in this work
may be regarded as nanostructured films resulting from the self-organization of misfit relieving
defects as follows: nanoinclusions of a MnO, phase (volume defects) in LaMnOs; twin walls between
twin domains (planar defects) in Lag;Sr3sMnO; on SrTiOs, and misfit dislocations (line defects) in
Lag7SrosMnQO3; on LaAlO;,

In the LaMnO3;:MnO, nanocomposite, the formation of regular vertically aligned
nanoinclusions of a manganese oxide (MnO,) embedded in an LaMnO; film is analysed via
microstructural characterization. This analysis includes the determination of the LaMnQO; matrix
microstructure with respect to the substrate together with the identification of the manganese oxide
phase and a secondary phase: a La-rich layer close to LaMnOs-substrate interface. In the case of
Lag7Sre3sMn0O; on (001)SrTiO; substrates, a detailed analysis of twin walls and their implications on
the functional properties is performed. Local changes in the physical and structural properties of the
TWs lead to the view of a twinned film as a self-organized nanostructure consisting of vertical nano-
sheets of strongly compressed Lag;SrysMnO; embedded in a matrix of tensile strained Lag;Srg3sMnQOs.
In the case of LagsSro3MnO; ultrathin films grown on (001)LaAlO3, the relaxation mechanism of this
films is analysed. These films relieve the misfit strain by the formation of misfit dislocations above a
critical film thickness of 2.5 nm. A detailed study of structural, chemical and electronic changes
associated with the dislocation is also performed paying particular attention to the influence of strain
fields on chemical composition at the nanoscale. A chemical reorganization occurs to accommodate

the strain at the dislocations core region. The dependence of the degree of order of the dislocation

vii



pattern on film thickness is also explored. Finally, the implications of the dislocation strain field on
surface topography and electrical transport are analysed, demonstrating that the multiscale nature
of dislocations holds great promise for the creation of spontaneous surface ordered functional

nanostructures in complex oxide thin films.

The results and main conclusions obtained in this work open new perspectives for the
development of functional self-organized nanostructures based on strain relieving defects.
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Resum

Les capes fines epitaxials d’oxids funcionals tipus perovskita (ABO;) presenten mecanismes
d’acoblament d’intercara i de relaxacid del desajust governats per un joc complex de graus de
llibertat quimics, electronics i estructurals. Aquests mecanismes poden acomodar defectes, tals com
dislocacions de desajust i parets de macla, que presenten una gran tendéncia a I'auto-organitzacié
amb escales caracteristiques de desenes de nanometres. L’estructura de la xarxa en el nucli
d’aquests defectes és diferent de la major part del material, i per tant pot ser considerat com una
nano-fase amb propietats fisiques probablement diferents, portant a la formacié de nano-
estructures funcionals. La correlacié entre I'estructura del defecte i la funcionalitat, juntament amb
la capacitat d’aquests defectes per auto-organitzar-se, ofereix una oportunitat tnica per I'elaboracié

bottom-up de nano-dispositius d’oxids funcionals complexes.

Aguesta Tesi es centra en la caracteritzacid de la microestructura, l'intercara i els defectes
auto-organitzats de capes epitaxials i nanoestructures funcionals de materials d’0xids mitjancant I’ds
de Microscopia Electronica de Transmissid. Es presta especial atencié a I'estructura atomica i
electronica de les intercares i defectes generats, tals com dislocacions, parets de macla i segregacions
de fases, aixi com als camps de deformacié i la seva relacié amb les homogeneitats quimiques. En
aquesta direccid, dos sistemes diferents compostos per manganites de Lanta son considerats:
nanocompost de LaMnO3:MnO, crescut sobre substrats de (001)SrTiO; i de (001)LaAlOs, i capes de
Lag;SrosMnO; amb defectes auto-organitzats crescudes sobre substrats de (001)SrTiO; i de
(001)LaAlO;. Els materials estudiats en aquest treball poden ser considerats com capes
nanoestructurades resultants de |‘autoorganitzacié de defectes que relaxen el desajust:
nanoinclusions de MnOx (defectes de volum) en el LaMnOj3; parets de macla entre dominis de macla
(defectes planars) en Lag;SrosMnO;/SrTiO; i dislocacions de desajust (defectes lineals) en
Lag.7Sre3sMn0O; /LaAlO;,

En el nanocompost de LaMnO;:MnO,, s’analitza la formacid regular de nanoinclusions d’oxid
de manganés verticalment alienades dins d’una capa de LaMnOj; a través d’'una caracteritzacié
microestructural. Aquestes analisis inclouen la determinacié de la microestructura del LaMnO;
respecte el substrat conjuntament amb la identificacio de la fase de I'0xid de manganes i d’'una fase
secundaria, una capa rica en La a prop de lintercara LaMnO;-SrTiO;. En el cas del
Lag ;Sro3Mn0s/SrTiO; es realitza una analisi detallada de les parets de macla i de les implicacions
d’aquestes en les propietats funcionals. Els canvis locals en les propietats fisiques i estructurals de les
parets de macla permeten veure una capa amb macles com a una estructura auto-organitzada
consistint en nano-lamines verticals de Lag;Srp3sMnO; fortament comprimides dins d’'una matriu
tensionada de Lag;Sro3Mn0s. En el cas de les capes ultrafines de Lag;Sro3sMn0Os/LaAlO; s’analitza el
mecanisme de relaxament d’aquestes capes, les quals alleugen la tensié de desajust a través de la
formacié de dislocacions per sobre d’un gruix de critic de capa de 2.5nm. Es realitza un estudi

detallat dels canvis estructurals, quimics i electronics associats amb les dislocacions, posant especial
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atencié a la influencia dels camps de deformacié en la composicid quimica a la nanoescala. En
aquesta direccio, s’observa una reorganitzacié quimica a la regié del nucli de la dislocacid, la qual té
lloc per acomodar la deformacié. També s’explora la dependéncia de |'‘organitzacié de les
dislocacions amb el gruix de les capes. Finalment, sén analitzades les implicacions del camp de
deformacid de les dislocacions en la topografia i el transport electric a la superficie de les capes,
demostrant que la naturalesa multi-escala de les dislocacions és de gran potencial per la creacié de
nanoestructures funcionals organitzades espontaniament en la superficie de capes fines d’oxids

complexes.

Els principals resultats i conclusions obtinguts en aquesta Tesis obren una nova perspectiva per
al desenvolupament d’estructures funcionals auto-organitzades basades en defectes que relaxen
tensions.
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Chapter 1

Thesis rationale

Most of the functionalities of perovskite-type oxides are based on the presence of transition
metal cations. Transition metal oxides present strong lattice-electron, electron-spin and spin-orbit
couplings due to the competition between various interactions, such as Coulomb repulsion, strain,
orbital bandwidths and Hund's exchange, which have energies with similar magnitudes [1]. This
interplay between competing energy scales results in a variety of orderings of spin, charge, and
orbital degrees of freedom, giving a wide variety of functional properties to these materials [2],
including ferroelectricity, ferromagnetism, antiferromagnetism, metallicity, superconductivity, and
optical properties.

Thin film epitaxy of complex transition metal oxides has been used to manipulate the
properties of these materials by altering the subtle energy landscape of the competing interactions
through the epitaxial strain and dissimilarities between the substrate and the grown material [3]. In
the early stages of epitaxial growth of heterostructures, the film structure tends to adapt to the
substrate in-plane cell parameters. Perovskite-type oxides are capable of accommodating strain in a
rich variety of ways that can have various effects on the physical properties of the material.
Furthermore, fascinating interfacial behaviour arises due the complex interplay of strongly correlated
degrees of freedom, which in turn manifests a strong sensitivity to external perturbations [3]. The
formation of highly conducting electron gases between two insulating materials [4], interfacial
superconductivity [5, 6], or polarization-dependent spin transfer [7], are examples of these
unexpected interfacial phenomena. The misfit relaxation mechanisms and interfacial coupling of
these heteroepitaxial thin films are connected with thin film growth mechanism, tridimensional

nanostructure generation and physical properties.

The next generation of nanodevices will demand further miniaturization requiring strategies to
control and manipulate the lateral modulation of atomic length scales. Such strategies can take
advantage of the fact that the relaxation mechanisms of strained films may accommodate defects,
such as misfit dislocations or twin walls, which exhibit a strong tendency towards self-organization
with characteristic length scales of 10 to 30 nm. Since the core structure of these defects is different

from the bulk, they may be considered nano-phases with different physical properties, leading to the
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formation of functional nanostructures. Thus, the formation of these self-organized defects offers a

unique opportunity for the bottom-up elaboration of functional complex oxide devices.

Transmission electron microscopy is a useful technique for studying the interface
microstructure and the associated defects that relieve the misfit strain of these heterostructures. The
combination of the different image modes and spectroscopies permits to obtain structural and
chemical information of the microstructure, the interface and the defects with atomic resolution.

The aim of this thesis is to characterize the microstructure and interface features of
heteroepitaxial films and functional nanostructures of oxide materials by transmission electron
microscopy. Special emphasis is given to the atomic and chemical structure of the interfaces and
generated defects, such as dislocations, twin walls and phase segregations; as well as to the strain
fields and their correlation with chemical heterogeneities. In this regard, two different systems are
considered: LaMnO;:MnO, nanocomposite grown on (001)SrTiO; and on (001)LaAlOssubstrates; and
Lag.7SresMnO; films with self-organized defects (twins or dislocations) grown on (001)SrTiO; and on
(001)LaAlO;. From this point of view, the materials studied in these work may be regarded as
nanostructured films resulting from self-arrangement of misfit relieving defects as follows: phase
segregations of MnO, (volume defects) in LaMnO;, twin walls between the twin domains (planar
defects) in Lag;Sr3sMnOs3 /SrTiO; and misfit dislocations (line defects) in Lag;Sr;sMnO3 /LaAlO;,

1.1. Outline of the thesis

This thesis is organized as follows:

Chapter 2 discusses the basic concepts regarding epitaxial thin films derived from functional
perovskite-type oxides. These concepts include the main structural, electronic and physical
properties of transition metal perovskite oxides; the epitaxial growth of thin films; relaxation and

interfacial accommodation mechanisms; and the main defects in the materials.

Chapter 3 describes the experimental techniques used to grow and characterize the thin films
studied in this work. Special attention is given to transmission electron microscopy, which has been

the principal methodology used to characterize the thin films studied in this thesis.

Chapter 4 analyses the spontaneous formation of regular vertically aligned nanoinclusions of a
manganese oxide (MnO,) embedded in an antiferromagnetic LaMnO; film via a microstructural
characterization of a LaMnQO;:MnO, nanocomposite. This analysis includes the determination of
LaMnO; matrix microstructure with respect to the substrate together with the identification of the
manganese oxide phase and a secondary phase La-rich layer close to LaMnQ;-substrate interface.

Finally, the formation mechanisms of the LaMnQO3;:MnO, nanocomposite are discussed.

Chapter 5 contains a microstructural study of Lag ;Sro3sMnO films on (001)SrTiO; with a detailed

analysis of twin walls and their implications on the functional properties.
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Chapter 6 analyses the microstructure, interface and defects present in Lag;Sre3MnQ; ultrathin
films grown on (001)LaAlO; substrates. This chapter also discusses the structural, chemical and
electronic changes associated with the core of edge dislocations at the Lag;Sro3MnOs-LaAlO;
interface. It is also discussed dependence of the degree of order of the dislocation pattern on film
thickness and the implications of the strain field of dislocations on surface topography and electrical
transport.

Chapter 7 contains general conclusions and recommendations for further research.
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Chapter 2

General concepts of epitaxial thin
films of functional perovskite-type oxides

This chapter discusses the basic concepts related to thin film heterostructures of transition metal
perovskite-type oxides, their interfaces and the defects associated with the relaxation mechanisms of
these films. The first part of this chapter discusses the structural and physical properties of transition
metal perovskite-type oxides, which are the base for understanding the behaviour of these materials. A
basic overview of perovskite crystalline structure and the principal distortions of perovskite structure is
given. A general description of the electronic structure and magnetic properties is also provided. Finally,
special attention is paid to lanthanum manganese oxides, in particular to the two materials studied in
this work: LaMnO; (LMO) and Lag;SrosMnO; (LSMO). In the second part of this chapter, the main
concepts related to thin film heterostructures are presented, including a brief description of the
nucleation process and growth methods together with an overview of the epitaxial strain and main
relaxation mechanisms of thin films. The main interfacial effects resulting from dissimilarity in the
heterostructures at the interface are also discussed. The chapter ends with a presentation of the main

defects in crystals.

2.1. Physical properties of transition metal perovskite-type oxides

2.1.1.Perovskite crystalline structure

The magnetic and electronic properties of the transition metal perovskite-type oxides are strongly
correlated with crystal structure. Perovskites have the general formula ABX; where A and B are cations,
A being usually an alkaline earth or rare earth element and B a transition metal, and X an anion, usually
fluorine or oxygen. All compounds studied in this work are oxides, so X corresponds to oxygen (O).
Normally, the A cation is relatively large and the B is smaller. The A cation is surrounded by twelve O
anions in a cuboctahedral coordination while the B cation is surrounded by six O anions in an octahedral

coordination.

The ideal perovskite structure has simple cubic symmetry, belonging to the space group Pm-3m.
The base unit cell can be seen in Figure 2.1(a), with the A cation at the vertices and the O ions at the

centre of the faces forming the octahedral around the B cation in the centre of the cube. However, it
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can be also described with B cations at the vertices and the A ion at the centre of the cube. Thus, the
perovskite structure forms a three dimensional framework of corner sharing BOg octahedra with the A

cation in the centre of the cube defined by eight corner sharing octahedral units (Figure 2.1(b)).

Figure 2.1: (a) A cubic perovskite unit cell, with A cations at the corners and B cations in the centre of the cube in
the octahedra formed by the O ions. (b) The perovskite three dimensional framework.

The ideal cubic perovskite structure presents all the B-O-B bonds with 180° angle and a regular
BOg octahedra, but most perovskites are distorted from this ideal cubic structure. Depending on the
different elements occupying the A and B sites, and the partial substitutions at each site, the structure
can deviate from the cubic symmetry to accommodate a certain distortion. The distortion from the ideal
perovskite can be quantified by the tolerance factor (t) proposed by Goldschmidt [8]:

p= A0 (Eq. 2.1)
V2(rg+10)

where 14, 15 and g are the mean ionic radii of the A cation, B cation and O anion, respectively. For the
stable-cubic structure t=1, however, oxide compounds with perovskite structure may form for a range of
0.89 < t <1.02 [9]. The perovskite structure accommodates this misfit in the ion sizes, inducing different
kind of structural distortions. These distortions are of interest as they can affect the physical properties

of materials, particularity electronic and magnetic properties [1].

Distortions of the octahedron

Distortion from the ideal perovskite structure could be divided into three components [10]: (1)
the tilting pattern of the BOg octahedra, (2) the deformation arrangement of BOg octahedron and (3)
the displacement of the B cation from the centre of the octahedron. These different distortions may
occur individually or combined, but usually distortion (2) is associated with distortion (3) as both
distortions are derived from electronic instabilities of the transition metal cation. These distortions are

now explained in more detail.

(1) Tilting of the BOs octahedra
This is the most common distortion mechanism and the most important in establishing the space-

group symmetry of the perovskite. Octahedral tilting occurs in perovskites with a t<1, while for a t=1 or
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t>1 they often exhibit no octahedral tilting [11]. Usually, this distortion occurs as a result of the fact that
the A cation is too small for the corner sharing octahedral network [12]. Thus, the B-O bonds are under
compression while A-O bonds are under tension and tilting of the undistorted octahedra shortens the A-
O bonds relaxing the stress. The BOg octahedra tilt as rigid units, about the principal axes of the
primitive cubic cell, maintaining the connectivity of the octahedral framework. Furthermore, when an
octahedron is tilted in some particular way, it causes tilting of the neighbouring octahedra. As a result, a
cooperative tiling of the BOg octahedra takes place [13].

The tilting of the octahedra has effects on the unit-cell parameters and interaxial angles, and
results in a lowering of the space group symmetry [13]. The various combinations of octahedral tilting
and the resulting space-group symmetries have been described previously [11, 13-16]. Glazer [13]
identified 23 tilting systems in terms of the rotations around a-, b- and c-axes parallel to the three cubic
lattice vectors. These tilting systems and the resulting space-group symmetries were subsequently
revised and corrected by Woodward [12, 15] and Howard and Stokes [16], who demonstrated that some
tilting systems cannot construct a framework of regular octahedra and that small distortions of the

octahedra must occur to preserve their connectivity.

(2) Distortions of the BOs octahedra units

The oxygen octahedron may be distorted by the Jahn-Teller distortion, which occurs due to
electronic instabilities of the metallic B ion of the octahedra. The theorems of Jahn-Teller predict that
distortions of the ideal octahedral geometry will occur providing an energetic stabilization by removing
the electronic degeneracy usually associated with the d-electrons on the B-site cation [17]. Typically,
the first order Jahn-Teller distortion is manifested as an elongation of some B-O bonds and a shortening
of the remaining B-O ones. It has been shown that a larger energetic stabilization take place when the
primary distortion mechanism is an elongation of two transversal bonds and contraction of the
equatorial remaining four bonds, or an inverse distortion, a contraction of two transversal bonds and
elongation of the equatorial remaining four bonds [18]. An example of the Jahn-Teller distortion is
observed in ternary perovskites such as LaMnOs, which presents a distortion where two B-O bonds
shorten and two B-O bonds lengthen [11].

The associated arrangement of the elongations is called a cooperative Jahn-Teller distortion and
determines the resulting symmetry of the system. These cooperative Jahn-Teller distortions describe the

orbital ordering arrangement [19].

(3) Displacements of the B cations
The B cation may shift from the centre of its octahedron. These cation displacements result in a
polar ferroelectric distortion. This distortion results in a further lowering of the crystal symmetry into a
polar space group [20], but does not directly affect the lattice parameters, except by a relatively small
distortion of the octahedra [13]. These distortions are often referred to as second-order Jahn-Teller
effect [21].
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2.1.2.Electronic structure

The electronic and magnetic properties of the perovskite-type oxides are not only determined by
the crystal structure but also by the nature of d-electron orbitals of the transition metals in the
structure. Transition metals have an electronic structure with an incomplete d-shell. This partly filled d-
orbital controls the chemical behaviour and electronic properties of these materials [22].

The 3d states of the transition metal in a free ion are five-fold degenerate, as illustrated in Figure
2.2(a). However, if the transition metal ion is in an octahedral structure, the inter-electronic correlations
governed by the Hund rules are perturbed by the octahedral crystal field (Coulomb repulsion due to the
oxygen anions). Thus, the degeneration of the five d-orbitals is broken by the octahedral crystal field and
the orbitals are split in two groups with different energy levels: the e, doublet (32°-r* and x*-y* orbitals)
with high energy and the t,, triplet (zx, yz and xy) orbitals with low energy, as illustrated in Figure 2.2(a).
The orientation of these 3d-orbitals in the octahedra structure can be seen in figure Figure 2.2(b). The g,
orbitals are directed towards their oxygen neighbours and a 3d-electron in these orbitals has its energy
raised by the Coulomb interaction. The t,; orbitals are oriented between their oxygen neighbours, and
an electron in these orbitals has an energy less affected by these Coulomb interactions. The crystal field
splitting, Ac, (10Dg) between the t2g and eg orbitals depends on the transition metal, its valence and the
distance from the oxygen ions. The value of this splitting is about 2-3 eV in typical oxides with a

perovskite structure [22].

(a) (b)

Freeion Octahedral 4 ® ®
e e
e, = 2 of
2.2 A52.02 ) ) d(x’—y2
X4-y4, 3z%-r 1‘/.d(3z2-r2) o(x y°)
3d orbitals . 2
@
Acr (10 Dq) ® o °
e I o e o x n
Xy, Yz, X ¢ d(xy) ¢ d(yz) ¢ d(zx)
- » o
thg

Figure 2.2: (a) Schematic representation of 3d one-electron energy levels of a Mn free ion and in an octahedral
coordination where the degeneration of the five d-orbitals is broken by the octahedral crystal field. (b) Schematic
illustration 3d-orbitals taken from Maekawa et al. [22].

In the case of manganese oxides, A is in the order of 1.5 eV. However, it changes with Mn
valance. For example, typical values for Mn*, Mn** and Mn?* in oxides are 2.5 eV, 1.8 eV and 1.0 eV [23]
and estimates for manganese perovskites from soft X-ray spectroscopy are 2.4 eV for Mn* and 1.5 eV
for Mn*" [24].

Each of the five d-orbitals can accommodate one electron of each spin orientation (up and down).
The parallel electron spins are energetically favourable to fill in first, following the Hund first rule, due to

minimization of the Coulomb repulsion energy [25].
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2.1.3.Magnetism in transition metal oxides

The magnetism in materials arises from the coupling between magnetic moments leading to
magnetically ordered states. This coupling of the magnetic moments is known as exchange interactions.
Exchange interaction is described by the constant (J), which gives the separation of the electronic energy
levels for parallel and antiparallel spin orientation. The exchange interaction between the neighbouring
magnetic ions forces the atomic moments into parallel (ferromagnetism) or antiparallel
(antiferromagnetism) alignment with their neighbours. The ferromagnetic coupling of neighbouring
atoms is related to positive J>0, whereas antiferromagnetic properties, with antiparallel spin orientation
at neighbouring atoms below the critical Néel temperature, Ty, are due to a negative exchange constant
J<0. As a function of spin ordering, three types of antiferromagnetism are distinguished: A-type, the
intra-plane coupling is ferromagnetic while inter-plane coupling is antiferromagnetic; the C-type, the
intra-plane coupling is antiferromagnetic while inter-plane coupling is ferromagnetic; and the G-type,
both intra-plane and inter-plane coupling are antiferromagnetic. The phenomenon of ferromagnetism
and antiferromagnetism occurs below a critical temperature, T, above this temperature atomic

moments are randomly aligned, resulting in a paramagnetic phase.

In the case of a transition metal in the perovskite structure, the moments are coupled by an
indirect exchange. This indirect exchange couples moments over relatively large distances and it acts
through an intermediary, through non-magnetic ions, such as oxygen. The superexchange and the
double exchange are two possible mechanisms of indirect exchange which are particularly important in
transition-metal oxides. The first one describes how antiferromagnetic ordering occurs, for example in
the LaMnOs. On the other hand, the double exchange mechanisms take places in a mixed valence
compound, such as the oxide ferromagnet Lag;Sro3:MnOs;, and describe the magneto-conductive
properties of these materials. The double exchange predicts that this electron movement from one
species to another will be more energetically favourable if the electrons do not have to change spin
direction, thereby achieving the ferromagnetic alignment of moments.

The ferromagnetic behaviour is adequately described in the so-called band model, which is based
on the one-electron density of states, considered separately for the two possible spin orientations, up
(™) and down (/). There is an imbalance between the number of electrons of both electron spin
orientations and the spin system can be divided into majority (1) and minority ({/) spins. The
macroscopic ferromagnetic moment at low temperature, results from the excess of majority spins over
the number of minority spins. The ferromagnetic metals conduct in two independent channels of
conduction, one for each spin orientation. These two currents are coupled by spin mixing. However,
some materials present different density of states for each spin orientation at the Fermi level. For
example, in the so-called half-metals such as Lag;SrosMnO;, the density of states at the Fermi level is
zero for one spin direction and non-zero for the other. In this case, the material acts as a conductor

(metallic) to electrons of one spin orientation, but as an insulator to the opposite spin orientation.

2.1.4.Lanthanum manganites perovskites

Usually, the transition metal perovskite-type oxides take the name according to the transition

metal in the B-site. The transition metal in the structure of the complex perovskite oxide compounds
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studied in this work is the manganese (Mn), and such compounds are denoted as manganites (A,MnO3).
The A-sites in the manganite compounds studied in this work (LaMnO; and Lag ;Sre3MnQs) are totally or

partially occupied by La and they can be named lanthanum manganites.

The physical properties of manganites are mainly determined by the mixed valence state of the
manganese in the compounds. It is possible to obtain a mixed valence state of the Mn by various
substitutions of the A-site (AL and A%_) in the perovskite formula. If La* is completely occupying the A-
site, the Mn in the B-site is Mn3+, such as in LaMnOs. However, with the partial substitution of La3+, for
example by Sr*, it is possible to obtain a mixed valence manganese compound (La1-xSrxMn0O3). Thus, the
mixed valence oxides can be viewed as a solid solution between end members. For example, the end
members LaMnO; and SrMnO; with a formal valence state La**Mn>*03~ and Sr**Mn**0%™, lead to mixed

valence compounds, such as (La3*; Sr2*)(Mn3*, Mni*)0%~.

In the case of manganese, the nominal electronic configurations of Mn**, Mn** and Mn** are 3d°,

3d"and 3d?, respectively. The Mn** has a very stable configuration and a half-filled shell tgg)egT with S=§

(the electron spin angular momentum). The Mn*" and Mn*" have three spin-up electrons that fill the t2g

band but in the case of Mn*" there is another spin-up electron in the eg band, so Mn*" has the partly-
) . . 3 .
filled shell t23;eg1T with S=2, whereas the Mn*" has a shell tgg, with S=E. This occupancy of one-electron

energy levels in octahedral coordination is represented in Figure 2.3. In the case of compounds with
Mn*, the half filling of ey orbitals is the driving force for the symmetry breaking by the Jahn-Teller
distortion of the BOe octahedra. This distortion of BOs octahedron lowers the symmetry of the cubic
crystal field producing a tetragonal distortion of the octahedral with asymmetric B-O bonds and a
breaking of the degeneracy of 3z°-r* and x*-y° orbitals in such a way that the centre of gravity of the tz
levels and the centre of gravity of the eg levels is unchanged, as illustrated in Figure 2.3

e —.—\—’ 28,7
— e T
Acf
—a tzg{ 1,

Mn2+ Mn3+ Mn4+

Figure 2.3: The occupancy of one-electron energy levels for Mn*, Mn>* and Mn®. The effect of Jahn-Teller
distortion is to lower the energy of Mn** resulting in a tetragonal distortion, but it leaves the others unchanged.
Figure adapted from Coey et al. [9].

Across the mixed valence states obtained by the substitution in the A-site, the properties of
transition metal perovskite-type oxides may be completely altered, as shown for the mixed valence
manganese compound La1-xSrxMnO3 in Figure 2.4. The end members of this compound at low

temperatures have an antiferromagnetic and insulator behaviour, which is the case of LaMnO; that
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presents A-type antiferromagnetism, while a compound with values of x around 0.33 has a
ferromagnetic and metallic behaviour. Moreover, at these values of x, the Curie Temperature (T,) is
maximum, T.=370 K [26], which is above room temperature. This makes very interesting the use of this
material for the development of room temperature devices.
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Figure 2.4: Phase diagram of La.,Sr,MnOj; as a function of Sr concentrations (x). Figure taken from Szewczyk et al.
[27].

2.2.Thin film heterostructures: strain engineering

2.2.1.Nucleation and growth mechanisms

The first processes taking place during the thin film deposition are the nucleation and growth
process. They determine the structure and morphology of a particular film and the related interface
between film and substrate. Before obtaining a continuous film, a sequence of nucleation events occur
during the early stage of deposition, typically accounting for the first few hundred angstroms of film
thickness. The nucleation can occur in a number of ways, at step edges, defects, etc., and once the
critical nucleus size is reached, the growth of nucleus can occur in many ways. Different growth modes
can be described in more detail with simple thermodynamic models for the nucleation and growth of
film materials. Thus, the morphology of the film that grows on top of the substrate will depend on the
balance between surface and interface energies and the growth modes may be expressed in terms of
the interfacial energies, y, [28, 29].

The mechanical equilibrium among the horizontal components of the interfacial energy between

the constitutive phases yields Young’s equation

Ysv = Vgs T Vfv COSO (Eq. 2.2)

where y;, is the surface free energy of the substrate-vacuum interface, y; is the surface free energy of
the film-vacuum interface, )4 is the surface free energy of the substrate-film interface and 6 is the

contact or wetting angle. This equation provides a way to distinguish and better understand the three
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basic modes of film growth illustrated in Figure 2.5 and namely: (a) island growth or Volmer-Weber, (b)

layer-by-layer or Frank-Van der Merwe, and (c) Stranski-Krastanov [28, 29].
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Figure 2.5: lllustrations of the basic growth modes: (a) Island growth, (b) layer-by-layer growth and (c) Stranski—
Krastanov growth. Figure taken from Martin et al. [30].

(a) Island growth (Volmer -Weber growth) occurs when y., < ¥4 + ¥4 which makes 6 > 0. If the
influence of 4 is disregarded, this relation suggests that island growth occurs when the surface energy
of the film exceeds the surface energy of the substrate. This happens as atoms or molecules in the
deposit are more strongly bound to each other than to the substrate. Thus, the smallest stable clusters
nucleate on the substrate and grow in three dimensions to form islands. This is often the case when the
film and substrate materials are dissimilar. This growth mode is typically observed in the growth of
metal and semiconductor films on oxide substrates [28], but there are also a few examples of oxide films
on oxide substrates [31, 32].

(b) Layer-by-layer growth (Frank=Van der Merwe growth) happens when y,, 2 )4 + ¥ Which
makes 8 = 0. In this growth mode, a film with low surface energy wets a substrate with a higher surface
energy. This growth mode displays the opposite characteristics of island growth, the atoms or molecules
in the deposit are more strongly bound to the substrate than to each other. Here, the extension of the
smallest stable nucleus occurs in two dimensions, resulting in the formation of planar films. When the
first monolayer is complete, it is covered with a slightly less tightly bound second layer, so each new
layer starts to grow only when the last is completed. A classic example of this growth mode is the
epitaxial growth of oxide and semiconductors materials. The field of oxide thin film growth has

developed around the ability to control materials through this and other similar growth modes [30].

(c) The layer-by-layer plus island or Stranski-Krastanov (S-K) growth mechanism is an
intermediate combination of the previous two modes. Thus, initially ys, 2 ¥ + ¥4 takes place and one or
several complete monolayers are formed. However, elastic energy is stored in the film due to interfacial

tensions as a result of the film-substrate lattice mismatch, and after a certain thickness it gives y;, < yp +

12



General concepts of epitaxial thin films of functional perovskite-type oxides

¥ and island growth occurs. This growth is common and has been observed in a number of metal-metal

and metal-semiconductor systems.

In the case of octahedral framework systems, as transition metal perovskite-type oxides, the
flexibility of the lattice to accommodate large interfacial dissimilarities favours layer by layer grown,
wetting of the substrate, hindering of the formation of islands [33]. However, the formation of island
growth has been obtained by the combination of different structural families using chemical solution
deposition, such as perovskite/rock-salt (Lao.7Sr0.3Mn03/MgO) [31], fluorite/perovskite (CeO2/LaAlO3)
[34], and perovskite/fluorite (Lao.7Sro.3Mn03/Y-stabilized ZrOz2) [32]. Moreover, the strong sensitivity of
the growth mode to interfacial subtleties has been demonstrated in pulsed laser deposited Y-stabilized
Zr02/SrTiO3 (fluorite/perovskite) system, in which the fluorite film formed continuous films or islands
depending on the atomic termination plane of the SrTiO3 substrate [35].

However, other than thermodynamic considerations, growth is also dependent on the kinetics of
the system, including the rate of adatom arrival, temperature and pressure, which are the tools used to

control the growth of these materials [30].

2.2.2.Epitaxial strain and relaxation mechanism

Epitaxial growth is the extended single-crystal film formation on top of a crystalline substrate. The
epitaxial strain is obtained as a result of epitaxial growth, which submits the film structure to in-plane
biaxial strain, either compressive or tensile depending on the cell parameter mismatch with the
substrate. Thus, an important characteristic of epitaxy is the lattice mismatch strain or misfit (f)
between the grown film and the substrate, which is defined as:

f= asa—faf (Eq. 2.3)
where af and a; are the bulk lattice parameters of the film and substrate, respectively. Typically, |f] <
0.1 (in terms of absolute value) is a requirement for epitaxy [30]. Following the definition of the
mismatch in the (Eq.2.3), a positive sign of f means that the equilibrium cell structure of film is smaller
than the substrate and therefore when growing on a larger substrate the film is submitted to a tensile
stress. In contrast, a negative sign of f means the film is submitted to a compressive stress. A specific
amount of strain can be imposed on a film by the substrate, according to the choice of mismatch

between the lattice constants of the substrate and the film and their relative orientations.

There are two main types of epitaxy: homoepitaxy and heteroepitaxy. Homoepitaxy refers to the
growth of a film on a substrate of the same material, thus film and substrate are identical, the lattice
parameters are perfectly matched and there is no interfacial-bond straining. In the case of
heteroepitaxy, the film and substrate are different materials and the lattice parameters are unmatched,
but have similar structures to guide the growth of the film. If the lattice mismatch is very small, then the
interfacial structure is essentially like a homoepitaxy (Figure 2.6(a)). However, differences in film and
substrate chemistry and thermal expansion coefficient can strongly influence the electronic properties

and perfection of the interface. If the lattice parameters are slightly more mismatched, substrate and
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film lattices strain to accommodate their crystallographic differences during the early film formation
stages and a coherent interface results from a lattice strain, presenting a perfect lattice matching (Figure

2.6(b)). This usually occurs between dissimilar materials which have the same crystal structure.

FILM

+ 4+ +

SUBSTRATE

MATCHED STRAINED RELAXED

Figure 2.6: Schematic representation of different heteroepitaxial growths and the resulting interfaces. (a) A film
and substrate with a very small lattices mismatch, similar to a homoepitaxy, (b) strained epitaxy with a coherent
interface and (c) relaxed epitaxy with a partially coherent interface. Figure taken from Ohring [28].

According to the classical model by Frank and van der Merwe [36] and Matthews-Blakeslee [37],
very thin films strain elastically to incorporate the same interatomic spacing as the substrate, via an
elastic deformation. This type of film growth is usually referred to as pseudomorphic and gives rise to a
coherent film. Assuming that the film and substrate have the same Young's, Y, modulus and same shear,
G, modulus, the elastic strain energy, £, is defined as £.= YhEZ/(l — v), where € is the biaxial elastic
strain, v is Poisson's ratio and h the film thickness. As the film thickness increases, the elastic strain
energy also rises. Above a critical thickness, h., the elastic strain energy surpasses the energy associated
with a relaxation of the film by misfit dislocations, via a plastic deformation. Thus, above the critical
thickness, total strain energy Er (per unit area) is a sum of the elastic and dislocation energies
Er=E, + E;. The Peierls-Nabarro model holds that a pure edge dislocation only accommodates
uniaxial strain [38]. Thus, the biaxial strain in the films is necessarily accommodated by the formation of
a square grid array of misfit dislocations, as shown in lattice-mismatched heterostructures of IlI-V
semiconductors, such as GaAsP/GaAs [39]. Assuming that misfit dislocations are arranged in a square
grid with a spacing of S, the elastic strain in the film is reduced from its initial misfit value f to €= f -
b/S, where b is the magnitude of the Burgers vector. The quantity b/S is proportional to the number of
misfit dislocations. As the film thickness increases, misfit dislocations progressively accommodate
interfacial strain in the system, leading to a relaxed epitaxy film. This relaxed epitaxy film is obtained
when b/S = f, and the film strain disappears [28]. A semi-coherent interface results from a relaxed film

by misfit dislocations. This kind of interface presents dislocations and a partial matching (Figure 2.6 (c)).
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However, epitaxial perovskites often avoid misfit-dislocation mechanisms, and misfit strain is
relieved by a combination of symmetry changes and ferroelastic domains. Some examples are found
among a variety of functional films, such as ferroelectric PbTiO; [40], multiferroic BiFeO; [41] and
TbMnQOs; [42], and half-metal Lao.7Sr0.3MnQO3 [43, 44].

2.2.3.Interfacial effects

The chemical and structural arrangement of an interface may be different depending on the
substrate morphology and roughness, chemical interactions, diffusion rates, and nucleation processes.
Two main types of interfaces can be distinguished: sharp and rough. The sharp interface is characterized
by a sudden change from the film to the substrate within an atomic spacing distance. Such interfaces
arise because of low interdiffusion rates and the lack of interaction between film and substrate atoms.
The rough interface is a result of either a preexisting substrate morphology roughness, the interdiffusion
between the film and substrate atoms (referred to as a diffusion interface) or due to the formation of a
new compound at the interface (a compound interface). A diffusion interface is characterized by a
gradual change in composition between film and substrate. In contrast, a compound interface is
characterized by a layer or multilayer structure which is created by chemical reaction and diffusion

between film and substrate atoms. Schematic illustrations of these interface arrangements are show in

Figure 2.7.
(a) (b) (c) (d)
0000000 0000000 0000000 0000000
0000000 0000000 0000000 0000000
0000000 0000000 Q000000 0000000
0000000 0000000 0000000 0000000

0000000 0000000 0000000 ©000000O0
0000000 0000000 0000000 000000O

Figure 2.7: Interface arrangements: sharp interface (a) and rough interface (b)-(d). Different kinds of rough
interface are presented: (b) preexisting substrate roughness, (c) inter-diffusion interface and (d) new compound
interface, respectively.

In furthermore, the interfaces react to accommodate the dissimilarities between the film and the
substrate in a cooperative way. Thus, the subtle equilibrium among the different degrees of freedom of
the system is perturbed [1, 33]. As a result of the dissimilarities between the film and the substrate,
misfit strain, polar discontinuity and modification of the octahedral tilting arrangement may occur at the

interface. These are discussed further below.

Misfit strain

As has been previously mentioned, the coherent growth of a film on a substrate produces an
elastic strain to accommodate the lattice mismatch between the film and the substrate. The change in
the in-plane lattice parameter may be accommodated entirely by two different possibilities: a change in
the in-plane metal-oxygen bond lengths or a change in the type and/or magnitude of the tilt patterns
and rigid rotations of the oxygen octahedra. The first accommodation mechanism changes the B-O bond

length while the B-O-B bond angles remain unchanged. This accommodation mechanism may produce a
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tetragonal distortion of the film; the in-plane parameter is adapted to the in-plane parameter of the
substrate by a reduction or an elongation of the equatorial B-O bond lengths due to compressive or
tensile strain, respectively (Figure 2.8(a) and (b)). In the second accommodation mechanism, the B-O-B
bond angles change while the B-O bond length remains unchanged. The rotation of the octahedra may
be about the axis perpendicular or/and an axis parallel to the substrate as is shown Figure 2.8(c) and (d).

These two accommodation responses will have drastically different effects on the functionalities
of the film. A change in the B-O bond length will affect the magnitude and symmetry of the crystal field
splitting, whereas changes in B-O-B bond angles determine the strength and the sign of magnetic
superexchange interactions [45, 46]. However, both mechanisms generally occur simultaneously. Based
in the calculations of Rondinelli and Spalding [1], it could even happen in counterintuitive ways: a
compressive strain may cause an increase in the B-O length if the B-O-B angle change dominates, and
viceversa. Most of the calculations have been proven to predict the fully strained situation, however,
upon the strain is partially released by the formation of defects a new scenario occurs, which may show
changes in the B-O length, B-O-B angle and octahedra arrangements.
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Figure 2.8: Schematic representation of film in-plane lattice parameter accommodation mechanism, through a BOg
distortion by a contraction (a) or elongation (b) of the equatorial B-O bond lengths or through a rotation
perpendicular to the substrate (c), and/or about an axis parallel to the substrate plane (d). Figure adapted from
Rondinelli and Spalding [1].

In the case of a cubic structure grown on a cubic structure; the misfit strain is principally defined
by the in-plane lattice mismatch. However, in the case, for example of a rhombohedral structure on a
cubic structure, the total misfit strain is defined by the in-plane lattice mismatch and shear strain. This is
the case of Lao.7Sr0.3Mn0O3 grown on SrTiO;, in which discrepancies between the predictions of the
theoretical models and the experimental results have been observed in the relaxation mechanism of this
system [43]. These discrepancies are an example of the ability of materials to propagate interfacial
perturbations to the film at a lower energy cost than that associated with the formation of the misfit

dislocation network needed to plastically relax the stored strain energy [33].
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Misfit strains have important consequences on the electronic structure of the films. They have the
ability to break the (x* - y*)/(32* - r?) orbital degeneracy [47], similar to the Jahn-Teller distortion, thus
modifying their electron occupancy and eventually leading to orbital reconstructions. Preferential orbital
occupancies in the eg doublet induced by the interface have been shown by X-ray linear dichroism
investigations [48, 49]. The first studies concluded that the out-of-plane 32> - r* orbitals are preferentially
occupied independently of the specific nature of the interface, as an intrinsic consequence of the
symmetry breaking [48]. However, a later investigation, which revealed that the observed X-ray linear
dichroism is rather a consequence of the superposition of interfacial and free surface effects, found that
a tensile strain favours the occupancy of the in-plane x* - y* orbitals, while a compressive strain favours
the occupancy of the out-of-plane 32% - r* ones, in agreement with simple electrostatic arguments [49].

Polar discontinuities

The polar discontinuities may arise from the fact that individual atomic layers AO and BOz2in ABO3
perovskites can be electrically charged. Figure 2.9 depicts a partial view of the possible interfaces: B-site
termiated (a) Lag;Sro;MnO; on AlO* terminated (001)LaAlO3, and (b) Lag;Sroz;MnO; on TiO* terminated
(001)SrTiOs. Thus, the net charge per area unit is +2/3e and -2/3e in Lag;SrosMnQs, zero in SrTiO3, and

+le and -1lein LaAlO3 (e is the electron charge).
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Figure 2.9 : The polar discontinuity illustrated for atomically abrupt (001) interfaces between Lay;Sro;MnO; on (a)
AlO” terminated LaAlO3 and (b) TiO” terminated SrTiO3.

In the absence of any interface reconstructions, the polar discontinuities lead the electrostatic
potential to divergence with thickness, resulting in the so-called polar catastrophe [50], which forces the
interfacial reconstruction. Nakagawa et al. [50] suggested that in transition metal perovskite-type
oxides, chemical roughening is not the only option for a charge rearrangement; mixed valence charge
compensation can occur if electrons can be redistributed at lower energy cost than redistributing ions.
Their analysis of distribution of charges and ions across the LaAlO;-SrTiO; interfaces showed an
asymmetry between the different plane termination sequences, indicating that in one case the charge

rearrangement is compensated by the electrons while in the other is compensated by the ions [50].

The reconstruction due to the polar discontinuities often leads to unanticipated behaviours.
These however, in some cases are unwanted as they alter the intrinsic material properties at the

interface. An example is the polar discontinuity in Lao.7Sr0.3MnO3 on SrTiOs. The Lao.7Sr0.3Mn0O3 exhibits
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metallic behaviour and mobile charges can screen the diverging potential [51], resulting in a
compensating charge transfer of 1/3e. This would lead to a shift of the Mn valence at the interface
towards 3%, as confirmed by different spectroscopic analyses [43, 52, 53]. This charge enrichment
together with a preferential occupation of d-e, 372%-r* orbitals [48, 54] leads to a local C-type
antiferromagnetic ordering at the interface, the so-called "dead-layer", which is a few unit cells in width
and exhibits a large decrease in conductivity [43]. Thanks to the progress in the atomic control of
interfaces in oxide heterostructures, the detrimental effects of the dead-layer can be avoided by precise
modifications of the interfacial architecture [55], or polar discontinuities can even be exploited to
intentionally induce hole doping avoiding the disorder effects typically associated with chemical doping
[51].

Octahedral tilt discontinuities

A more subtle dissimilarity is that between the octahedral tilt systems of the film and the
substrate. The substrate tends to transmit its octahedral pattern to the film, or viceversa, which is
referred to as interfacial octahedral coupling. Interfacial octahedral coupling has motivated intense
research on engineering novel tilt patterns with specific functionalities across the use of this
phenomenon [1, 56, 57]. Octahedral coupling across the interfaces is supported by recent advances in
electron microscopy, which have provided direct access to oxygen positions [58, 59]. An example is the
propagation of the octahedral tilt pattern of a rhombohedral LaAlO3 substrate into an epitaxial cubic
SrTiOs film that has been directly determined using the negative spherical aberration imaging technique
[58].

2.2.4.Self-organized defects

A local defect disturbs the regular arrangement of atoms in a perfect crystal structure. Defects can
be generated during the relief of the strain, such as misfit dislocations or domain walls between crystal
domains with different orientation. These defects influence many film properties, such as chemical
reactivity, electrical conduction and mechanical behaviour [28]. The interest in these defects is due to
the fact that the core of defect the often shows a different structure and symmetry from the rest of the
film material at the nanoscale [60-62], and they may be considered a different phase with a different
behaviour. Moreover, some of these defects exhibit a strong tendency towards self-organization with

characteristic length scales of around tenths of nanometres.
The defects may be classified as point, line, planar or volume defects.

Point defects:

Point defects occur only at a single lattice point that can be either a lattice site or a non-lattice
site. The different possible point defects are: a vacancy, interstitial atoms and substitutional atoms. The
vacancy is formed by the removal of an atom (cation or anion) from an atomic site while interstitial
atoms are formed by the introduction of an atom into a non-lattice site. The atom introduced at this
interstitial site may be an atom of the parent lattice (self-interstitial atom) or an extrinsic atom (impurity
interstitial atom). In substitutional atoms, an atom of the parent lattice lying in a lattice site is replaced

by the extrinsic atom. It is known that vacancies and interstitials can be produced in materials by plastic
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deformation and high-energy particle irradiation. All the point defects mentioned produce a local
distortion in the perfect lattice. Moreover, additional effects are important when the removal or
addition of atoms (cation and anion) changes the local electric charge in the lattice. To preserve an
overall neutral charge, the vacancies must occur either in groups of opposite sign, forming di-vacancies
known as Schottky defects, or in association with interstitials of the same ion, Frenkel defects. Another
defect, that does not correspond to any of the point defects described previously, is an antisite defect.
This type of defect is defined as the exchange between the positions of atoms of differences species. For
example, in the case of perovskite structures, the introduction of an A cation in a B perovskite site
together with the introduction of B cations at the A site.

Linear defects: dislocations

Linear defects are commonly called dislocations. The dislocations can be described as being
caused by the termination of a plane of atoms in a crystal or by inserting an extra plane of atoms.
Dislocation lines can end at the surface of a crystal and at grain boundaries, but never inside a crystal.

Thus, dislocations must either form closed loops or branch into other dislocations [63].

The most useful definition of a dislocation is given in terms of Burgers circuit. The Burgers circuit
is any atom-to-atom path taken in a crystal containing dislocations which forms a closed loop. If the
same atom-to-atom sequence is made in a crystal and the circuit does not close, then the circuit must
enclose one or more dislocations. The vector required to complete the circuit is the Burgers vector, b
[63].

Two main types of dislocations are edge and screw dislocations. A dislocation has two
characteristics that allow these two types of dislocations to be distinguished: a line direction (u), which
is the direction running along the edge of the extra plane; and the Burgers vector, which describes the
magnitude and direction of distortion to the lattice. In an edge dislocation, the Burgers vector is normal
to the line of the dislocation (b - u = 0) while in a screw dislocation the Burgers vector is parallel to it
(b -u # 0). In the most general case, the dislocation line lies at an arbitrary angle to its Burgers vector
and the dislocation line has a mixed edge and screw character. However, the Burgers vector of a single
dislocation has fixed length and direction, and is independent of the position and orientation of the

dislocation line [63].

The dislocation can move through the crystal when enough force or stress is applied from one
side of the crystal structure, breaking and joining bonds with them until it reaches the grain boundary.
The plane containing the dislocations line and the Burgers vector is the glide plane. In order to facilitate
the movement through the crystal lattice the dislocations can decompose into partial dislocations.
Considering a dislocation with a Burgers vector, b it can be decomposed into partial dislocations with
Burgers vectors b; and b,, if the energy state of the sum of the partials is lower than the energy state of
the original dislocation. This is summarized by Frank's Energy Criterion: b > b, + b, is favourable to

decompose into partial dislocations while b < b, + b, is not favourable [63].

In the case of thin film hetersotructures, as previously mentioned, the formation of misfit

dislocations at the interfaces is the common relaxation mechanism for relieving the misfit strain. The

19


https://en.wikipedia.org/wiki/Atom
https://en.wikipedia.org/wiki/Crystal
https://en.wikipedia.org/wiki/Burgers_vector
https://en.wikipedia.org/wiki/Partial_dislocations

Chapter 2

misfit dislocations often arrange themselves into highly ordered periodic patterns, induced by the
repulsive forces between misfit dislocations, as well as their mobility along the interfaces, which
depends on the elastic properties of the material and the deposition conditions. As was previously
mentioned, the relation between the lattice strain and the misfit dislocations is given by f = b/S for a
relaxed film. Dislocation spacing within the 10—-30 nm range are commonly obtained, which is far below
the miniaturization limits achievable in oxides by top-down approaches [64]. As expected, an increase in
f results in an increase in misfit dislocation density [65]. Thus, dislocation spacing can be manipulated
through an appropriate choice of the substrate and film thickness

Planar defects

Planar defects disrupt the long-range stacking sequence. Examples of planar defects are: grain
boundaries, stacking faults and twin walls. The grain boundary occurs where a crystallographic direction
in a crystal changes drastically, for example, between two randomly oriented grains. A stacking faultis a
change in stacking sequence of atomic planes resulting from the removal or introduction of an extra
layer. The twin wall acts as a mirror plane between adjacent orientational domains, or twin domains,

generally formed by phase transition from a high symmetry phase to a lower symmetry.

Volume Defects

Volume defects, such as precipitates, voids and bubbles can occur under certain circumstances
and have important effects on the properties of crystalline solids [63]. The formation of a random
distribution of precipitates or phase segregations in a material may produce a nanocomposite formed by
the base material and the phase segregated. A novel concept to develop new functional devices is based
on the self-organization of vertical heteroepitaxial nanocomposites (VHN) [66, 67]. Thus, if the
segregated phase has a vertical orientation the resulting nanocomposite can be considered as a VHN.
Lap 7Cap3Mn0O;3 [66] or Lag;SresMnO; [68, 69] base nanocomposites are examples of self-assembled
VHN, which highlight this new physical phenomena.
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Methodologies and Methods

The aim of this chapter is to describe the methodologies and methods used in relation to the
structural characterization of the thin films investigated in this study, with special attention paid to
transmission electron microscopy (TEM). Techniques to grow films and to characterize their physical
properties are also introduced.

3.1.Transmission Electron Microscopy

TEM is a powerful tool for materials science investigation. It has different operation modes and
a broad range of characterization techniques which can offer a variety of information. It can reveal
structural and chemical information with atomic resolution using electron diffraction, imaging and
spectroscopic analysis. The main content of this section is based on the text books given in Ref. [70]
and [71].

3.1.1.Techniques and equipment employed

A variety of TEM techniques were used for the characterization of the films presented in this
thesis. Conventional TEM, high resolution (HR)TEM measurements, selected area electron diffraction
(SAED), diffraction contrast imaging, scanning (S)TEM (high angle annular dark field (HAADF),
medium angle annular dark field (MAADF) and low angle annular dark field (LAADF)) imaging,
spectroscopic analyses (energy dispersive X-ray spectroscopy (EDS) and electron energy loss
spectroscopy (EELS)) were performed with a FEI Tecnai F20 S/TEM equipped with a field emission
gun (FEG) and operated at 200 kV. This microscope is located at the Institut Catala de Nanociencia i
Nanotecnologia (ICN,), Bellaterra, Spain. Conventional TEM and diffraction contrast imaging were
also performed with a Jeol JEM-2011 operating at 200kV at the Servei de Microscopia, Universitat
Autonoma de Barcelona (UAB), Bellaterra, Spain. A FEI Tecnai F20 SACTEM equipped with Schottky
FEG, a spherical aberration corrector (120 pm resolution) and operated at 200 kV was used to obtain
HRTEM images with higher spatial resolution. In addition, a Hitachi HF3300 electron microscope
working at 300 kV and equipped with a cold FEG and an imaging aberration corrector CEOS aplanator
was also used to obtain HRTEM images in planar view orientation. Both microscopes are located at
the Centre d’Elaboration de Matériaux et d’Etudes Structurales (CEMES - CNRS), Toulouse, France.

Annular dark field (ADF) images and EELS spectrum-images (SI) of cross-section samples were
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acquired using a Nion UltraSTEM 200 operating at 100 kV at Laboratoire de Physique des Solides
(LPS)-CNRS, Orsay, France. HR-STEM imaging combined with spectroscopic analysis (EDS and EELS) at
atomic scale were obtained with a FEI Titan®™ G2 60-300 S/TEM and Titan®™ 80-300 S/TEM operated
at 300 kV. Both microscopes were equipped with a FEG and a monochromator. Titan®™ G2 60-300
S/TEM was equipped with a third order-image aberration corrector (130 pm resolution), a Super-X
four quadrant detector and a Gatan Quantum dual EELS spectrometer, and Titan®™ 80-300 S/TEM
was equipped with a third order probe aberration-corrector (70 pm). Both are located at Center for
Electron Microscopy and AnalysiS (CEMAS), Materials Science and Engineering department of Ohio
State University (OSU), Columbus, USA.

3.1.2.TEM sample preparation

The thin film specimens must be electron transparent to be observed by TEM, so their
thickness has to be less than 100 nm. However, it is better for the interpretation of the experimental
results, especially for performing HRTEM or electron spectroscopy, if they are as thin as possible i.e.,
only a few tens of nm. Therefore, the method for preparing the TEM sample is an important first step

in obtaining good TEM results.

There are many ways to prepare a TEM specimen. The method varies depending on the kind of
samples to prepare. In this study, traditional mechanical polishing was used to prepare the thin film
samples for observation by TEM. With this method, preparing a sample normally requires a few days,
which is longer compared with other methods of TEM thin foil specimens, for example using a
focused-ion beam instrument which only needs a few hours to prepare a sample. However,
mechanical polishing is cheaper and allows larger viewing areas, while being less aggressive and
avoiding possible ion implementation effects.

TEM samples can be prepared in cross-section or in planar view orientations relative to the
surface plane of the thin film sample, depending on the observation of interest. If a cross-section
view is required then the plane of polishing must be perpendicular to the film-substrate interface
and it is then possible to observe the film and the substrate separately as well as the interface
between them. The first step to prepare a cross-section consists of cutting two equal slides of the
sample using a diamond wire. The cut is made perpendicular to the zone axis of interest, [100] or
[010], as was the case of the samples presented in this work. Then the two slices are glued together
face to face with epoxy resin. The result is a sandwich with the substrate on the external parts and
the film in the internal part with a thin layer of epoxy in the middle. In this study, the sandwich was
then cut in small slices, with a width of 600 um, and one of these slices was polished until the sample
had a thickness of less than 20 um using a Multipolishing machine and grinding papers of decreasing
diamond crystallite radius from 15 pum to 0.1 um. An alcohol based lubricant was used during the
polishing. The reduction of the thickness during the polishing was controlled by a micrometre. In
parallel, an inspection of the polishing surface was performed using an optical microscope to check
that there were no furrows or scratches. For better manipulation, the sample was glued in a
commercial copper TEM ring of copper of 3 mm diameter with a hole in the centre with a diameter

of 1 mm or 1.5 mm or 1 mm x 2 mm (ellipsoid hole) depending of cut and the original size of the
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sample. Finally, ion (Ar’)-milling with a Precision lon Polishing System (PIPS), Gatan, Inc., using a low
angle (6° - 7°) and low acceleration voltage (3-5 KeV), was performed until a hole was created. Finally,

the voltage was decreased to 0.1 KeV to obtain larger and cleaner viewing areas.

In the TEM sample planar view, the film and the substrate are superposed. Normally, this kind
of sample is easier to prepare than cross-section. The plane of polishing is parallel to the film-
substrate interface, so the film is protected and only the substrate is polished. The rest of the process
is the same as in cross-section. In this study, the sample was polished manually to obtain a thickness
of less than 20 um. A copper TEM ring was then glued on top of the sample which was then thinned
with an ion milling using the PIPS until a small hole appeared surrounded by an electron transparent

area.

3.1.3.Interaction of electrons with matter

The variety of information that can be obtained by TEM is due to the wide range of signals that
arise when electrons interact with a specimen. The signals used in this thesis are summarized in
Figure 3.1. When the incident electrons interact with the specimen atoms, they can be deflected by
passing close to other electrons or the positive nucleus of an atom. These Coulomb (electrostatic)

interactions cause electron scattering which can be classified in terms of coherency and elasticity.

Incident electrons beam

Characteristic X-ray

EDS \

SPECIMEN
Incoherent elastically /
scattered electrons
HAADF
Incoherent inelastically

Coherent elastically scattered electrons
scattered electrons EELS, EFTEM

ED, TEM, BF-STEM <+

Direct electron beam
(Unscattred electrons)

Figure 3.1: Schematic representation of some of the resulting signals that arise when electrons interact with a
specimen.

The separation of the electron scattering into coherent and incoherent can be done if the
electrons are considered as waves. If the electrons maintain a phase relationship after the scattering
event, they are termed coherently scattered electrons while if they end up with no phase

relationship between them they are termed incoherently scattered electrons.
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Elasticity, on the other hand, is based on the particle nature of the electrons and is related to
the degree of electron energy loss after scattering. If there is no energy loss, the result is termed
elastic scattering whereas if there is some measurable energy loss, the result is termed inelastic
scattering. Elastic scattering involves Coulomb interaction with atomic nuclei (by Coulomb attraction
by the nucleus). If an incident electron approaches close enough to the nucleus, it is deflected
through a large angle (Rutherford scattering). However, the majority of electrons travel further from
the nucleus centre of an atom and incident electrons are therefore scattered through small angles.
Elastic scattering is usually coherent, if the specimen is thin and crystalline. Elastic coherently
scattered electrons occur at relatively low angles (<10°) in the forward direction and are used in
imaging and diffraction modes (TEM, ED and bright field (BF)-STEM). At higher angles (>10°), elastic
scattering becomes more incoherent and is used in HAADF imaging modes.

In contrast, inelastic scattering occurs as a result of Coulomb interactions between an incident
electron and the electrons that surround each atomic nucleus (by Coulomb repulsion). The incident
electron might transfer a part of its energy to an electron localized in any of the atom’s electron
shells. In the interaction with an inner-shell electron, an incident electron can transfer an amount of
energy to an inner-shell electron, leading to the ejection of this electron and a reduction in the
incident electron energy. Inelastic electron scattering is predominantly used in analytical electron
microscopy, providing chemical and other types of information about the specimen, and are
measured with EELS and energy filtered transmission electron microscopy (EFTEM) analysis. As a
result of the inner-shell scattering, the atom is highly excited (or ionized) and will rapidly lose its
excess energy, leading to the emission of electromagnetic radiation characteristic (X-rays) or Auger
electrons. X-rays collected by EDS are also commonly used in analytical electron microscopy.

3.1.4. Basics of TEM

A TEM microscope is similar to an optical device, transferring information from the specimen
to an image. The optics consist of a series of lenses and apertures aligned along the optic axis, as
illustrated in the scheme of a conventional TEM (in imaging mode), shown in Figure 3.2. The TEM
illumination system is formed by an electron gun and condenser lenses, which can provide either a
parallel or a convergent beam. In the case of conventional TEM imaging and ED patterns, the
specimen is illuminated by a parallel electron beam, whereas the specimen is illuminated by a

convergent electron beam in STEM imaging, convergent beam diffraction and EELS and EDS analysis.

The image formation process in a conventional TEM starts with a parallel beam incident onto
the sample. Electrons coming from the illumination system are scattered by the sample located in
the object plane of the objective lens. Scattered electrons coming from the same point of the sample
are focused on the image plane of the objective lens, leading to the first intermediate image.
Conversely, electrons scattered in the same direction are focused on the back focal plane, leading to
the formation of a diffraction pattern. The change in the strength of the intermediate lens allows
selection of either the image plane (real space) or of the diffraction pattern (reciprocal space) for the
second intermediate image. Finally, a set of projection lenses magnify and projects the intermediate

image towards the viewing screen or computer display.
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Figure 3.2: Schematic illustration of an ideal electronic microscopy in TEM image mode.

In the case of STEM images, electrons are focused before they reach the specimen to form a
small electron probe which is then scanned over the specimen. The generated signal at each point is

simultaneously recorded by selected detectors building up an image [72].

However, it is never possible to transfer all the information because of imperfections in the
lens system, which can cause loss of some data and distorted images. The main lens aberrations are
astigmatism, spherical and chromatic. Astigmatism aberration can be corrected during instrument
alignment. The spherical and chromatic aberrations limit the resolution in TEM. However, the
implementation of spherical aberration correctors in modern microscopes has pushed the achievable
spatial resolution for imaging and spectroscopy into the sub-angstrom region [73-78]. These
aberration correctors can be set up in the TEM column to compensate the condenser lens (probe-

corrected) in STEM mode, or the objective lens (image-corrected) in TEM mode.

The different images modes and the characteristic information provided by each mode are
now examined.
3.1.5. Electron diffraction

Electron diffraction (ED) provides basic information on structure, symmetry and atomic
arrangements in crystalline materials. It is a collective scattering phenomenon with electrons being

elastically scattered by atoms in a regular array. The incoming plane electron wave interacts with the
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atoms and secondary waves are generated, which interfere with each other, in either a constructive
or a destructive manner. The result of the propagation electron wave through the crystal is a
diffraction pattern comprising a regular array of scattered intensities. The electron diffraction pattern
is basically the projection of the reciprocal lattice section in the plane of the crystal normal to the

incident beam.

The relation between interplanar distance (d,q) and diffraction angle (8), which is the distance
between the reflection and the origin of the reciprocal lattice, is given by the Bragg law [79],

n\ =2 dhk|5ine , (Eq 31)

where A is the wavelength of the electron incident beam and n is the diffraction peak order.
Interplanar distances (dy) can be measured because the wavelength A of the electrons is known. The
electron diffraction pattern provides the interplanar distances (d) of the (hkl) planes belonging to a

[uvw] zone axis, which is defined as the incident beam direction with respect to the specimen.

If the specimen is crystalline or has a periodic structure, the diffraction pattern consists of
sharp Bragg reflections. The measured distances from the centre spot (transmitted beam) to the
diffraction spots yield the dy for each spot in the electron diffraction pattern. The measurement of
dng together with the angles between the planes permits phase identification. In addition, a
deviation of the pattern periodicity can be easily detected, allowing the identification of different
crystalline phases or the presence of defects. Furthermore, by using the selection area aperture it is
possible to select a specific region in the crystal (across the TEM image) to obtain a diffraction

pattern with the contribution of the diffracted beams coming only from the selected region.

In this work, electron diffraction was used as follows: i) to set the material in a zone axis, which
is one of the first steps in a TEM session and is specially required for HRTEM images in thin films; ii)
to analyse the structure of specific regions by obtaining a ED pattern or a selection area (SA)ED; and
iii) to perform diffraction contrast images and analysis. All these types of images are discussed in the

following section.

3.1.6.TEM imaging

TEM images are formed by coherent elastic electron scattering. There are two forms of
contrast leading to two main types of TEM images: amplitude contrast images and phase contrast
images. The contrast in amplitude contrast images is attributed to the change in amplitude of either
the transmitted beam or the diffracted beam. Thus, amplitude contrast results from variations in
mass or thickness, or a combination of the two, due to the absorption, dynamic scattering or
microstructural features. In the case of the phase image, the contrast arises from differences in the
phase of the electron waves scattered thought a thin specimen. The main difference between phase
contrast and amplitude contrast images is the number of beams collected by the objective aperture

in the back focal plane of the objective lens.
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Amplitude contrast images

Amplitude contrast images are formed by the selection of one or more beams in the back focal
plane using a small objective aperture. There are two different operation modes: bright field (BF)
and dark field (DF). In a BF condition, the diffracted beams are excluded by objective aperture and
only the transmitted beam is selected in the back focal plane. In contrast, in DF condition, one or
more diffracted beams are selected by the objective aperture and the contrast in the image reveals
regions that contribute to the intensity coming from the selected beams.

o Diffraction contrast analyses
Diffraction contrast is produced by coherent elastic electron scattering and is a special form of
amplitude contrast where the scattering occurs at special Bragg angles. By tilting the sample, it is
possible to obtain the two-beam condition, in which only one diffracted beam (g) is strong. Two-
beam condition can be used to analyse crystal defects due to the fact that scattering near the defect

is dependent on its local strain.

Thus, diffraction contrast analyses can be used to analyse dislocations. For effective contrast
analysis of dislocations, the g - b criterion must be accomplished, where g is the diffraction vector
and b is the Burgers vector. A dislocation is characterized by its dislocation line (u) and Burgers
vector (b). In the case of an edge dislocation, which is described by a b normal to u, the dislocation
line can be observed under a g-b # 0 condition, where g is parallel to b. In contrast, under a
g - b = 0 condition (invisibility condition), g is perpendicular to b and the dislocation is not visible in
the image. By examining the invisibility criterion for various g vectors, the dislocation Burgers vector
can be determined.

Edge dislocations in LSMO thin films grown on a LAO substrate can be seen in the two-beam
diffraction contrast images show in Figure 3.3. Figure 3.3(a) shows a DF image of a 3.5-nm-thick
LSMO film, where the LSMO family of planes g(020) are set into Bragg conditions. The changes in the
amplitude contrast induced by the presence of the [010] dislocation lines can be observed as they
are under a g - b # 0 condition. In Figure 3.3(b) a BF image from a 6-nm-thick LSMO is shown. This
image was obtained with g(010) and the [100] dislocation lines can be observed. In the DF images,
dislocation lines appear as bright lines (Figure 3.3(a)) while in BF images the dislocation lines appear
as dark lines (Figure 3.3(b)).

o

Figure 3.3: Two-beam diffraction contrast images from LSMO films. (a) DF image from a 3.5-nm-thick LSMO film
and (b) BF image from a 6-nm-thick LSMO film, obtained with g(020) and g(100), respectively.
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In this work, diffraction contrast analysis was used to analyse dislocations and to determine

Burgers vectors.

Phase contrast images

Phase contrast images are formed by interference of more than one beam. To obtain a phase
image, a large objective aperture and several beams, including the direct beam, are selected. The
phase contrast is very sensitive to different factors: thickness, orientation, or scattering factor of the
specimen, and variations in the focus or astigmatism of the objective lens. Due to its sensitivity, the
phase contrast can be exploited to image the atomic structure of thin specimens.

Phase contrast images often present fringes (periodic contrast), such as Moiré fringes. Moiré
fringes can result from the interference of two sets of lattice planes that have similar periodicities.
The lattice fringes that appear as a result of this interference are not direct images of the structure,
but they give information about the lattice spacing and orientation of the specimens. There are two
different types of interference: the Rotational Moiré and the Translational Moiré, often referred to
as misfit. Translation moiré patterns normally appear on films grown on a substrate having different
lattice parameters whereas rotation moiré patterns appear for instance twist boundaries. The way to
analyse the spacing and orientation of the moiré fringes is to consider the diffraction vectors from
the two lattices. As an example, if two parallel misfit planes are superimposed, the g-vectors will be
parallel resulting in dark and bright parallel fringes as shown in the schematic representation of

Figure 3.4,

d, d,

i

Figure 3.4: Schematic representation of the formation of Translation Moiré fringes. In the left, the set of planes
with d; spacing; in the middle, the set of planes with d, spacing and at the right the resulting fringes of the
interference of the two previous set of planes. d,< d,.

These fringes correspond to the transitional Moiré fringes and the spacing between these

fringes, g, is given by the g vectors of two sets of planes, thus

gtm = 82— 81 (Eq. 3.2)

where g; and g, are assigned g vectors to the bigger and smaller lattice spacing parameters, d; and
d,, respectively. Thus, the g, vector corresponding to a set of translational Moiré fringes with

spacing d, is described as
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In the case of thin films, moiré patterns can be used to locate and give information on
dislocations which are present in one material but not the other, so moiré fringes may be related to a
dislocation in the plane of the interface, since these locally relax the misfit. The images can always
be related directly to the projected Burgers vector of the dislocation. But care must be taken with
using moiré fringes to analyses interfaces and defects.

o High resolution transmission electron microscopy images
In the phase contrast imaging mode, if the point resolution of the microscope is sufficiently
high and a suitable crystalline sample is oriented along a zone axis, then High resolution transmission
electron microscopy (HRTEM) images are obtained. In these images, individual atoms of a crystal
and its defects can be identified, and in many cases, the atomic structure of a specimen can be
directly investigated. Contrast in HRTEM images arises from interferences, which make interpretation

of HRTEM images far from easy and require careful consideration.

The incident parallel electron beam, ideally a plane wave of coherent electrons, interacts
elastically while passing through the specimen. Both the electron wave phase and amplitude leaving
the specimen are affected by such interactions. Thus, the exit wave electron function, ¥,(r), contains
information about the specimen structure. In a first stage, the objective lenses produce the
diffraction pattern of the sample. This can be represented, by a Fourier Transform (FT) operation,
which generates an image of the corresponding diffraction pattern. The wavefront can be
represented by a total diffracted wave, W4(g). In the second stage, the interference between the
beam leads to a real space image, i.e. to a wavefront given by the image wave, Wi(r), obtained as the
result of the inverse FT. However, the relationship between the exit wave and the image wave is a
highly nonlinear one and is a function of the aberration of the microscope (astigmatism, spherical

and chromatic), which reduces the image quality.

In this work, HRTEM images were used as follows: i) to obtain local structural information
about the specimen, lattice parameters and the structure of defects; ii) to identify phases; and iii) to
analyse the strain fields associated with the defects by strain maps. The two last ones are introduced

in more detail.

(1) Phase identification
Atomic spacing information can be extracted by taking the Fast Fourier Transform (FFT) of the
HRTEM image. Image processing in Fourier space is performed in a similar way to image formation in
the TEM [72]. Mathematically, the objective lens performs a FT that creates the diffraction pattern of
the object in the back focal plane and an inverse FT that makes the interference of the diffracted
beams back to a real space image in the image plane (lattice image). Thus, FFT of an HRTEM image
yields a diffractogram of spots (points) in an arrangement similar to an electron diffraction pattern of

the same specimen.
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As with electron diffraction patterns, FFT of HRTEM images can be used to identify a crystalline
phase. Nevertheless, FFT can be obtained from regions of specimen on the order of few nanometres
rather than the micrometres typical of conventional SAED. This makes HRTEM a useful tool in the

analysis of nanostructures.

In this work, FFT were obtained from HRTEM images by selecting specific regions in the
micrograph. The dy and angles between a pair or set of planes were measured from these FFT using
a diffraction tool plug-in for Digital Micrograph software developed by the University of Cadiz. The
phase identification and indexation of the FFT were performed using Eje-Z software [80, 81] and the
structural data of known phases. This software allows comparison of a pair of d,y and the angle
between them with a database [82] allowing phase identification. In the phase identifications and
indexations performed during this thesis, errors of 0.3 A and 3° were permitted.

(2) Strain maps by GPA

Strain fields can be analysed with HRTEM images using different algorithms, such as the
Geometrical Phase Analysis (GPA) [83]. GPA is widely used, for example to analyse dislocations and
thin film strain fields [62, 84-87]. The GPA approach is based on combining real-space and Fourier-
space information. Displacements are measured by calculating the ‘local’ Fourier components of the

lattice fringes in an image [88]. The intensity of an image, I(1), is written as

1) = ) 1y 1)e?me, (Ea. 3.4)
)

where g are the reciprocal lattice vectors describing the undistorted lattice. The local Fourier
components are obtained by filtering in Fourier space, and have an amplitude and phase:

I(r) = Ay(r)efs® (Eq. 3.5)

where the amplitude, A,4(7), describes the local contrast of the fringes and the phase, P, (1),
describes their position. The phase is related to the displacement field, u(r), with the following

relationship [88] :

Py(r) = —2mg - u(r). (Eqg. 3.6)

An individual phase image gives only the component of the displacement field in the direction
of g. By selecting two non-colinear reciprocal lattice vectors in the Fourier transform, it is possible to
obtain a two dimensional displacement field of the selected HRTEM image. Thus, the two

dimensional displacement fields can be determined two phase images, P4 (1) and Py, (r) by

1
u) = —o—[Pp(Ma; + P (May], (Eq. 3.7)

where a; and a, are the base vectors for the lattice in real space corresponding to the reciprocal
lattice defined by g, and g,. The two dimensional displacement field is determined from the gradients

in the Py, (1) and Py, (r). Once the displacement field is determined, the components of the strain
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tensor (Eyy, €,y and €,,), dilatation (4;;) and planar rotation (w;;) can be calculated following

classical elasticity theory [89].

The precision and the spatial resolution of the strain maps depend on the size of the mask
used to select the particular frequency of interest, g, in Fourier space. Precision is described as the
accuracy on the measurement while spatial resolution is defined as the minimum resolvable distance
in the image [90]. The precision of this method has been tested by measuring a continuous

displacement field around a dislocation core with an accuracy of 0.03 A [85].

The strain maps performed in this thesis were created using the GPA software [83] developed
in the Digital Micrograph environment. The selected phase and the size of the mask used to create
displacement fields and strain maps are discussed in the experimental part of sections 5.4.3 and
6.4.2.

3.1.7.STEM imaging

There are different methods of STEM imaging depending of the detector used to collect the
elastically scattered electrons. As shown schematically in Figure 3.5, there are three main types of
detector: a bright field (BF) detector, an annular dark field (ADF) detector, and a high angle annular
dark field (HAADF) detector. The BF detector detects the intensity in a small solid angle (<10 mrad)
around the direct beam, whereas the ADF detector, which is a disc with a hole in the centre, detects
scattered beams between 10-50 mrad. Because the HAADF detector has a much larger diameter than
the ADF detector, it can detect electrons scattered at high angles (>50 mrad), which are mostly
incoherent. The main difference between ADF and HAADF is the contribution of Bragg diffracted

beams to the image: in ADF this contribution is still relevant while in HAADF it is negligible.

Incident convergent beam

| Specimen

HAADF detector
06 > 50 mrad

ADF detector
10 <8 <50 mrad

 S——

BF detector
0 < 10mrad

Figure 3.5: Schematic representation of different STEM detectors.
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The principal advantage of the HAADF configurations is that image contrast depends on the Z
value (called Z-contrast), with an almost Z* dependence [91], and it is possible to obtain chemical
information. This type of images permits the direct visualization of structures and defects. However,
because of the Z dependence of HAADF images, light atoms are difficult to detect, especially in the
particular case that they are combined with heavier ones. Additional information can be obtained by
changing the camera length of the HAADF detector. As the camera length of the detector increases,
the collection angles decrease and as a result, diffraction contrast information appears as the image
becomes less incoherent [92]. In HAADF, large inner collection angles (>50mrad) are employed which
exclude diffraction contrast. In contrast, in low angle (LA)ADF a more modest inner collection angle is
used allowing contrast from defects and deformations of the lattice [93]. Thus, HAADF gives
information about the chemical composition while LAADF provides information about the strain and

medium angle (MA)ADF is an intermediate situation.

In this study, STEM imaging combined with spectroscopic analysis were used to analyse
chemical information of films and nanostructures. HAADF, MAADF and LAADF images were used to
analyse strain and chemical information associated with defects. Additionally, HAADF images with
atomic resolution, acquired with probe corrected microscopy, were used to analyse the local

structure of the defects.

3.1.8.Analytical transmission electron microscopy

As previously mentioned, valuable chemical information is given by inelastically scatted
electrons and secondary signals resulting from the interaction of the incident electrons with the
specimen. EELS and EDS analyse the inelastic scattering electrons and secondary signals (X-ray),
respectively. Both spectroscopies can be used in quantitative way to measure chemical

concentrations of the elements in the sample.

Advantages of EDS include the ability to cover more elements of the periodic table and the
possibility to use of thicker samples. However, EELS offers substantially more information beyond
elemental identification, such as information about the oxidation state and coordination, and is well
suited to the detection of light elements, which are difficult to analyse with EDS. EELS also offers

better spatial resolution and analytical sensitivity, both at the single-atom column level.

Spectroscopic analysis is usually performed using STEM. In this technique, an angstrom-sized
electron probe is scanned across a sample to collect either EELS or EDS. The development of the
spherical aberration (Cs) corrected microscope with large convergence angles and small probes
compatible with high currents has enabled atomic-scale chemical mapping in both STEM-EELS [73,
74] and STEM-EDS [75-78, 94]. However, in both spectroscopies quantitative analysis is sometimes
difficult to perform due to a variety of effects such as electron beam spreading, delocalization,
channelling, and dechannelling, which are dependent on chemical composition of the atomic
columns [75, 95, 96]. In some studies involving STEM-EELS mapping, image contrast reversals have
been observed and attributed to beam channelling between adjacent atomic columns [95, 97].

Although in EDS, the localization of X-ray scattering potentials can lead to a directly interpretable
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chemical map [75], equivalently to HAADF imaging [96], recent work has shown that the contribution
of thermally scattered electrons can greatly affect the contrast in such chemical maps [98]. In
addition, studies of interfaces have revealed that the apparent atomic column size can depend on
both channelling and sample thickness [77, 78]. These drawbacks can be avoided by using thin
samples (25-30 nm) [94].

In both spectroscopies, one spectrum is recorded at every pixel as the electron probe is
scanned over the specimen. Three different experiments can be performed: a punctual analysis, in
which only one spectrum is acquired; a line scan profile, in which various spectra are acquired
following a line; and mapping or spectrum images (Sl), in which various spectra are acquired in a two
dimensional area. In the latter case, spectra can be transformed into quantitative images of the
distributions of all the elements present in the specimen. From such images quantitative data can be

extracted describing elemental changes associated with inhomogeneous nanostructures.

In this study, both EELS and EDS were used according to the needs and aims of the

experiments and are now explained in more detail.

Electron Energy Loss Spectroscopy (EELS)

The EELS consists of the analysis of the energy distribution of initially monoenergetic electrons
after they have passed through a specimen and interacted with it. This technique provides large
amounts of information about the chemistry and the electronic structure of the specimen atomes,
which in turn reveals details of their bonding/valence state, the nearest-neighbour atomic structure,
their dielectric response, the free electron density, the band gap (if there is one), and the specimen
thickness. The spectrometer separates the electrons according to their kinetic energy and produces
an electron energy loss spectrum, showing the number of electrons (scattered intensity) as a
function of their decrease in kinetic energy.

Typically, an EELS spectrum consists of three parts: a Zero-loss peak (ZLP), a low-loss region
and a core-loss region, as is shown in Figure 3.6. The ZLP or “elastic” peak represents electrons that
are transmitted without sustaining measurable energy loss, including unscattered electrons,
elastically scattered electrons and those that excite phonon modes, for which the energy loss is less
than the experimental energy resolution. The low-loss region, <50 eV, involves excitation of the
outer-shells of the electrons and contains electronic information from the more weakly bound
conduction and valence-band electrons. This region contains the plasmon response either as a single
peak, or a series of peaks in thicker specimens. The low-loss region of the spectrum is directly related
to the thickness of the specimen in terms of the inelastic mean free path, A. At the core-loss region,
>50 eV, the electron intensity decreases rapidly. Superimposed on this decreasing intensity are
features that represent inner-shell excitations. This region contains the ionization edges, which rise
sharply at the ionization threshold. The energy-loss coordinate of the edge is approximately the
binding energy of the corresponding atomic shell, thus revealing the elements present within the

specimen.
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Figure 3.6: An EELS spectrum displayed in logarithmic intensity mode, showing zero-loss and plasmon peaks in
the low-loss region and ionization edges arising from each element (in this case O and Ni) in core-loss region.
Figure adapted from Williams [70].

O Dual EELS
Dual EELS allows the recording of both the low-loss and core-loss regions of the EELS spectrum
at each pixel [99, 100] . Additional processing methods become practical due to the presence of both
low-loss and core-loss information. These methods include removal of energy shift to allow accurate
chemical shift measurements; assessment of sample thickness; deconvolution of plural scattering;

and correlation of low-loss signals with core-loss features.

In this work dual EELS spectrum images where used to analyse the chemical features related
with the investigated crystal defects. Processing of the resulting data sets was performed in Digital
Micrograph using a combination of EELS plug-in tool and built-in routines. The processing procedure

to obtain the intensity elemental maps was as follows:

(1) Energy shift correction and thickness measurements
In the correction of the energy shift, the ZLP acts as a self-calibration for the low-loss region.
The low-loss spectra are shifted to leave the ZLP in the same spectrum channel at each spatial pixel.
Because, in dual EELS the core-loss spectrum is recorded immediately after the low loss spectrum, it
is assumed that the shift required for the core loss spectrum is the same as that required for the low
loss at the same pixel, permitting correction of the energy shift in the core loss. In this study, the ZLP
was used to correct the energy shift of core-loss and to compute the thickness. The thickness was

computed using the ZLP by applying the Log-Ratio function [71].

(2) Noise reduction
The principal component analysis (PCA) is used in the hyperspectral EELS raw data to remove
the noise [101, 102]. PCA is a statistical method that separates the information into a number of

components. A limited number of components have most of the information, while the rest contain
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only noise. Thus, the individual components with significant information (principal components) can
be used to reconstruct the data, reducing the noise [103]. In this work, the PCA provided by Lucas et
al. [104] for Digital Micrograph environment and that provided in the Hyperspy suite [105] were used
to remove random noise from the EELS spectra.

(3) Background removal
After PCA, the standard procedure is to fit a power law background function before each
energy peak and extrapolate the fit function under the edge to remove the background of the
spectrum [71]. In this study, special attention was paid at this step to avoid possible artefacts due to

the background substation.

(4) Remove plural scattering
Finally, there is typically a high probability that a transmitted electron will be inelastically
scattered more than once, giving a total energy loss equal to the sum of the individual losses. This
plural scattering is usually significant and generally unwanted because it distorts the shape of the
energy-loss spectrum. Fortunately, it can be removed by various deconvolution procedures. In this

work, the plural scattering was removed using the ZLP and the Fourier ratio deconvolution [71].

As an example Figure 3.7 shows the appearance of a spectrum in each processed stage:
original (black), after PCA (red), after background subtraction (green) and after deconvolution (blue);

for a Mn-L,; energy edge.

4x10° ‘
—— Raw data
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310°t —_— Backgro_und
subtraction
—— After deconvolution

2x10°F

Intesity (counts)

1x10°F

0 ]
620 630 640 650 660 670 680
Energy Loss (eV)

Figure 3.7. Example of a spectrum in each processed stage: original (black), after PCA (red) after background
subtraction (green) and after deconvolution (blue); for Mn-L, 3 energy edge.

o Structural information from EELS: White-line ratios and chemical shifts
As has been previously mentioned, besides elemental identifications EELS may provide
information on the electronic structure and bonding. Both the valence electron peaks and the
ionization edges possess a fine structure that reflects the crystallographic or electronic structure of
the specimen. Even with an energy resolution of ~ 2 eV, it is possible to distinguish between different

forms of an element.
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The L ionization edges of transition metals and the rare-earth elements usually display sharp
peaks occurring near the edge, which are known as white lines. These white-lines contain rich
information about the density of unoccupied states near the Fermi level and the chemical bonding of
the metal. The L edge of transition metals consists of two white lines, L3 and L, as a result of
transitions from the spin orbit split 2p,/; and 2p,,, levels to the available states in the 3d unoccupied
band [106], which hybridize with oxygen 2p orbitals in the case of oxides. Variations in the L;;
intensity ratio or chemical shifts are typical fingerprints of changes in the oxidation state [106-110].

(1) Lysratio

From the degeneracy of the initial states, i.e. four 2p,;; electrons and two 2p;,, electrons, a
white line intensity ratio of 2 is typically expected [106]. However, different values ratios have been
found for some 3d transition metals [111]. The L,; ratio increases with the number of electrons in
the 3d bands, from the 3d° toward 3d° configuration, and then decreases toward the 3g™
configuration [112-114]. In addition, with a 3d metal such as Mn, the L, ratio decreases when the
Mn oxidation state increases [73, 106, 107, 110, 112, 114]. Consequently, the white line ratio can be

used to measure the transition metal valency.

There are different methods for quantifying the L, ; white line intensity ratio [106, 108, 112,
114, 115]. Here, the Mn-L, 3 ratio was measured following the procedure described by Varela et al.
[73]. As the continuum needs to be removed before extracting the L,3 intensity ratio, a Hartree-
Slater cross-section function, available in Digital Micrograph, was used to subtract it. A 10 eV wide
window placed right after the L, line was used for scaling purposes of the cross-section function.
After subtracting the continuum, the remaining signal under the L; and L, lines was integrated within
two 10 eV wide windows, the first one placed at the onset of the L; line, and the second one next to
the first. The resulting integrated intensity values were used to calculate the L, 3 intensity ratio. The
error bars were determined by changing the position and the width of the integration windows.

(2) Energy shift of the L; and L, peaks

Other changes to take into consideration may be an energy shift of the L; and L, peaks. As the
average manganese oxidation state decreases, the L; and the L, peaks tend to shift to slightly lower
energies [107, 110]. For example, from Mn*" to Mn™ a shift of 1.5 eV in energy of both peaks is
characteristic [116].

In this work the absolute value of L; and L, peak positions was defined fitting the peak centre

of mass position by fitting AmpGaussian function ((y=y0+A*exp(-0.5*((x-xc)/w)"2)) by Origin.

o Simulation of EEL spectra
In order to assess the possible influence of subtle structural distortions of the octahedral
coordination of the Mn cation on the estimation of the Mn oxidation state, Mn-L,; edge spectral

simulations were carried out using CTM4XAS [117].

In this study, the effect of a distortion in the coordination environment of Mn**and

Mn**cations was simulated by reducing the cubic (0,) symmetry (characterized by a cubic crystal field
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splitting, 10Dq) to tetragonal (D.,). The degree of tetragonal distortion was tuned through
parameters Ds and Dt, which define the splitting of the e, and t,, levels according to Ae, = 4Ds + 5Dt
and At,, = 3Ds — 5Dt. For parameters 10Dq, Ds and Dt, values describing a distorted environment

reported in the literature [54] were used.

Energy dispersive X-ray spectroscopy (EDS)

The interaction of the electrons with the atoms of the specimen produces X-ray characteristics
of the atom which emitted them. These X-rays are detected by a solid state detector, resulting in
energy spectra which give information about the composition of the specimen.

The conversion of X-ray count in atomic% may be performed by the Cliff-Lorimer method
[118], assuming the thin foil criterion. This criterion assumes that the specimen is thin enough and
absorption or fluorescence can be ignored. Under this criterions the concentration ratio between A
and B elements is proportional to the measured intensity ratio. The principle is expressed in the
equation:

g_: . *% (Eq. 3.8)
which relates the number of X-ray counts, |, and ls, from elements A and B to their concentration C,
and Cz with the Cliff-Lorimer k-factor, kas. The k-factor is a proportionality constant which depends
on the elements being analysed, the energy of the incident electrons, and the relative sensitivity of
the X-ray detector for the different X-rays. It can be estimated from theoretical considerations or it

can be measured by analysing a specimen of known composition.

In this study, TIA software was used to process and quantify punctual, line profiles and
spectrum maps analysis. Selected energy windows were used for each element with previous
background subtraction. However, in the case of high resolution EDS-SI, Bruker software was used to
collect and process the data. The element profiles were extracted from EDS-SI by integrating net
counts areas in the map. In the case of atomic resolution EDS-SI the elemental intensities were
extracted from the maps by fitting Gaussian peaks to the atomic columns and then were converted in
atomic%. The k-factors were measured at a reference zone in which the film and substrate was

considered stoichiometric.

3.2. Other structural characterization techniques

3.2.1. X-ray diffraction

The X-ray diffraction (XRD) is a technique used for determining crystal structure and lattice
parameters due to the X-ray wavelength having the same order of magnitude as the interatomic
distances of crystals and molecules. If a crystal structure is irradiated with a monochromatic X-ray
beam, the crystalline material disperses the X-ray elastically in a certain direction due to constructive

interferences, creating a diffraction pattern. A constructive interference is produced when conditions
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satisfy Bragg's Law (Eq.3.1). The diffraction will occur if the normal to the atom planes is dividing the

angle between the incident and the scattered beam.

The XRD measurements of the films presented in this thesis were mainly performed with
X'Pert Pro MRD-Panalytical diffractometer at ICN,. The lattice parameters of the films were
determined from HR-XRD using a four-angle goniometer and primary optics consisting of a parabolic
mirror and a 4xGe(220) asymmetric monochromator. The in-plane lattice parameters were
determined in the same equipment with a parabolic mirror in the incidence beam optics, fixed
grazing angle of 0.5° on the sample, and parallel plate collimator in the diffracted optics. The 2D X-
ray reciprocal space mapping experiments were performed using also the X'Pert Pro MRD-Panalytical
diffractometer at ICN2. The X-ray measurements were performed by Dr. J. Santiso, J. Roqueta and Dr.

F. Sandiumenge.

3.2.2. Scanning Electron Microscopy

Scanning electron microscopy (SEM) allows obtaining topography and composition
information. The sample surface is scanned with a high energy electron beam (20-30k V) and the
electrons can be scattered elastically or inelastically resulting in different secondary signals as was
introduced in section 3.1.3. In SEM, all the information of interest is obtained from scattered
electrons and secondary signals scattered backwards from the sample. This is in contrast to TEM, in
which almost all the electrons are scattered forward. The main information derived from SEM is as

follows:

- Secondary electrons (SE): electrons from the direct beam scatter inelastically with electrons

from the sample surface. Their signal provides information about topography.

- Backscattered electrons (BSE): beam electrons are reflected from the sample by elastic
scattering. The intensity of the BSE signal is strongly related to the atomic number (Z) of the
specimen. Thus, the signal provides information about the distribution of different elements in the
sample (atomic contrast), in addition to topography. In addition, the signal collected may provide
information about microstructure, for example twinning in the film [44], through a process called
channelling. It is also referred to as orientation contrast (OC). Details on the principles governing OC

in BSE images can be found in Ref. [119].

In this work, SEM was used to analyse the surface morphology of the thin films using QUANTA
FEI 200 FEG-ESEM at ICMAB and FEI Magellan 400L SEM at ICN,. In addition, OC-SEM images were
obtained in order to determine dislocation densities over large area. An advantage of this technique
is that it does not require a particular sample preparation for the materials analysed. SEM

measurements were performed by Dr. LI. Balcells and Dra. Z. Konstantinovic.

3.2.3. Atomic Force Microscopy

Atomic force microscopy (AFM) is a type of scanning probe microscopy (SPMs). AMFs measure

the electrostatic forces between the cantilever tip and the sample. The main force is the interatomic
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“Van der Waals force”, dependent on the distance between the atoms. If the tip is sufficiently far
from the sample, it has a certain free oscillation amplitude and resonance frequency. However, when
the tip engages with the sample, the oscillation amplitude, phase and resonance frequency are
modified due to the interactions between the sample and the tip. Depending on the distance
between the tip and the sample, AFM can be used in three different modes: a contact mode, a non-
contact mode and an intermittent or tapping contact mode, each of which offers different
advantages and drawbacks.

In this work, the surface morphology of the thin films was examined using AFM. The AFM
measurements presented in this work were taken using PicoSPM, Molecular Imaging, in tapping
mode, at the ICMAB by Dr. LI. Balcells.

3.3. Thin film growth techniques

Growth techniques are usually classified according to whether the deposition process method
is mainly physical or chemical. In physical methods, the film material is moved by evaporation or
ejection of the material from a source (target) to the substrate, whereas chemical methods involve
chemical reactions and the precursor undergoes a chemical change at the substrate surface or in the
vicinity of the substrate. Physical methods typically employ vacuum evaporation and sputtering

whereas chemical methods typically use a gas phase or a solution phase.

The thin films studied in this thesis were grown by physical deposition methods using radio
frequency (RF) magnetron sputtering and pulsed laser deposition (PLD). For both deposition
techniques, a good calibration of the conditions is important because the different parameters can
result in different growth modes and film quality. There now follows a brief description of these two
depositions techniques.

3.3.1. Radio frequency magnetron sputtering

The sputtering technique consists of bombarding a target material typically a dense ceramic
pellet of the same composition as the thin film. The aim is to eject neutral atoms from the target and
to deposit them onto the substrate. Firstly, a glow discharge plasma of a certain gas (usually Ar or O)
is created around the target. lons from the plasma are then accelerated towards the target by
applying an electrical potential. These ions collide with the target causing neutral atoms from the
target to be ejected and to be deposited on the substrate. A wide range of oxide materials
(semiconductor, dielectric, insulating, magnetic, and superconducting) has been grown via the

sputter deposition processes [30, 120].

A magnetron consists of two concentric magnets which create a magnetic field. The
magnetron confines the electrons from the plasma close to the target. The electrons are forced to
make a helicoidal trajectory around the magnetic field lines by the Lorentz force which results in
more ionization of the gas atoms and more collisions with the target. Thus, the sputtering deposition

process is enhanced and higher sputter rates are achieved. Another advantage of the magnetron is
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that relatively fewer electrons reach the substrate (less heating and less substrate damage).
Furthermore, a net flow of ions towards the target and atomic ablation occurs when the applied
voltage difference between the target (cathode) and the rest of the chamber is constant (DC). A RF
AC signal can then be added to the DC voltage to overcome the positive charge accumulations which
prevents the growth of insulating material. Thus, RF-sputtering enables the use of insulating targets
[121-123].

In this study, the Lag;Srp3sMnO; films were grown using a RF-magnetron sputtering, following
the procedure described by Z. Konstantinovi¢ et al. [124]. The films were growth using RF-magnetron
sputtering at the ICMAB laboratory by Dra. Z. Konstantinovi¢ and Dr. LI. Balcells.

3.3.2. Pulsed Laser Deposition

The pulsed laser deposition (PLD) technique uses the interactions of a laser beam with a
material surface [125]. The PLD system consists of a vacuum chamber equipped with pumps, a target
holder, substrate heater and various instruments to control the deposition environment of the
system [30]. A high-power laser situated outside a vacuum deposition chamber is focused by means
of external lenses onto a dense ceramic target surface with the desired cation composition.
Regardless of the laser used, the absorbed beam energy is transformed into thermal, chemical, and
mechanical energy, causing electronic excitation of target atoms, ablation and the formation of
glowing plasma. The plasma forms a plume of several centimetres long, normal to the surface of the
target, consisting of an assorted group of energetic neutral atoms, molecules, ions, electrons, atom
clusters, microionized particulates, and molten droplets. The high-energy species in the plasma are
collected and condense onto a substrate and form a film [28].

In this study, the LaMnOs films were grown using a PLD with a KrF excimer laser operating in
ultraviolet at 248 nm [126, 127]. The films were growth using a PLD at the ICN, laboratory by J.
Roqueta and Dr. J. Santiso.

3.4.Functional properties characterization techniques

In order to correlate the physical properties of the films with the defects analysed in this work,
the following characterization techniques were used in collaboration with members Oxide

Nanophysics group from ICN, and Physical Chemistry of Surfaces and Interfaces group from ICMAB.

3.4.1.Scanning Probe Microscopy (C-AFM, MFM, FMM)

Scanning probe microscopes (SPMs) are used to obtain images of nanoscale surfaces and
structures. SPMs use a physical probe (tip) to scan back and forth over the surface of a sample while
monitoring some interaction between the probe and the surface. The probe is mounted on a flexible
cantilever, allowing the probe to follow the surface profile while the cantilever is deflected by a
force. SPMs can measure deflections caused by many kinds of forces, including mechanical contact,

electrostatic forces, magnetic forces, chemical bonding, van der Waals forces, and capillary forces.
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Many scanning probe microscopes can image several interactions simultaneously depending on the

probe mechanics.

In this work, three different modes of SPM were used to characterize the local fusional
properties of the films: conducting-atomic force microscopy (C-AFM), magnetic force microscopy
(MFM) and force modulation microscopy (FMM).

Conducting - atomic force microscopy (C-AFM)

Conducting atomic force microscopy (C-AFM) is a combination of atomic force microscopy
(AFM) and scanning tunnelling microscopy, which uses electrical current to construct the surface
profile of the sample. The current flows through the metal-coated tip of the microscope and the
conducting sample. Usual AFM topography, obtained by vibrating the tip, is acquired simultaneously
with the current, which is usually recorded in contact mode. This permits correlation of the spatial
topography feature on the sample with its conductivity, and distinguishes C-AFM from scanning

tunnelling microscopy which only records current.

In this study, C-AFM was used to obtain local electrical conductivity. The C-AFM images
presented in this thesis where acquired under a N, gas environment to diminish any possible
humidity effect, using commercial conductive CrPt coated Si tips mounted on cantilevers with k=40
Nm™ (Budgetsensors). A detailed explanation can be found in Ref. [128]. These measurements were
performed with SPM from Nanotec Electronica, at ICMAB by Dra. C. Ocal and Dr. M. Paradinas.

Magnetic force microscope (MFM)

The spatially resolved magnetic behaviour can be investigated by magnetic force microscopy
(MFM). In MFM, a sharp magnetized tip is used to scan a magnetic sample and the tip-sample
magnetic interactions are detected. Different kinds of magnetic interactions can be measured by
MEM, including magnetic dipole—dipole interaction. MFM scanning typically uses non-contact AFM

mode.

The MFM images presented in this thesis were taken with Nanosensors MFM tips. Phase
contrast images were obtained at different tip distances from the film surface (h), while adjusting the
amplitude ratio (AMFM/Asp) of MFM imaging (AMFM) vs topography imaging set point (Asp). A
detailed explanation can be found in Ref [128]. These measurements were performed with MFP3D

Asylum at ICN, by Dra. N. Domingo.

Force Modulation Microscopy (FMM)

Force modulation microscopy (FMM) is a variety of AFM-based mode where the tip in direct
contact with the surface is forced to vibrate at a high frequency (typically of several 100’s of KHz) in
order to evaluate the mechanical response of the material. Any variation in the contact resonance
frequency is related to the local sample stiffness, i.e., a positive shift in frequency corresponds to

stiffer mechanical properties.
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In this work, the spatially resolved mechanical response of the surface of the films was
analysed by FMM. The topography was collected in contact mode and an AC voltage was applied to
the piezoelectric actuator at the cantilever in order to induce this vibrational motion. The contact
resonance frequency was tracked by a dual AC resonance tracking system. The topography of the
films did not change during the measurement, meaning that they were performed in the elastic
regime. These measurements were performed with MFP3D Asylum at ICN, by Roberto Moreno.
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Self-organized Mn304
nanoinclusions in LaMnOs films

4.1.Introduction

Renewed attention has been paid to undoped LaMnO; (LMO) perovskite due to the interfacial
phenomena that show heterostructures composed of LMO, such as the appearance of
ferromagnetism in LaMnO3/SrTiO; [129] and LaMnOs/SrMn0O; [130] and the observation of exchange
bias in LaMnO3/LaNiO; superlattices [131]. Despite the fact that LMO is an antiferromagnetic
insulator in its stoichiometric bulk state with Ty ~ 140 K [132, 133], in the works mentioned
previously, the LMO films present a strong ferromagnetic behaviour. The origin of this unexpected
ferromagnetism is unclear. Strain or deviations from the LaMnOQj; stoichiometry (typically either La or
Mn cation vacancies, which may easily change the Mn oxidation state), have been suggested as the
source of this anomalous magnetic behaviour [127, 134-140].

Usually, heteroepitaxial multilayers are used to increase the concentration of interfacial
effects. New strategies have been developed in this direction, such as vertically heteroepitaxial
nanocomposites (VHN), which provide a novel concept to develop new functional devices [66, 67].
The advantages of this VHN, in contrast to the convectional multilayers structures, are for example, a
vertical contact area between two immiscible compounds much larger than the interfaces between
substrate and film, strain tunability to large thicknesses and the possibility to self-assemble [141].
Lag7Cap3sMn0O3[66] or Lag;SrosMnO; (LSMO) [68, 69] based nanocomposites are examples of self-
assembled VHN, which highlight these new physical phenomena. A detailed example is the system
LSMO:Mn3;0, that has often been proposed as a potential nanocomposite due to the chemical
compatibility of Mn;0, with the whole manganite perovskite family [142]. In this case, the
spontaneous formation of LSMO:Mn3;0, VHNs is driven by a spinodal decomposition mechanism, if
the composition ratio [La+Sr]/[Mn] < 1 [143]. The generation of a vertical lattice strain is found to be
related to the different domains and grain boundary structures and directly impacts on the
ferromagnetic properties of the material [69]. In the case of undoped LaMnOs;, manganese
segregation is expected to occur when La deficiency leads to a non-stoichiometric ratio of La/Mn <

0.9 [144]. Thus, the formation of a random distribution of Mn3;0, or MnO phases has been reported
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in LMO bulk samples [145, 146] and thin films [147]. The comprehension of the formation of
manganese oxide segregates is fundamentally important as they are a characteristic secondary phase
in several complex manganese oxides thin films and heterostructures, and they may also modify the
structural quality and functional properties of heterostructures [148-150]. Furthermore, manganese
oxides are extremely attractive for potential applications due to their electrochemical, optical and
catalytic properties [151-154].

In this chapter, the spontaneous formation of regular vertically aligned nanoinclusions of a
manganese oxide (MnO,) embedded in an antiferromagnetic LMO matrix is analysed via a
microstructural characterization of a LMO:MnO, thin film nanocomposite. The different orientation
domains and twins of the LMO matrix with respect to the substrate are determined and the
manganese oxide phase is identified. Moreover, the crystallographic orientation relationship
between the matrix and the nanoinclusions is stablished. A preliminary inspection performed at the
interfaces between the MnO,-LMO and LMO-substrate permits identification of a secondary phase
La-rich close to LMO-substrate interface. Finally, the formation mechanisms of the LMO:MnO,

nanocomposite are discussed.

4.2 Experimental methods

Thin films of LMO with self-assembled manganese oxide nanoinclusions were prepared from
stoichiometric LMO ceramic targets by PLD with a KrF excimer laser. The conditions for obtaining the
nanocomposite were optimized at 8502C deposition temperature under vacuum conditions
(background pressure of <5 x 10 mTorr) [126, 127]. The laser fluency was kept below <1 J/cm?* with
10Hz pulse repetition rate. The films were grown on top of (100)SrTiO; (STO) and (100)LaAlO; (LAO)
substrates and their thickness was maintained between 30 and 100 nm as determined by X-ray
reflectometry. The surface morphology was studied by SEM and AFM. The structural characterization
was carried out by XRD using a four-angle diffractometer with a Cu-Ka radiation source (X'Pert Pro
MRD-Panalytical).

The detailed microstructure and the chemical composition were investigated by TEM of cross-
section specimens of LMO/STO. Cross-section specimens were prepared by conventional cutting,
gluing and grinding procedures, followed by an Ar-ion milling step down to electron transparency by
PIPS. HAADF images, EDS profiles and EELS-spectrum images (Sls) were obtained to identify the
composition of the nanoinclusions using a FEI Tecnai F20 S/TEM operated at 200 kV. EELS-SIs of
cross-section samples were also carried out in dual EELS mode with a FEI Titan®™ G2 60-300 S/TEM
operating at 300 kV, equipped with a dual EELS spectrometer. The PCA provided by Lucas et al. [104]
for Digital Micrograph was used to remove the random noise in the EELS-SI. The La/Mn ratio was
obtained from EDS of areas in the matrix tilting the sample out-of-zone axis in order to minimize the
electron channelling. SAED and HRTEM images were obtained to identify the oxide manganese phase
and the relationship between the nanoinclusions and the matrix using a FEl Tecnai F20 S/TEM
operated at 200 kV. FFT were obtained from HRTEM images by selecting specific regions in the

micrograph (the matrix, the nanoinclusion, and the interface between them) using the diffraction
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tool plug-in for Digital Micrograph software, which allows the measurement of the distances and
angles between the planes. The phase identification of manganese nanoinclusions and indexation of
the FFT were performed using the Eje-Z software[80, 81] and the structural data of different
manganese oxide phases [155-164] reported in the American Mineralogist Crystal Structure Database
(AMCSD) [82]

All the structural drawings and schemes were produced by using VESTA software [165].

4.3.The LaMnO3;:MnOx nanocomposite

Both systems, LMO films grown on STO and LAO substrates, present a nanocomposite surface
as can be observed in SEM images presented in top of Figure 4.1(a)-(b). The nanocomposite is
formed by nanoinclusions, which are the bright rectangular shapes with a dark area in the centre
shown in the SEM images. These nanoinclusions are uniformly distributed in flat matrix and have
typical base dimensions of 40 nm x 150 nm, on STO substrate, and 40 nm x 90 nm, on LAO substrate.
They are mainly oriented with the rectangular sides following the main axes of the substrate ([100]
and [010]). Moreover, the nanoinclusions exceed by several nanometres the surface height of the
matrix, which is flat with low roughness <0.5nm, as can be observed in the AFM images presented in
the lower part of Figure 4.1(a)-(b). The statistical analysis of the inclusions showed that the size is
enhanced in the case of films grown on STO substrate compared to those on LAO. This suggests that
the different mismatch with substrate plays a role in the statistical size distribution of the segregates

since the average La/Mn ratio in the films is essentially the same.
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Figure 4.1: Surface morphology of 40-nm-thick LMO nanocomposite films. SEM (top) and AFM (down) images
of LMO films grown on top of (a) STO and (b) LAO substrate. Figure modified from Pomar et al. [126].
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Preliminary microstructural analysis performed in a sample of ~ 60-nm-thick LMO film on STO
reveals that the nanoinclusions have a wedge-like shape and do not reach the interface with the
substrate. This can be observed in Figure 4.2, which shows a HAADF image of a cross-section viewed
along the [010] STO direction. This image presents a different contrast between the matrix (bright
contrast) and the nanoinclusions (dark contrast) indicating a different cation composition between
them. The nanoinclusions reach a depth of ~ 64 nm, ~ 10 nm above the interface with the substrate,
leaving a thin matrix layer between the bottom of the nanoinclusions and the substrate interface.
Furthermore, the image shows the coexistence of nanoinclusions cut along either the short or long
axis. From those cuts along the short axis, also one can see a slight tilt of one of their borders with
respect to the vertical direction, which will be discussed in more detail later on.

Figure 4.2: HAADF image of a ~ 60-nm-thick film grown on STO.

e

Figure 4.3: EELS-SI of a LMO film grown on STO. (a) HAADF image where an orange square indicates the region
of the EELS-SI was performed. (b) HAADF image acquired simultaneously with EELS-SI. (c), (d) and (e) elemental
maps obtained from O-K, Mn-L, 3 and La-M, s intensities, respectively.
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The presence of the nanoinclusions implies changes in the thickness and surface topography of
the surrounding LMO matrix. The HAADF images reveal that the matrix surrounding the
nanoinclusions is thicker than the matrix away from the nanoinclusions. Thus, the matrix away from
the nanoinclusions has a thickness of ~ 57 nm while the matrix closer to the nanoinclusions reaches
the height of the upcoming nanoinclusion and has a thickness of around ~ 70 nm.

Chemical analysis, performed by EDS profiles and EELS-SIs, of the specimen grown on STO,
corroborate differences in the compositions between the matrix and the nanoinclusions. The
spectroscopic analysis reveals that the matrix has a composition corresponding to the LMO, while the
nanoinclusions are formed by a manganese oxide phase (MnQ,) as can be seen in the EELS-SI
elemental maps of a nanoinclusion presented in Figure 4.3. These elemental maps show an increase
of Mn intensity while La is absent inside the nanoinclusion. In addition, a ratio La/Mn ~ 1 is obtained
from the LMO matrix by EDS.

4.3.1.LaMnO; matrix: Domain orientations in the LaMnO; matrix

The crystal structure of the bulk LMO is described by an orthorhombic Pbnm space group with
unit cell parameters a = 5.533 A, b = 5.727 A and ¢ = 7.668 A at room temperature [133]. At growth
temperatures (T=8502C), although LMO is still exhibiting Pbnm crystallographic structure, all Mn-Mn
matching distances are nearly equal (a/V2 ~ b/V2 ~ ¢ /2 = 3.932 A) [166]. Thus, it can be considered
as a cubic structure with a cube-on-cube epitaxial relationship with the substrate. However, during
cooling, at a temperature of 4772C, the cooperative Jahn-Teller transition takes place in LMO. Due to
JT transition, the MnOg octahedral of LMO are highly distorted and unit cell parameters change to
acquire the values described previously for room temperature. To accommodate these structural
distortions to the substrate lattice, films may grow in either (110) or (001) orientations, which implies
that the orthorhombic ¢ parameter is oriented in-plane or out-of-plane, respectively, as is illustrated
in Figure 4.4.

LMO (110) orientation LMO (001) orientation

Figure 4.4: Schematic representation of the epitaxial growth directions of orthorhombic LMO thin films on
cubic substrate. On the left, LMO (110) orientation (c parameter in-plane) and on the right, LMO (001)
orientation (c parameter out of plane). Figure modified from Roqueta et al. [127].
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In the case of the samples studied here, the ¢ unit cell parameter is contained in the plane,
which is favoured due to lower mismatches with the substrate. In the case of the c¢ unit cell
parameter contained in the plane, there are the two different possible matching Mn-Mn distances
diovo = 3.982 A and djgo1jmo = Cimo/2 = 3.834 A, as is schematically represented Figure 4.5. Thus,
there are two possible in-plane lattice parameter values, which are confirmed by the reciprocal
26 — @ area scans at grazing incidence around 220 and 004 orthorhombic in-plane reflections (not
shown). These scans showed the presence of two peaks occurring at different 26 angles, which is the
signature of twinned domains with two in-plane lattice parameters. Similar results were obtained
previously for films grown on STO at lower oxygen pressures (5 x 103 mTorr) [127]. This means that
the c-axis essentially follows both the [100] and [010] directions of the substrate.

>
“

a

Figure 4.5: Schematic representation of the (110) epitaxial growth of orthorhombic LMO thin films on cubic
perovskite substrates. Figure modified from Pomar et al. [126].

The obtained values of dj110jmo and dieoymo from the XRD are 3.952 A and 3.875 A (on STO),
and 3.947 A and 3.857A (on LAO), respectively. The approximate resulting residual strains (€,) from
theses experimental values are presented in Table 4.1, jointly with the mismatch values (€.,)
calculated with the expected distances (duioumo = 3.982 A and dioymo = cmo/2 = 3.834 A). A
compressive strain is expected for both matching distances (dj110umo @nd diigmo) on LAO, while on

STO, dj1101mo results in a compressive strain, but digo1umo in a tensile strain.

Table 4.1 shows that the residual strains are closer to the mismatch values, which jointly with
in-plane lattice parameters, indicate that the LMO thin films are almost in a relaxed state. Moreover,
from standard 26 — 8 XRD measurements, the pseudocubic LMO out-of-plane unit cell parameter
was also determined, obtaining 3.985 A for LMO on STO and a larger value of 4.006 A for LMO on
LAO. In both cases, the estimation of pseudocubic unit cell volume leads to ~ 61 A3, close to the

expected bulk value for orthorhombic stoichiometric LMO [133].
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Ecal Eres
STO LAO STO LAO
di10tmo -2% -5% -1% -4%
do01)1m0 2% -1% 1% -2%

Table 4.1: Misfit values obtained from d(110.mo @and digo1jmo expected (€,) and measured by XRD (€).

The relative orientations of film and substrate were also observed by XRD reciprocal space
maps, as depicted in Figure 4.6. The map shows the area around the main symmetrical 002 reflection
of the LAO substrate. The position of the main film peak close to the substrate peak is compatible
with 220 LMO, which corresponds to c in-plane oriented domains. The observation of the 221 LMO
reflections indicates the formation of orthorhombic Pbnm LMO. The fact that the 221 reflection lies
along Qx direction supports the c in-plane orientation of the LMO. The two separate reflections at
lower Qz values are consistent with reflections from MnO, with their c-axis tilted 9° at both sides of

the vertical direction.

1 I 1 1 T T I T I
-0,05 0,00 0,05 0,10
Qx (r.l.u.)

Figure 4.6: XRD reciprocal space map around the 220 LaMnO; and 002 LaAlO; main reflections showing the
presence of 221 half order reflection of ¢ in-plane LaMnO3, and the presence of 9e-tilted ¢ out-of-plane MnO,
domains. Figure modified from Pomar et al. [126].

The presence of twin domains in the LMO matrix is confirmed by cross-section analyses of the
LMO film grown on STO. Two different orientations of LMO are identified by the change in the
contrast pattern of HRTEM images, as can be observed in Figure 4.7(a). If the c-axis is perpendicular
to the zone axis of the HRTEM image and parallel to the plane of the image, a rectangular pattern is

formed in HRTEM image. This rectangular pattern has the shorter side perpendicular to the interface
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and the longer side parallel to the interface as can be observed on the right of the HRTEM image
presented in Figure 4.7(b). The corresponding FFT is presented in Figure 4.7(b) (inset right) also
shows a rectangular pattern, even though rotated 902. The in-plane and out-of-plane lattice
parameters measured from the FFT of the HRTEM image are 7.827 A and 4.103 A, respectively. In this
case, the in-plane lattice parameter corresponds to the c-parameter, thus the c-axis is parallel to the
[100] directions of the substrate, and the zone axis of the LMO in the image is [110]. This orientation
of LMO will be noted as LMO,.

(a ) B

Figure 4.7: (a) Low-magnification bright field TEM images of the different LMO domains. (b) A HRTEM image of
the different orthogonal domains shown in (a) left. At the right of the image, a LMO domain with the c-axis
parallel to the zone axis [001] of the image and corresponding FFT. At the left of the image, a LMO domain with
the c-axis perpendicular to the zone axis of the image, [110], and the corresponding FFT. In the FFTs, the yellow
square marks the unit cell of corresponding orientation while the red discontinued line corresponds to the
substrate unit cell as a reference.

Conversely, if the c-axis is parallel to the zone axis of the HRTEM image, i.e. perpendicular to
the plane of the image, a cubic pattern rotated 452 with respect to the interface with the substrate
appears in the HRTEM images. This contrast pattern can be observed in the left part of the HRTEM

image and in corresponding FFT presented in Figure 4.7(b) (inset left). In this case, the zone axis of
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LMO in the image is [001] and this orientation of LMO will be referred to as LMOg corresponding to
the LMO domain rotated 902. The in-plane and out-of-plane lattice parameters measured from the
FFT of the HRTEM image are 4.044 A and 4.073 A, respectively. However, the orthorhombic axes are
rotated 452 clockwise and counter-clockwise with respect to the in-plane lattice parameter.
Comparing the interplanar distance between the 452 clockwise spots and the 452 counter-clockwise
spots of the FFT, it is possible to distinguish two interplanar distances, 5.868 A and 5.649 A,

respectively.

Here, all the values obtained by the FFT are larger than those expected for the LMO bulk [133]
and those measured by XRD measurements [126]. It is not possible to determine the absolute value
from the FFT, but it serves as a qualitative observation of the tendencies and the differences
expected between the different parameters. Thus, considering the reported a and b orthorhombic
unit cell parameters, 5.53 A and 5.72 A [133], respectively, it is possible to assign the smaller distance
obtained experimentally, 5.649 A, to the ag-axis and the longer distance, 5.868 A, to the b-axis. In this
way, a detailed inspection of the HRTEM images, and the corresponding FFT, of this LMO orientation,
reveals the presence of this orientation domain rotated 1802 in the out-of-plane direction. This
indicates the presence of two c-axis directions, one pointing inside the plane of the image (001) and
the other pointing outside the plane of the image (00-1). However, while the LMOg[001] with respect
to the LMOg-[00-1] is identified by the HRTEM images and corresponding FFT, the two different
LMO, orientations (LMO,[110] and LMO,~[-1-10]) are not distinguished. A schematic representation
of the LMO domains is presented in Figure 4.8
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Figure 4.8: Schematic representation of the LMO domain orientations with respect to the substrate. The Mn/Ti
lattice represents a planar view of the domains while octahedra framework represents a cross-section view of

the domains. Modified from Pomar et al. [126].
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4.4.Self-organized nanoinclusions of MnO,

The manganese oxide that forms the nanoinclusions could present a simple or a mixed Mn
oxidation state (Mn**, Mn*" or Mn*?). The different phases of MnO, depending on the oxidation state
are MnO(lI1), Mn,0s(111), Mn3;O4(1I-11l) and MnO,(IV). The structural data of different manganese oxides
reported in the literature are presented in Table 4.2.

In general, manganese may easily alter its valence forming different oxide stoichiometries in
response to the environmental conditions. Thus, in the vacuum conditions used in the present work,
MnO, Mn30, or Mn,0; may be formed depending on the residual oxygen partial pressure in the
chamber [147]. MnO is a cubic rock-salt with a = 4.45 A[167] while Mn;0, and y-Mn,03 exhibit spinel-
like structures. Mn;0, is a hausmannite mineral with a distorted spinel structure with manganese
ions placed on two non-equivalent sites, tetrahedral (Mn*) and octahedral (Mn>*). The structure is
described by the tetragonal 14,/amd space group with unit cell parameters of @ = 5.76 A and ¢ = 9.47
A [160, 161]. A very similar structure is reported for y-Mn,0; with a = 5.79 A and ¢ = 9.40 A[168].

Composition Mln:e]::]oeglcal Space Group | Lattice Parameters (A) Reference
Manganosite Fm3m a=4.4449 A [155]
MnO . a=4.4200A, b=5.2300A,
Manganite Pnnm =2 8700A [156]
Bixbyite 12,3 a=9.4100A [158]
a=9.4157A, b=9.4233A,
Mn,04 a-Mn,03 Pcab =9 4047 A [157]
y-Mn,0; 14,/amd a=5.79A, ¢c=9.40A [168]
. a=5.7620A, c=9.4390A, [160],
MmO Hausmannite M/amd | < 7691A, c=9.4605A [161]
3 high-pressure Pmab a=9.5564A, b=9.7996A, (159]
polymorph c=3.0240A
. a=9.7890A, b=2.8340A,
Todorokite P2/m c=9.5510A, B=93.700° [162]
. a=9.2734A, b=2.8638A,
MnO, Ramsdellite Pnma c=4.5219A [163]
. a=4.3880A, c=2.8650A,
Pyrolusite P4,/mnm y=1200 [164]

Table 4.2: Structural data of the manganese oxides [155-164] reported in AMCSD [82].

The HRTEM images of different nanoinclusions were analysed to identify the MnO, phase.
These images reveal that the nanoinclusions are crystalline but highly distorted. The analyses of
HRTEM images indicate that manganese oxide has a spinel crystal structure with interplanar

distances of 5.2 A in-plane and 9.2 A out-of-plane.

Figure 4.9(a) shows a TEM image of two nanoinclusions. A HRTEM image of the nanoinclusion

and the corresponding FFT obtained from the red square region marked in (a) are shown in Figure
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4.9(b). The structural data of different manganese oxides [155-164] reported in AMCSD [82] were
used to index the FFTs. The resulting interplanar distances of the different spots measured from the
FFT of nanoinclusions and marked in the FFT presented in Figure 4.9(b) right panel, are shown in
Table 4.3. Assuming an error of 3° and 0.3A, the FFT pattern of nanoinclusions can be indexed as a
Mns;0, with a disorientation of 9° of the out-of-plane parameter with respect to the LMO-substrate
perpendicular plane. Despite the fact that the MnO phase, the Bixbyite[158], and the a-Mn,0;
phase[157] are discarded, the y-Mn,0; phase, which is not reported in AMCSD, has a similar
structure to a Mn;0, phase and its appearance can not be ruled out.

(a)

(b)

Figure 4.9: (a) TEM image of two nanoinclusions in the LMO matrix. (b) HRTEM image of a nanoinclusion (left),
and the corresponding FFT (right), obtained from the red square region marked in (a). The interplanar distances
obtained from the spots marked in FFT are presented in Table 4.3
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Spot d-Spacing (A) Angle to previous spot (2)
1 3.06 0.00
2 5.04 31.38
3 4.72 57.37
4 5.21 58.47
5 3.06 32.77
6 5.04 31.38
7 4.72 57.37
8 5.21 58.47
9 2.39 58.38
10 2.39 180

Table 4.3: Interplanar distances obtained from the FFT of the HRTEM image presented in Figure 4.9 The spots
correspond to those marked in the FFT.

SAED patterns are also used to identify the MnO,. However, the size of the aperture is not
small enough to select only a nanoinclusion, as shown in the inset of Figure 4.10(a). A complex ED
pattern is observed due to the contribution of the MnO, and two principal orientations of LMO
(LMO, and LMOg), as can be seen in the Figure 4.10(b). The indexing of the SAED permits
distinguishing the spots that correspond to the LMO orientations with respect to the ones of MnO,.
Some indexed reflections are marked in the SAED, jointly with the unit cell for both orientations of
LMO and the Mn;0, phase. However, the diffraction pattern shows kinematically forbidden
reflections, such as the (002) and (00-2) of Mn;0,, or the (-100) and (1-10) of LMO, and (100), (110)
and (010) of LMOQg. Taking into account that the substrate is also contributing to the SAED, some
reflections at the position corresponding to the forbidden LMO reflections may correspond to STO
reflections. Moreover, these forbidden reflections may also appear due to dynamic scattering events,

especially for thick specimens.

(a) - ‘ [010] STO

Figure 4.10: (a) TEM image which shows the size of the area selection, larger than one nanoinclusion. (b) SAED
of a nanoinclusion. Corresponding reflections of LMO,, LMOg and Mn;0, marked in blue, green and orange,
respectively.
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The Mn;0, phase in the nanoinclusions is confirmed by comparing the energy loss O-K edge
shape with those reported in the literature [106, 110]. Dual EELS-SIs were acquired from a MnO,
nanoinclusion and LMO matrix. The energy loss O-K edge and Mn-L, ; edge from a nanoinclusion are

presented Figure 4.11.
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Figure 4.11: Energy loss O-K edge and Mn-L, ; edge spectra of a nanoinclusion.

The variation of the O-K edge fine structure of the different manganese oxides has been
analysed in previous studies [106, 110, 169]. The O-K edge provides information on excitations of O
1s electrons to the 2p bands [73]. Four peaks may be distinguished in O-K edge fine structure of
manganese oxides, although not all of them are always present in every manganese oxide. The first
peak a, called pre-peak, is found around 530eV and is attributed to the transition from 1s core levels
to oxygen 2p states hybridized with manganese 3d orbitals [106, 170, 171]. The second peak b, is
related to the projected unoccupied oxygen p states mixed with the manganese 4sp band at higher
energy above the Fermi level [106]. The two last peaks, ¢ and d, can be interpreted in terms of the
multiple scattering of the excited electrons with low kinetic energy. These features are sensitive to
the local structure around the oxygen site, which means that the features are similar if crystal
structures are identical [172].

The pre-peak may consist of one or several peaks which can be interpreted in terms of the
ligand field and exchange splitting [170]. Splitting is observed in the pre-peak of Mn3;04, Mn,0; and
MnO, while in the MnO spectrum, there is only one peak [106]. Kurata et al. [106] observed that the
pre-peak in Mn3;0, and MnO, splits in two peaks (a; and a,) and in Mn,0; in three peaks (a;, a, and
a;). This pre-peak splitting in Mn;0, has been also observed by Tan et al.[110]. In the spectrum
obtained from the MnO, nanoinclusions in the present work (Figure 4.11) the pre-peak appears split
in two peaks, a; (534.5 eV) and a, (537 eV), and the shape of O-K edge is similar to that
corresponding to Mn;0, reported un the literature [106, 110]. In addition, in the same reports the
Mn-L; edge for Mn3;0, appears to be split [106, 110]. In the Mn-L,3 spectrum presented in Figure
4.11, the L;, does not show any splitting, probably due to the insufficient energy resolution of the
spectrum presented here. From this analysis it can be concluded that the inclusions consist of Mn3;0,

phase.
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4.5.MnO, nanoinclusions — LaMnO; matrix interface

The analysis of 14 different nanoinclusions shows a tendency to form a boundary with the
LMO matrix tilted 352 and 102 away from the vertical axis at each side of the nanoinclusions. HRTEM
images reveal that this boundary has an incoherent interface. Figure 4.12 and 4.13 shows the HRTEM
images of two different nanoinclusions included in the LMO matrix. The FFTs of the nanoinclusions
and the surrounding LMO matrix were acquired and used to identify the relative crystallographic
orientation of the Mn3;0, inclusions long axis with respect to the LMO matrix. In this case, only LMO,
and LMO; orientations are considered, without distinguishing between the twin domains
corresponding to each LMO orientation. The corresponding FFT of each region are shown below the
corresponding HRTEM image with the mean spots indexed. The indices are coloured to differentiate
the spots corresponding to the LMO orientation (LMO, in blue and LMOg in green) from those
corresponding to the Mn;0, (in orange). The nanoinclusions are found in two different relationships
with the matrix: embedded in a single LMO domain and at the interface between two orthogonal
LMO domains.

In the case of the Mn;0, nanoinclusion presented in Figure 4.12, it is found at the boundary
between LMO, and LMOg orientation domains. Thus, one of the long sides of the Mn;0,
nanoinclusion is aligned with the [001] LMO direction while the other is aligned with [110] LMO
direction. In contrast, in the nanoinclusion presented in Figure 4.13 that is embedded in a single
LMOg orientation domain, both long sides of the nanoinclusion are aligned with [001] LMO direction.
Surprisingly, only these two situations are observed as the long sides of the Mn3;0, nanoinclusion
fully embedded in LMO, domains were not observed.

Mn304[010]

Figure 4.12: HRTEM images of a nanoinclusion embedded at the interface between two different LMO
domains. The inset shows the corresponding FFT obtained from the interface of LMO,/Mns0, on the left and
from the interface of LMOg/Mn;0, on the right with the main spots indexed (LMO, in blue, LMOg in green and
Mn30,in orange).
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Mn3:04[111]

Figure 4.13: HRTEM image of a nanoinclusion embedded in a single LMO domain. Inset shows the
corresponding FFT image obtained from the interface of LMOg/Mn;0, with the main spots indexed (colours as
in Figure 4.12).

The crystallographic relative orientation of the nanoinclusion and the LMO was determined by
analysing FFTs obtained from HRTEM images. As it is shown in the FFTs not strictly parallel planes are
identified between the nanoinclusion and the matrix. The planes that are almost parallel are used as
the most accurate description for the corresponding crystallographic orientation. Thus, for the
nanoinclusion embedded between the two different LMO domains (LMOA-LMQg), the
crystallographic orientation relationships are: (i) <110>0 || <010>unz0s / (-11-2)mo || (=202)mnz0s
and (i) <010>wn304 | | <001>mo /(=103)mnso0s | | (=120)umo, With disorientation angles of 22 and 1.52
respectively, while for the nanoinclusions in the middle of a LMOg domain is <00-1> 0 || <111>
vnzoa / (100) tmo || (01-1) mnz0s, With a disorientation angle of 1.52 Thus, the two zone axes of Mn30,
nanoinclusions ([010] and [111]) are parallel to the [010] direction of the STO. Both orientations have
a similar crystallographic orientation with respect to the perovskite substrate, which may be defined
as (001)-oriented cube on diagonal (in-pane rotations of 452) but with a slight c-axis tilting of 92.

4.6.Interface Layer

The other relevant feature identified by HRTEM imaging and spectroscopic analysis (EDS and
EELS vertical profiles) is the presence of an epitaxial (001)-oriented layer of a La-rich secondary phase
in the interface region between the film and the substrate. On the one hand, spectroscopic analyses
reveals a decrease of Mn and O intensities while the La intensity is maintained when approaching the
interface from the film side, as it is shown in EELS elemental edge intensity profiles presented in
Figure 4.14(a). Thus, an increment of La/Mn ratio takes place at the region closer to the interface
between the LMO and the substrate, as is shown in Figure 4.14(a). On the other hand, HRTEM images
reveal a change in the contrast pattern at the region closer to the interface of the LMO with the
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substrate. This secondary phase, of around ~ 2 nm thickness, has interplanar distances of 3.94 A in-
plane and 13.5 A out-of-plane. The atomic column arrangement in the TEM image may correspond to
the insertion of supplementary LaO planes along the film growth direction resulting in the formation
of the La,MnO, Ruddlesden-Popper structure.

STO-LMO
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HAADF image. (b) HRTEM images close to the interface between nanocomposite and substrate showing the
presence of a epitaxial Ruddlesden-Popper La,MnQ, phase.

In addition, this layer is not directly in contact with the substrate but a few unit cells above it,
laying on a LMO interlayer as shown in Figure 4.14(b). Furthermore, this secondary phase is not
observed continuously along the entire interface.

The formation of La-based oxides such as La203 has been reported in LMO stoichiometric films
[144]. However, the measured parameters of the La-rich phase observed in the sample studied here,
plus the fact that the spectroscopic analysis indicates the presence of Mn clearly points to a
Ruddlesden-Popper La,MnO, phase.
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4.7.Phase segregation mechanism

Chemical phase segregation occurs typically due to the gain in free energy by nucleating a
stable secondary phase which exceeds the energy cost associated with the creation of new interface.
In the case of epitaxial thin films, the strain associated with the mismatch between the lattice
parameter of film (and possible secondary phases) and the substrate may promote a segregation of
selected composition. Previous investigations show the occurrence of a three phase oxide
manganese nanocomposite as a relaxation mechanism of a similar material (La1-xSrxMnQ03)[173-175]
to that studied here. In these works, the formation of La-Sr-O islands during the growth of Lai-
xSrxMnQO3 films has been observed. The misfit relaxation mechanism governs the outcropping of
these islands at the surface. The appearance of these La-Sr-O islands result in unbalance of the
stoichiometry of the film which is compensated by the formation of a SraMn207 Ruddlesden-Popper
phase. Despite the formation of La-Sr-O islands, the LSMO film was fully strained [174], while in our

case the LMO films are almost relaxed.

As was previously mentioned in section 4.4, in the vacuum conditions used in the growth of
the LMO films presented in this work, the manganese might adopt an oxidation state of Mn*2 In the
case of La-deficient thin films, Mn** occupying the La** sides has been reported [176, 177]. In fact,
considering the cations radius of 0.97 A for Mn** (in a octahedral coordination) and 1.172A for La*,
and the Goldschmidt tolerance factor for perovskites, these substitutions could be feasible in the
LMO perovskite up to the solubility ratio [144]. However, in the case studied in the work presented
here, the matrix preserves the La/Mn ~ 1, and the main mechanism to accommodate Mn** ions is by
the formation of Mn30a4 segregates. Thus, the Mn304 particles should be formed on LMO films during
the growth process and it is possible that the Mn304 spinel nucleates cube-on-cube on the cubic
LMO. During cooling, the LMO Jahn-Teller transition takes place and Mn304 nanoinclusions have to
accommodate their shape to the surrounding LMO orientation domains. Moreover, the resulting
stoichiometry unbalance due to the formation of Mn304 nanoinclusions is compensated by the
creation of a La-rich phase (Laz2MnOQa), in contrast to La203 reported in LMO stoichiometric films
[144].

4.8.Conclusions

In this chapter, the formation of self-organized Mn;0,4 nanoinclusions in films of LaMnO; grown
by PLD is reported. Different orientation domains are present in the orthorhombic LMO matrix. The
values of residual strain and in-plane lattice parameters indicate that the LMO thin films are almost

in a relaxed state.

Spectroscopic analyses and HRTEM imaging suggest that the nanoinclusions are formed by
Mns;O, The Mns;O, nanoinclusions formation results in the accommodation of the Mn*" cations
produced because of the vacuum growth conditions. The Mn;0, nanoinclusions present a wedge
shape and are uniformly distributed in the matrix, aligned with the main axis of the substrate. The

presence of the nanoinclusions affects LMO matrix thickness and the surface topography. In
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particular it produces an increment of thickness and surface facets close to the nanoinclusions. The
crystallographic orientation relationship of the Mn;0, nanoinclusions with the LMO matrix results
from the accommodation of the cubic Mn;0, spinel, which nucleate in a nearly-cubic LMO matrix
during the growth at high temperature. Moreover, the resulting stoichiometry unbalance is partially
accommodated by the creation of an epitaxial La-rich Ruddlesden-Popper La,MnQ, phase close to
the interface with the substrate.
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Twin walls in Lao.7Sro3MnQO3 grown
under tensile stress

5.1.Introduction

Chapters 5 and 6 analyse self-organized misfit relieving defects in Lag;SrosMnQO; (LSMO)
formed as a result of the relaxation mechanisms of these films. Two different stress scenarios are
studied: self-organized defects as a result of the relaxation mechanisms of LSMO under tensile stress,
grown on (001)SrTiO; (STO) (this chapter), and under compressive stress, grown on (001)LaAlO; (LAO)
(in chapter 6).

LSMO is a half-metal room temperature ferromagnet (7. ~ 370 K). In bulk form, it is a
rhombohedral perovskite, which belongs to the R-3c space group [26]. It is characterized by equal
octahedral tilts about the three cartesian axes of the pseudocubic unit cell, belonging to the aaa’
Glazer tilt system [14], and has a unit cell parameter, a, of 3.881 A and a rhombohedral or
pseudocubic interaxial angle, a,., of 90.37° [178]. Thus, the rhombohedral structure may be

described as a compression along [111] direction of a cubic structure.

If a rhombohedral structure is grown on a cubic substrate, the misfit between these structures
can be divided into two strain contributions: (i) a shear strain x = tan @, relative to the underlying
(001) plane of a cubic substrate, where @ = a,,. — 90° is the shear angle, and (ii) the conventional
lattice parameter linear strain given by €= (as - ay) /af, where a; and gy are the in-plane lattice
parameters of the substrate and the film, respectively. In the case of the LSMO grown on STO, the
values of these two strain contributions are x = 6.4 X 102 and a tensile misfit of € = 6.2 X 102,

where a,= asro = 3.905 A and a;= asuo = 3.881 A.

Thus, two elastic energies contribute to the total strain energy (E;) of the rhombohedral film
grown on a cubic substrate [179]: the shear, E(x)= (1/2)Gx*h, and normal,
E(€) = 2[ (1+v)/(1-v)]G €%h, elastic energies, where v is the Poisson’s ratio, G is the shear modulus
and h is the film thickness. Consequently, the total strain energy can be described as E;= E() + E(€).
In the case of LSMO grown under tensile stress on STO, with v ~ 0.33 [43] and G = 68.2 GPa [180],
the elastic energies per unit film thickness are E(x)/h = 1.4 MPa and E(E)/h = 10 MPa [44]. Classic

models predict a plastic relaxation of E(E) at a critical thickness of ~10 nm by dislocations [181]
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while it is expected that E(}) would be relieved from the initial growth stages by twinning on the
(100) and (010) planes perpendicular to the interface [182, 183]. Despite the energetic contribution
of the normal elastic energy is significantly larger, by almost one order of magnitude, the formation
of dislocations does not occur [43, 182]. However, it was found that E(x) is relieved by twinning after
a shear transition at a critical thickness of 2.5 nm [43, 44]. These discrepancies show the ability of
these complex oxides formed by octahedral frameworks to develop other efficient strain relaxation
mechanisms at a lower energy cost than those associated with the formation of the misfit
dislocations.

In previous studies of misfit accommodation mechanisms and the structural characterization
of La1,Sr,MnO; doped manganese perovskites, such as LagoSro1MnO; or Lag;SrosMnO; grown under
tensile stress on STO single crystals, twin domains (TDs) have been found [43, 44, 182, 184-186]. In
Refs. [43] and.[44], the thickness dependence of lattice distortions and the evolution of the shear
strain from the early stages (1.9 nm) of stain relaxation of up to 475 nm are investigated. Those
authors found that the in-plane lattice parameter remains fully strained up to h = 475nm while the
out-of-plane lattice parameter changes continuously as a function of thickness. According to the
evolution of the lattice parameters they identified four different deformation regimes as a function
of thickness (h): (I) for h <2.5 nm, (ll) for 2.5 nm< h <10 nm, (Ill) for 10 nm> h >25 nm, and (IV) for
h >25 nm up to 475 nm, as is illustrated in Figure 5.1(a). The deformation regimes were defined
through lattice distortion mechanisms driven by the polar discontinuity and octahedral tilt effects
[43]. The lattice distortion mechanisms correlated with the deformation regimes are presented in
Figure 5.1(b).
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Figure 5.1: (a) Thickness dependence of the in-plane and out-of-plane lattice parameters measured by XRD. The
shadowed area indicates the non-twinned thickness range. I, II, lll and IV correspond to the deformation

regimes. (b) Mechanisms of lattice distortions correlated with the deformation regimes. M and R indicate
monoclinic and rhombohedral states, respectively. Figures adapted from Sandiumenge, et al. [43].
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According to these regimes, TDs appear above a critical thickness of 2.5 nm, after the
occurrence of a monoclinic distortion. This distortion results from the charge enrichment towards
the interface due to the polar discontinuity between LSMO and STO, and simultaneously cancels the
shear component of the misfit strain [43]. The formation of TDs is associated with the formation of
the rhombohedral structure, which condenses at 10 nm. At thicknesses of between 25 and 475 nm
the in-plane and out-of-plane shear components were found to follow divergent trajectories
indicating a progressive perturbation of the octahedral framework by a combination of octahedral
tiltings [43]. This allows the in-plane lattice parameters to remain fully strained within the explored
thickness [43, 44]. Despite these structural perturbations, the TD size follows a h*? dependence as is
showed in Figure 5.2, which is the dependence predicted for homogeneous films by equilibrium
models [44].
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Figure 5.2: Twin domain size dependence on h Y2 35 derived from direct inspection of OC-SEM images and in-
plane and out-of-plane XRD measurements. Figure from Santiso, et al. [44]

TDs are bounded by ferroelastic twin walls (TWs), which are defined to satisfy the
compatibility between two orientations of the spontaneous strain on the contact plane [187].
However, TWs have associated large strain gradients perpendicular to the TW plane [188] and within
the TW region the crystal structure becomes highly distorted with respect to the TD regions. The
presence of such distortions in strongly correlated electron oxides may affect their electrical and

magnetic functionalities.

Domain walls in ferroic complex oxides have attracted considerable interest in recent years
due to their distinctive functional behaviour relative to that exhibited by bulk material [60, 189].
Some examples of this distinctive behaviour are ferroelectric polarization in SrTiO; [190],
superconductivity in insulating WO;_, [191], ferrielectricity in ferroelastic CaTiO; [192], enhanced
conductivity in BiFeO; [193, 194], insulating behaviour in YMnO; [195], ferromagnetism in TboMnO;
[61] and a ~10° times increase in conductivity in 90° head-to-head walls in canonical ferroelectric
BaTiO; [196]. The distinctive functional behaviour is especially interesting in the doped manganese

perovskites, which exhibit a variety of phenomena, such as ferromagnetic coupling, large
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magnetoresistance, metal-insulator transition, half-metallic character, and cooperative orbital
ordering [26]. However, despite their fascinating hetero-interfacial behaviour [197], TWs in these

materials remain unexplored.

In this chapter, a detailed study of TWs and their implications on the functional properties of
the surface of the LSMO films is presented.

5.2. Experimental methods

LagsSrosMn0O; films, with thicknesses of between 40-100 nm, were deposited on (001)-
oriented, TiO, terminated SrTiO; (STO) substrates by RF magnetron sputtering, following the
procedure reported by Konstantinovic et al. [124].

Planar view and cross-section TEM samples of 40 and 50-nm-thick films were prepared by
conventional cutting, gluing and grinding procedures, followed by an Ar milling step down to electron
transparency and perforation by PIPS at a small incidence angle. Convectional TEM images and ED
patterns in planar view of specimens were performed with FEI Tecnai F20 S/TEM microscope working
at 200kV. HRTEM images in planar view were obtained using a Hitachi HF3300 electron microscope
working at 300 kV. These HRTEM images were used to obtain strain component maps by the GPA
software [83, 85]. HRTEM and STEM (HAADF, MAADF and LAADF) images of cross-section samples
were obtained by a FEI Tecnai F20 S/TEM microscope working at 200 kV with a probe convergence
semi-angle of 11,7 mrad. The camera lengths used were 70 mm, 200 mm and 490 mm,
corresponding to inner and outer collection angles of 107-200 mrad, 38-200 mrad and 15-94 mrad,
respectively. HAADF and MAADF images and EELS-SIs of cross-section samples were acquired using a
Nion UltraSTEM 200 operating at 100 kV with a probe convergence angle of 35 mrad. These images
were acquired with inner and outer detector angles of 50-75 mrad and 80-210 mrad, respectively.
The data shown here used a 50 mrad EELS collection angle and the spectra were denoised using PCA
as provided in the Hyperspy suite [105]. To avoid the possibility of any small shift or signal shape
change being lost through an excessive noise removal, the first three components appearing to

contain only noise were left in the PCA reconstruction.

In addition to the microstructural study, conducting atomic force microscopy (C-AFM), force
modulation microscopy (FMM) and magnetic force microscopy (MFM) investigations were carried
out in collaboration with C. Ocal, R. Moreno and N. Domingo, respectively, in order to establish a
correlation between the structure and the physical properties of the TWs. These results are included
here for completeness. Local electrical conductivity was investigated by C-AFM measurements using
a commercial head and software from Nanotec under an N, gas environment (RH = 2%).
Simultaneous topographic images z(x,y) and current maps /(x,y) and characteristic / -V curves of the
TWSs and TDs were acquired. The spatially resolved mechanical response of the surface of the films
was analysed by analysing contact resonance frequency images obtained by FMM (MFP-3D, Asylum
Research). Finally, the spatially resolved magnetic behaviour of the films was investigated by MFM.

Phase contrast images were obtained at different tip distances from the film surface, while adjusting
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the amplitude ratio of MFM imaging vs topography imaging set point. All the procedures followed to

obtain these measurements are reported in Ref. [128].

5.3.Twin microstructure in Lag ;Sr;3Mn0O;

The LSMO films on STO analysed here have a film thickness of around 50 nm with a twin
domain size of around ~40 nm in accordance with a TD size/thickness dependence of h"? (Figure
5.2). The different TDs and TWs of a LSMO film on STO can be observed in the planar view multi-
beam bright-field low-magnification image viewed along [001] presented in Figure 5.3(a). Despite the
fact that (100) and (110) TW orientations are allowed in a rhombohedral LSMO (-3m) derived from
cubic phase (m3m) [187], in the LSMO epitaxial films studied in this work, only (100) and (010) TW
orientations, perpendicular to the interface between the film and the substrate were found [43, 44].
This selection of only (100) and (010) TW orientations perpendicular to the interface is promoted by
the epitaxial growth of a rhombohedral film on a cubic substrate [183].

(b)
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Figure 5.3: (a) Planar view low-magnification multi-beam TEM image of TDs and TWs in a 50-nm-thick LSMO
film. (b) Corresponding ED pattern. The red squares mark the (040), (-330) and (-500) reflections, which are
enlarged below the diffraction pattern to observe the contribution of the twin domains. (c) Schematic
representation of the contribution of the twin domains in the in-plane diffraction pattern. Modified from
Santiso et al. [44].
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The presence of TDs produces a splitting of the (h00) and (0kO) reflections in the ED pattern,
along the [010] and [100] directions perpendicular to the TWs, respectively. In some cases, the
splitting is not clearly discerned and only an elongation can be observed, as it is shown in Figure
5.3(b). This elongation is due to the different contributing spots, and they may be distinguished at
high order reflections. For example, in the (-500) reflection, it is possible to distinguish a central spot
surrounded by two spots along the [010] direction. The central spot comes from the TDs separated
by the (100)TW, which present a common a* reciprocal direction, while the two surrounding spots
come from the TDs separated by the (010)TW, where their b* reciprocal axis are split along [100]. In
the case of (hh0) reflections, for example the (-330) one, five spots are observed. The central spot
corresponds to the substrate contribution and the four outer spots correspond to the different TDs.
A schematic representation of the expected diffraction from a twinned structure along (100) and
(010) is represented in Figure 5.3(c), which shows the contribution of the different TDs to the

diffraction pattern.

The LSMO film in multi-beam TEM cross-section view images with different magnifications
exhibit contrast bands perpendicular to the film-substrate interface as can be observed in Figure
5.4(a) and (b), indicated by orange arrows. In the case of the images presented in Figure 5.4(a) and
(b) the contrast comes only from the (010) TWs between the TDs. Figure 5.4(c) shows the diffraction
pattern of the film and the substrate obtained from the same cross-section sample. The high index
spots in the diffraction pattern are split perpendicularly to the TWs due to the different orientations
of c* in adjacent domains. This effect can be observed in (003), (-203) and (203), which have been
magnified to facilitate the observation, and where the splitting is marked by yellow lines.

The in-plane lattice parameter of the film (measured on a HRTEM image following the
procedure described in Annex A) is fully strained, ~ 3.910 + 0.009 A, while the out-of-plane lattice
parameter, ~ 3.88 + 0.02 A, tends to the LSMO bulk equilibrium lattice parameter. The film
thicknesses studied in this work are above the pure elastically strained state of the rhombohedral
structure that takes places at ~ 10 nm, where the out-of-plane lattice parameter presents a minimum
of ~ 3.85 A [43]. As the thickness increases, the out-of-plane lattice parameter of these films
increases as a result of the rigid octahedral tilts. The values measured by XRD for a similar film
thickness (~ 50 nm) are 3.905 A for the in-plane lattice parameter and 3.862 A for the out-of-plane
lattice parameter [43], which agree within experimental error with those derived from HRTEM

images.

In the interface region, the in-plane lattice parameter is fully strained, 3.896 + 0.009 A and
closer to that measured in the film. In contrast, the out-of-plane lattice parameter, 3.851 + 0.008 R, is
shortened compared with the film lattice parameter. This region at the interface with a compressed
out-of-plane lattice parameter can be distinguished in HRTEM images by changes in the contrast as
can be seen in Figure 5.5(a). In this image, it is possible to distinguish a bright contrast at the
interface. Moreover, it is possible to observe three domains due to their change in contrast. Thus,
there is a brighter central narrow domain (D,), which ends in a wedge shape near the substrate,

embedded in a larger dark domain (Dg). These domains do not reach the interface with the substrate
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as can be seen in laterally compressed images presented in Figure 5.5(b). These laterally compressed
images were obtained from the upper part of the film and the interface regions of the image
presented in (a). The laterally compressed image corresponding to the film region (Figure 5.5(b))
magnifies the change in the tilt through the (001) planes and facilitates the localization of the TWs. In
this compressed image it is possible to observe that the twin angle increases in the TWs. The twin
angle is reduced as the TW gets closer to the LSMO-substrate interface, until the (100) planes of two
adjacent domains have the same tilt, as can be observed in the laterally compressed image from the
interface region (Figure 5.5(b)). This indicates that the TW does not reach the interface, ending ~ 2
nm above. This suggests the presence of an interface layer (IL) between the domains and the
substrate as is schematically represented in Figure 5.5(c).

e (b)

(001)LSMO
(0} . .

® o -
(100) LSMO,

Figure 5.4: (a) and (b) low-magnification TEM cross-section images of a 50-nm-thick LSMO film. Orange arrows
mark the TW. (c) ED pattern obtained from the same sample. A red rectangle marks the magnified row. The
yellow lines in the magnified image show the splitting.

This short out-of-plane lattice parameter is in strong contrast with previous observations in
the ultra-thin films, which exhibit an anomalously large out-of-plane lattice parameter attributed to
the reduction of Mn cations to screen the polar discontinuity [43]. Although the origin of this
discrepancy is unknown, it suggests a structural and/or electronic reconstruction of this layer as the

film grows and it becomes buried at the interface.
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(a)

(b)

FILM

Figure 5.5: HRTEM image viewed along [010] of (a) a narrow domain (D,) embedded in a larger domain (Dg).
The TWs are marked with red arrows. (b) Laterally compressed images of the central and the interface regions
of the image presented in (a). (c) Schematic representation of (a). Dark dashed lines correspond to the (100)
plane. The narrow domain (D,) is represented in green colour embedded in a larger domain (Dg) represented in
yellow, separated by dark dashed vertical lines, which correspond to the TWs. The interface layer (IF) and the
STO substrate are shown in blue and grey colours, respectively.

The MAADF and HAADF images obtained by aberration-corrected microscopy clearly

demonstrate the presence of a different region at the interface (Figure 5.6). In the MAADF image
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shown in Figure 5.6(a), it is possible to distinguish two different brighter regions. The first one,
marked with red arrows, is a continuous layer through the interface, with a thickness of ~ 1.5-2 nm.
The thickness of this layer agrees with the thickness of the interfacial layer observed in HRTEM
images shown in Figure 5.5. The second one, marked with blue arrows, is a thicker discontinuous
region, which seems to appear at the base of alternating TDs and seems therefore associated with
strain or different orientations of the TDs. In the HAADF image shown in Figure 5.6(b) the contrast
almost disappears, indicating that the contrast observed under MAADF conditions is mainly due to
strain. However, an enhanced contrast is still observed which can be attributed to a higher average
atomic number. According to the atomic numbers of La (Z = 57) and Sr (Z = 38), this enhanced
contrast suggests an interface layer with a higher La/Sr ratio. Such a depletion of Sr at the interface
would be in agreement with reports signalling a tendency of Sr cations to diffuse towards the film
surface [198-201], although further work is required to elucidate the origin of the contrast associated

to this interface.

Figure 5.6: Cross-section (a) MAADF and (b) HAADF images from the same region obtained by aberration-
corrected microscopy. Orange lines mark the approximate position of the TWs. Red arrows indicate a
continuous interface layer and the blue arrows indicate the strain region at the base of alternating TDs.

5.4.Twin walls between LSMO twin domains

A HRTEM cross-section image of a (010) TW in a 40 nm LSMO film is presented in Figure 5.7(a).
The approximate position of the vertical TW is indicated by red arrows. The TW can be distinguished
in the HRTEM image due to the tilting of (001) planes. A weak change in the contrast of HRTEM

image may be observed between both domains. Despite the clear contrast bands that permit to
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distinguish the twin domains in low magnification TEM images, in HRTEM images, the TWs are not

easy to observe.

Figure 5.7: HRTEM image viewed along [010] of a TW marked with red arrows.

5.4.1.Chemical inspection of twin walls

Different chemical effects may be expected at the TW, for example a variation of La/Sr
composition in the A-site or even the formation of a different phase, as was observed in domain
walls of TbMnO; [61]. In order to inspect possible chemical changes in the TWs, firstly low
maghnification HAADF images were acquired (see Figure 5.8). These images do not show any contrast
that permits the identification of the TWs and suggest that there are not significant chemical changes
associated with it. However, a TW may be formed by only a few unit cells, and a local variation of
La/Sr composition in the A-site or electronic changes cannot be discarded from low magnification
HAADF images. A HR-HAADF analysis is necessary. However, the lack of contrast in the HAADF images
makes it very difficult to find the location of the TWs in high resolution images. To facilitate the
location of the TWs different camera lengths were tested to find the optimal conditions for

distinguishing the TDs.

As the detector camera lengths increases, the collection angles decrease and diffraction
contrast information appears in the image, becoming less incoherent [92]. Thus, HAADF gives
information about the chemical composition while LAADF provides information about the strain and
MAADEF is an intermediate situation. Figure 5.8 shows low-magnification cross-section images from
the same region of the film in HAADF, MAADF and LAADF conditions. In the HAADF images, no
contrast is observed as has been previously mentioned. In the MAADF image, it is also still difficult to
distinguish the twin domains. However, the LAADF image contains brighter and darker bands which
may be attributed to the orientation contrast from the presence of different TD orientations.
Moreover, it can be clearly seen that the contrast is further enhanced along the TWs, pointing to a
localized enhancement of the strain level. Thus, the use of LAADF conditions makes possible to

identify the domains and to approximately localize the position of the TWs.
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HAADF MAADF LAADF

A A A A A A

Figure 5.8: Low-magnification cross-section images from the same region of the film in HAADF, MAADF and
LAADF conditions. Red arrows mark the position of the TWs.

In order to inspect in detail possible chemical changes in the TWs, a preliminary analysis with a
spherical aberration-corrected microscope was performed. A HR-HAADF image of a (010)TW is
shown in Figure 5.9. In this image, the influence of strain is negligible and the brightness of each
atomic column is proportional to the atomic number (Z). Thus, brighter and bigger dots correspond
to the La/Sr sublattice while columns of alternating Mn and O atoms are hardly visible. Even though
the TW is marked by arrows in Figure 5.9(a), it is not easy to distinguish it unless the image is
inspected in detail. Thus, in a magnified image from the region of the TW in Figure 5.9(b), at each
side of the red arrows it is possible to observe that the planes are tilted, specifically if the image is
compressed, as in Figure 5.9(c). The image does not reveal any distinctive feature associated to the
position of the TW separating the two adjacent domains. This suggests that cationic antisite order is
not produced at the TW and that a variation of the La/Sr ratio in the A-site, if present is not
significant. Another possible effect at the TW could be a variation in the oxidation state of the Mn

cation.

Figure 5.9: (a) Cross-section HR-HAADF image viewed along [010]. (b) Magnified view of the 010 TW. (c)
Laterally compressed image. The black line is parallel to the (100) planes at the right of the TW. Red arrows
mark the position of TW.
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EELS-SIs were acquired to detect possible variations in the oxidation state of the Mn cation.
The method applied examines the variation in the L,; intensity ratio in the Mn-L,; edge, which is
known to range from roughly 4 in Mn** to values below 2 in Mn* [110]. Figure 5.10 shows the
summed spectra obtained from regions including the TW area (red) and the two domains at each
side of the TW (blue and green). No difference in the spectrum structure can be observed, neither is
there any shift in the L; peak onset, which can also be used as a measure of oxidation state [110].
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Figure 5.10: Mn-L,; edges obtained from the TW in red and the TDs in blue and green.

This analysis does not reveal any variations in the oxidation state of Mn, which together with

the HAADF images, suggest that there are no measurable chemical changes associated with the TW.
5.4.2.Local functional properties of twin wall regions [128]

Surface enhanced conduction at the twin walls

Figure 5.11(b) shows the current map acquired simultaneously with topography (Figure
5.11(a)) of a 40-nm-thick film. This current map reveals dark lines parallel to the [100] and [010]
directions, which are superimposed on a uniform current background. Since the maps were acquired
at a negative bias, darker contrast lines indicates enhanced conductivity. The separation between
these conducting lines agrees with the lateral size of the twin domains expected for a 40-nm-thick
film, as can be seen in the averaged current profile presented in Figure 5.11(c), suggesting that the

position of the conducting lines corresponds to the TWs.

The characteristic / -V curves obtained from one TW (black line) and an adjacent TD (grey line)
are shown in Figure 5.11(d). The voltage range was limited to 1V to minimize undesired structural or
chemical perturbations derived from the resistive switching effect observed in LSMO films [202]. The
I -V response is linear at low voltages (see inset in Figure 5.11(d)) as expected for tunneling

conducting systems.

The local mechanical response of the films was probed by FMM to check possible effects on
the C-AFM measurements due to the local variations of the elastic response of the film surface

leading to variations in tip-surface contact area. Topography and corresponding contact resonance
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frequency images are shown in Figure 5.12 (a) and (b), respectively. The brighter lines in the contact
resonance frequency images match with the underlying twin pattern and they indicate a clear
positive shift of the frequency response along the TWs, indicating that the TWs are harder than the
TDs. If the surface were softer in a particular position the tip would have a larger contact area
reducing the contact resistance, resulting in an increased of the current. The fact that the TWs are
harder would go in the opposite direction, and therefore the observed increase in the current is
related to the material conductance rather than variations in the tip-surface contact area. The
topography did not change during the measurement, indicating that they were performed in the
elastic regime. This observation rules out any contribution of surface elasticity to the observed

enhancement in conductivity.
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Figure 5.11: Local electrical conductivity measurements of a 40-nm-thick LSMO film. (a) AFM topographic
image (profile along the red line shown as inset). (b) Current map acquired at V = -1.4V. Note that negative
(dark) current values are measured for Vtip < 0. (a) and (b) are presented with the same scale. (c) Averaged
current profile along the red line in (b). (d) /-V characteristics obtained at the TWs (black) and on the TD (gray).
Each I -V corresponds to the average of five different measurements on the same position. In spite of the low
current detected at low voltages both / -V curves present a linear behaviour around V = 0. Inset is a zoom at the
linear regime. Figure modified from Balcells et al. [128].
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Figure 5.12: (a) Topography and (b) corresponding contact resonance frequency image. Brighter stripes in (b)
are directed along the [100] and [010] directions and are attributed to the TWs. Figure from Balcells et al.
[128].
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Enhanced ferromagnetic moment at twin walls

In order to investigate the magnetic properties at the TW, magnetic force microscopy (MFM)
was used. MFM images as a function of the tip-surface distance are shown in Figure 5.13. These
images also show the presence of an ordered linear pattern, which matches with the underlying
arrangement of TWs, superimposed on a homogeneous darker background. Figure 5.13(a) is a
topographic image of the area analysed in Figure 5.13(b) through (d). As the tip-surface distance is
reduced from Figure 5.13(b) to (d), the concomitant reduction in oscillation amplitude (to avoid the
short range topography interactions) noticeably improves the lateral resolution of the images but
deteriorates the signal to noise ratio. For higher distances the tip magnetic moment mainly interacts
with the stray fields of long-range ferromagnetically ordered magnetic moments present in the bulk
of the sample, resulting in a low magnetic phase contrast over blurry areas as observed in Figure
5.13(b). Superimposed on this interaction background, a series of lines running parallel to the [100]
and [010] directions can be observed, that can be attributed to the signal coming from the TWs. At
the working tip-sample distances shown in Figure 5.13(b) and (c), the tip stray magnetic field is too
weak to disturb the intrinsic magnetic order at the TWs. When the tip-surface distance is further
reduced, the TWs appear brighter than the twin domains owing to a stronger attractive tip-sample
interaction. At these distances, the tip stray magnetic fields are strong enough to overcome the
coercive magnetic field of the TW and align the magnetic moments during the scan. From this
analysis, the magnetic configuration of the films can be described as composed of two ferromagnetic
materials, one corresponding to the TDs and a second one with a larger ferromagnetic moment,
corresponding to the TWs.

Figure 5.13: (a) Topography image of a LSMO thin film surface. The colour scale bar corresponds to a full range
of 3 nm. (b) to (d) MFM phase contrast over the same area as in (a) under different conditions: (d) h = 15 nm
and AMFM/Asp = 0.9, (c) h = - 11 nm and AMFM/Asp = 0.5, and (d) h = =22 nm and AMFM/Asp = 0.12. The
colour scale bar for all MFM images is shown in (d) and corresponds to a full range scale of 2.5°. In (b) and (c)
the tip coercive field is smaller than the coercive field of the TWs, which accordingly appear darker than the
TDs. In (d) the tip coercive field becomes larger than the coercive of the TWs, causing a contrast reversal (TWs
appear brighter than the twin domains). Figure from Balcells et al. [128].
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5.4.3.Strain state of twin walls [128]

In order to understand the origin of these magnetic and electrical conductivity modifications,
the strain state of the TWs was investigated by aberration corrected HRTEM images in planar view.
Figure 5.14(a) shows a filtered HRTEM image of a (100)TW. The TW is recognized through the tilt of
the (010) planes, which correspond to the twin angle, 0 = 2(a,.— 90°) ~ 0.8°, where @, is the
pseudocubic interaxial angle. However, the laterally compressed image shown in Figure 5.14(b)
reveals an increase of this angle in the middle of the TW as is shown in the schematic representation
of Figure 5.14(c).

(a) B

\
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Figure 5.14: (a) Planar view HRTEM image of a (100) TW (indicated with vertical arrows) viewed along the [001]
axis, of a 40-nm-thick film. Right panel: Compressed image to emphasize the increase of twin angle in the TW.
(c) Schematic drawing illustrating the distortion of the structure in the TW.

This increment of the twin angle may be quantified in the rotation map, as shown in Figure
5.15(a). This map was computed from GPA [83, 85], taking the (010) and (100) phases. The right
domain was used as a reference to perform the strain maps. The rotation map clearly shows a
discontinuous ridge corresponding to an increase in the twin angle up to ~ 1.5° within a ~ 1-nm-thick
region centred at the TW. Moreover, the corresponding map of the &, linear strain component
perpendicular to the TW, Figure 5.15 (b), also reveals a ~ 1-nm-thick region centred at the TWs
which is submitted to a severe compressive strain of Er= - 3.5%, relative to the TD. The

compression at the TW is consistent with the increased hardness observed by FMM.
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Figure 5.15: (a) and (b) show the corresponding twin angle and €% maps, along with their averaged profiles,
as obtained by GPA analysis. £/ is the strain component perpendicular to the TW, relative to the TD.

Considering the TW with respect to the fully in-plane strained TDs, with a misfit
Ex ~ + 0.6% with respect to the substrate [43], the effective compression relative to the bulk LSMO
phase is ~ — 2.9%. Thus, the twined film can be viewed as a self-organized nanostructure consisting
of 1-nm-thick sheets of strongly compressed LSMO (-2.9%) embedded in a matrix of tensile strained
LSMO, as illustrated schematically in Figure 5.16. As previously mentioned, the TD size of these films
depends of the thickness of the film, S(h), following the dependence h*2. Thus, through an
appropriate selection of the thickness film it is possible to obtain a self-organized nanostructure with

control over the width of TDs between thin sheets of strongly compressed LSMO at the TWs.

BT = 2.9%~
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Figure 5.16: Schematic drawing of the twinned film viewed as a self-organized composite material.

This compressed region at the TW is a result of the distortion of the octahedral framework.
The TW region may be described as a combination of rigid BOg octahedral rotations about the
pseudocubic unit cell axes, a (or equivalently <Mn-O-Mn> bond angle distortions, 60) and an elastic
stretching/compression of the B-O bonds, &d. These distortion mechanisms are illustrated in the
Figure 5.17.
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Figure 5.17: lllustration of the distortion mechanisms of the octahedral framework: octahedral tilting distortion
of the <Mn-0O-Mn> bond angle by 60 and distortion of the MnOg octahedra results in the elastic stretching or
compression (6d) of the Mn-O bond.

In order to understand the strain state of the TW, the connection between the overall shear
distorion, @, and the rigid octahedral tilts about the pseudocubic unit cell axes, a, following

geometrical formalisms derived for rhombohedral perovskites, can be expressed as [203]:

Eq. 5.1
a =sin?t J(3 cos . /1-2 cos ap.) /3 (Eq.5.1)

where a,c = (Q + m)/2. Qs the twin angle and is described by two times the shear angle, Q = 20.
The octahedral tilt inside the TW derived from this approximation is thus oy = 7.55°, larger than the
bulk value, @ = 5.2° (as calculated from <Mn-O-Mn> = 165.24° [204]). The amount of strain
accommodated by rigid octahedral tilts is only Aa/arp = cos® Aa - 1= -0.0014. Therefore, most of the
compression is driven by a severe shortening of the Mn - O bonds of ~ - 2.7%.

The influence of strain in the band width (W) of ABO; perovskite compounds is mediated
through the relative modifications induced in the <Mn-O-Mn> bond angle and the Mn-O bond
length, which control the overlap integrals between the Mn 3d and the O 2p orbitals. This double
dependence is described by the empirical formula [205]:

cose (EQ.5.2)

3.5
dMn—O

where ¢ is the “tilt” angle given by

1 _ 2_0( (Eg. 5.3)
p=5 (n-<Mn-O-Mn>) =72

In the bulk LSMO structure: <Mn-O-Mn> = 165.24° (¢ = 7.38°, a = 5.2°) and dyn.0= 1.964 A

[204]. Thus, combining (Eq. 5.2) and (Eq. 5.3) gives d?;"’ =0.0934. In the TW, the calculated value

Mn-0

amw = 7.5° corresponds to @y = 10.68° (the <Mn-O-Mn> bond angle decreases to 158.64°). The
distortion of the octahedral framework in the TW is thus described by 66/0 = - 0.040 and &d/d = -

0.027, yielding .= =0.1019.

dvin-0

Therefore, despite the stronger angular distortion, the balance between 60/0 and &d/d results

in a broadening of the bandwidth inside the TW, thus explaining the observed enhancement in

conductivity. It is worth mentioning that even smaller variations of the déff“’ ratio, induced in bulk
Mn—0
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manganite by cationic substitutions at the A-site, cause huge variations in T, of about 200 K [178].
This behaviour is also consistent with theoretical work showing that compressive strains in half-
doped manganite epitaxial films promote an increase of T [206]. A similar competition between Mn-
O shortening and <Mn-O-Mn> bond angle variations has been used to explain a Tc increase in LSMO
under hydrostatic pressure [207].

5.5.Conclusions

TWs between the twin domains in LSMO films grown under tensile stress have been
characterized by different transmission electron microscopy techniques. The twin domains can be
distinguished in low-magnification TEM and STEM (MAADF-LAADF), due to the contrast changes in
the images induced by the different orientation domains. The TWs are identified by the tilt change
through the (100) or (010) planes in high resolution TEM and STEM. However, the small twin tilt
angle and the weak (in HRTEM) or non-existent (in HRSTEM) contrast changes in these high

resolution images make the identification of the TW difficult.

An increase of the twin angle was found at the TW. In cases where a twin domain was
observed to disappear towards the substrate, the tilt angle is observed to decrease gradually. The
TW does not reach the interface, but ends at an interfacial layer which very likely exhibits a different
crystal structure. The contrast in the HAADF suggests a possible depletion of Sr and LAADF indicates a

strain state.

The strain analysis of the TWs reveals that the TW is a compressed region in a biaxially tensile
strained LSMO matrix. An enhancement of the electrical conductivity and the strengthening of the
magnetic interactions at the TW region of the film is correlated with the compressive strain state.
Thus, a film formed by twin domains can be viewed as a self-organized nanostructure consisting of 1-

nm- thick sheets of strongly compressed material embedded in a matrix of tensile strained LSMO.
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Misfit relaxation mechanism in
Lao.7Sro3MnOs films grown under compressive
stress:

Atomic and chemical structure of dislocation cores
and surface patterning by associated strain fields

6.1. Introduction

The most common strain relaxation mechanism in lattice mismatched heterostructures is the
formation of misfit dislocation (MD) arrays at the interface. This relaxation mechanism is described in
the classical model by Frank and van der Merwe [36] and Matthews-Blakeslee [37], who report that
the films grow pseudomorphically with a substrate (via elastic deformation) below a certain critical
thickness. Above this critical thickness, the film usually releases the accumulated strain energy by the
generation of MDs (via plastic deformation), which progressively accommodate the strain toward the
equilibrium bulk structure [208]. MD arrays in perovskite oxide heterostructures have been reported
recently, for example in SrRuOs/SrTiO3(100) [209], (Ca;_,Sr,)(Zri_«Ru,)Os/SrRuOs/SrTiO3(100) [210],
LaosCapsMnOs/SrTiO5(100)  [211], BaTiOs/SrTiO5(100) [212], PrScO3/SrTiO3  [213] and
Lao-SrosMn0,/LaAl05(001) [214].

A semi-coherent interface results from the presence of MDs exhibiting two well differentiated
regions separated by a transition zone. The first region corresponds to the dislocation core, which
may be considered as a different phase due to the reconstruction of bonds and atomic coordination’s
[215, 216]. Recent examples of this are the 5-fold coordinated Fe” in dislocation cores in BiFeOs on
SrRuO; due to the removal of one O column [216], which is also reported in oxygen deficient
dislocation cores in SrTiO; [217, 218], or the formation of fcc TiO, phase, consisting of edge-sharing
TiOg octahedra, at the tension region of the dislocation core of SrTiO; [219]. Furthermore, a
segregation of a particular element around the dislocation core may be produced due to the strain,
which is the case of the Pb segregation, together with an oxygen deficiency, ~ 1 nm around
dislocation cores at the interface between PbZrys,Tip4.s0s and SrRuO; [62]. The second region
corresponds to the region between the dislocations where the film is strained with respect to the

original bulk structure. This region is described by the long-range strain field of the dislocations,
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which are key for the realization of periodic functional bulk and surface patterns due to the strong

sensitivity of the electronic structure to strain.

MDs play an interesting role in oxides because they can form self-organized patterns at the
nanometre scale, in which the dislocation core and the surrounding area can behave differently from
bulk material [217, 218, 220, 221]. Commonly, misfit dislocations arrange in a regular square
network. A homogenous dislocation nucleation process, high dislocation mobility within the
interface, and effective repulsive forces generated between misfit dislocations induce their self-
arrangement [222]. Moreover, the overlapping of strain fields from individual dislocations causes
lateral modulations of lattice distortions, which may extend up to the free surface and modulate the
physical properties of thin films. In addition, the strain field from misfit dislocations forms a strain
pattern which may promote the growth of ordered nanostructures on the film surface and may be
used as a nanotemplate. In this direction, MDs have been used to produce strain guided patterned
surfaces in semiconductor [223, 224] and metal[23] systems. However, the extension of this concept

to oxide epitaxy remains unexplored.

In this chapter, microstructure, interface and defects present in Lag;SrosMnO; (LSMO)
ultrathin films grown on (100)LaAlO; (LAO) substrates are studied. A detailed study of structural,
chemical and electronic changes associated with the core of edge dislocation at the interfaces
between LSMO film and the LAO substrate is also performed. The progressive self-organization of the
MD network occurring during the epitaxial growth of these films and the evolutions of parameters is
also investigated. Special attention is paid to ultrathin films of only a few (3.5 and 6) nanometres
thick where the strain field of the dislocations affects surface topography and current distribution.

6.2.Experimental methods

The LSMO thin films, with thicknesses of 2, 3.5, 6 and 14 nm, were epitaxially grown on (001)-
oriented LAO substrates (from Crystec. GmbH) by magnetron sputtering, as described in
Konstantinovic et al. [124]

OC-SEM images were obtained in order to determine dislocation densities over large areas.

The overall film structure and the ordering of the MD network were analysed by XRD.

The effects of the formation of MDs on the surface morphology were examined by AFM in
tapping mode. Local electrical conductivity maps were measured by C-AFM. The lateral resolution of
the technique is, in principle, limited by the tip radius of ~ 10 - 20 nm. In the employed set-up, the
sample was grounded and the voltage was applied to the tip. An external /-V converter (Stanford

Research Systems) was used to provide access to a wide range of compliance currents (1pA to 1mA).

Planar view and cross-section TEM samples were prepared by conventional cutting, gluing and
grinding procedures, followed by an Ar milling step down to electron transparency and perforation,
using a PIPS at a small incidence angle. Low-magnification TEM images, HRTEM images, diffraction

contrast images, ED and STEM (HAADF and LAADF) images of samples in planar view were obtained
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by using a 200 kV FEI Tecnai F20 S/TEM electron microscope. The HAADF and LAADF images were
obtained using camera lengths of 70 mm and 490 mm, respectively. HRTEM images of cross-section
samples were obtained using a 200 kV FEIl Tecnai F20 S/TEM electron microscope and a 200 kV Cs-
corrected FEI Tecnai F20 SACTEM electron microscope. HRTEM images were used to obtain strain
component maps by GPA [83]. For HRTEM images obtained with Cs-corrected microscope, camera
distortions were corrected for the GPA analysis. STEM combined with EDS was performed using a
200 kV FEI Tecnai F20 S/TEM electron microscope with a convergence semi-angle of 17.1 mrad.

HAADF combined with spectroscopic analyses of cross-section samples were performed in the
image-corrected FEI Titan®™ G2 60-300 operating at 300 kV, equipped with a Super-X four quadrant
detector and a Gatan Quantum dual EELS spectrometer. HAADF images and dual EELS-SI of cross-
section samples were acquired with a probe convergence angle of 10.12 mrad. The EELS data were
acquired using a 15.64 mrad collection angle. The EELS spectrometer was vertically binned by 130x to
improve the readout speed. Dual EELS-SI (spectra-per-pixel) were acquired by scanning the beam
over areas which contained a single dislocation and areas in the interface between the dislocations.
The zero-loss and core-loss, from 500 eV to 900 eV, were acquired for every pixel compensating for
the intensity difference between them. The core-loss acquisition time per pixel was 0.5 s and for the
low-loss spectrum it was 0.001 s. A dispersion of 0.25 eV per channel was used. Spatial drift
correction was applied in order to minimize drift effects. The energy resolution measured as the full
width at half-maximum of the zero-loss peak through the sample was ~ 1.75 eV. HAADF images and
EDS mapping of cross-section samples were acquired with a probe convergence angle of 10.12 mrad
and an annular detector inner radius of 138 mrad. EDS spectral mapping data were acquired by
scanning the beam over areas which contained a single dislocation and areas in the interface

between the dislocations.

Moreover, HAADF imaging was performed by using the probe-corrected FEI Titan>™ 80-300
operating at 300 kV. The images of cross-section samples were acquired with a probe convergence
angle of 10.98 mrad and an annular detector inner radius of 69.08 mrad.

6.3.Misfit dislocations in Lag ;Sro3MnO;

LSMO presents a unit cell parameter of 3.881 A, as [178] and it grows under a compressive

stress on a LAO substrate, which has a parameter of 3.79 A, a,. Thus, the misfit strain is given by:

a; — ar 3.790A-3.881A
a¢  3.881A

E= =-0.023 (Eq. 6.1)
The OC-SEM image in Figure 6.1(a) shows a clear contrast forming a crossed pattern of parallel
lines following the [100] and [010] directions. Due to the low film roughness, as can be observed in
the AFM image presented in Figure 6.1(b), and to the use of backscattered electron detector, the
contrast in the OC-SEM image is related to crystallographic defects or the strain field [119]. Thus,

these lines are related to the presence of MDs at the interface, suggesting that the misfit strain
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between the LSMO and LAO is partially relieved by the formation of the MDs. However, the MDs are
not present in all the film thicknesses.
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Figure 6.1: (a) SEM and (b) AFM images of a 6-nm-thick film defining a crossed pattern contrast following the
directions [100] and [010]. Figure modified from Santiso et al. [225].

The presence of dislocations was corroborated by HRTEM images. In the HRTEM images of a
cross-section view of a 2-nm-thick film shown in Figure 6.2 (a), it is possible to observe that the film is
dislocation free and coherent with the substrate. On the other hand, HRTEM images of cross-section
views of 3.5, 6 and 14-nm-thick films exhibit a dislocated interface, as can be observed in the HRTEM

image of the thicker film shown in in Figure 6.2(a). The position of the dislocations is marked by
orange arrow.

(a)

(b)

Figure 6.2: (a) HRTEM images in cross-section view along [010] direction of 2, 3.5 and 6-nm-thick films. (b) FFT
obtained from a HRTEM image of 2-nm-thick film and (c) FFT obtained from a HRTEM image of 14-nm-thick
film. The red squares in the FFT mark the enlarged spots shown in the inset.
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Figure 6.2 (b) shows a FFT of a HRTEM image of the 2-nm-thick film. The FFT only shows single
spots in [100]* direction, corresponding to the in-plane lattice parameters. Nevertheless, it shows an
elongation of the spots in the [001]* direction suggesting the presence of a different out-of-plane
lattice parameter. In contrast, the corresponding FFT of a 14-nm-thick film image shows a radial
splitting of the spots as expected for a relaxed film (Figure 6.2 (c)). In the case of intermediate films
(3.5 nm and 6 nm) the radial splitting is not so evident and the FFT suggest that the films are partially
relaxed. The relaxations state of the different films is confirmed by the in-plane and out-of-plane unit
cell parameters analysed by XRD. Figure 6.3 shows the evolution of in-plane and out-of-plane lattice
parameters as a function of the film thickness. In the thinnest films (2 nm thick), the in-plane lattice
parameters are coherent with those of the substrate, while the out-of-plane lattice parameter is
expanded, as is expected for an elastic response of the film to an in-plane compression. Above this
thickness, in the 3-nm-thick film, dislocations are formed and the parameters start to relax towards

the bulk LSMO parameters, as shown in Figure 6.3.
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Figure 6.3: Evolution of in-plane and out-of-plane lattice-parameters in function of thickness measured by XRD.
Courtesy of Dr. J. Santiso.

The presence of MDs produce a complex contrast pattern in multi-beam low-magnification
TEM images, as can be observed in Figure 6.4(a). In this image it is possible to distinguish dark fringes
forming a crossed pattern. In the centre of this grid formed by the dark fringes there are four bright
areas, which are still observed in the HRTEM image presented in Figure 6.4 (b), related to the strain
field produced by MDs. Despite the strong strains associated with the dislocations, the HRTEM image

shows high crystal quality in a perfect atomic column arrangement.

This complex contrast is observed particularly in 6 and 14-nm-thick films. Despite the
complexity in analysing and explaining the origin of this contrast, due to the contribution of more
than one beam in the image, one possible explanation could be that the complex contrast pattern
corresponds to Moiré fringes. If the (100) lattice planes of the LSMO and LAO are considered, taking
into account their lattice parameters, 3.881 A and 3.79 A, respectively, the spacing of the

translational Moiré fringes would be ~ 16 nm. However, in the case of the 6-nm-thick film the
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spacing measured by the dark fringes in the image in Figure 6.4(a) is ~ 20 nm. This suggests that the
in-plane lattice parameter of the LSMO is not fully relaxed. If the experimental LSMO lattice
parameter, 3.865 A, measured by XRD for the 6-nm-thick film is considered, the resulting
translational Morié fringe spacing is ~ 19,5 nm, which is closer to the experimental measured value.

10 nm

Figure 6.4: Planar view (a) multi-beam bright-field low-magnification TEM image, and (b) HRTEM image from a
6-nm-thick LSMO film, viewed along [001] direction. In (a), red arrows mark the dark lines forming a crossed
pattern, corresponding to the MDs.

If the fringes obtained from the perpendicular set of (010) planes are superimposed on the
fringes obtained by set of (100) planes, as represented in Figure 6.5, this results in the network
contrast pattern as that is observed in the TEM image shown in Figure 6.4. However, the four bright
areas still remain unexplained suggesting a more complex situation.

—

dim
Figure 6.5: Schematic representation of the Moiré pattern obtained by superimposition of two orientations of
translation Moiré fringes.

The planar view HAADF images show bright lines, probably related to the presence of
dislocation lines, as shown in Figure 6.6. The spacing of the lines agrees with those measured by SEM
images, thus these lines probably correspond to the position of the dislocations lines. These bright

lines may indicate that these areas are thicker or have a different composition with respect to the
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darker areas, or that there are some contributions from the dislocation strain fields. As these films
present a low roughness surface, possible changes in thickness could be a result of inhomogeneous
milling during TEM sample preparation, which was discarded by SEM analysis (Annex B). In order to
determine whether this contrast is related to a chemical modification or to the dislocations strain
field, EDS and EELS chemical microanalysis were performed on planar view and cross-section
specimens of 6-nm-thick films. The pixel size of the EDS maps and line profiles was ~ 1 nm, while the
acquisition time was ~ 1s per pixel for the maps and between 10s and 30s for the profile. The La-L,
Sr-K, Mn-K, O-K and Al-K line energies were used to perform the elemental count maps and the line
profiles. These maps did not show variations of the element concentrations above the noise of the
spectrum. Therefore, this suggests that if there are some variations related to the presence of
dislocations, they are smaller and/or located in very small regions closer to the dislocation core.

Thus, the contrast variations are attributed to strain associated with dislocations.

L

Figure 6.6: A HADDF image of 6-nm-thick film.

6.4.Dislocation core structure and its vicinity

A dislocation is characterized by its dislocation line (u) and Burgers vector (b). The relation
between the line and the Burgers vector describes the geometry of the dislocation. Thus, an edge
dislocation is described by a b normal to u, while a screw dislocation by a b parallel to u.

The Burgers vector can be determined by drawing a Burgers circuit around the dislocation
core. Figure 6.7 shows an image of a dislocation core in a 6-nm-thick film viewed along the [010]
direction. The dislocation line runs along the observation axis. The Burgers circuit, marked with
yellow circles, yields a Burgers vector b, = a[100] parallel to the interface, as indicated in Figure 6.7.
Thus, misfit dislocations have an edge character with the glide plane (GP) parallel to the interface.
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Figure 6.7: HRTEM cross-section image of a 6-nm-thick film, viewed along the [010] direction. Yellow circles
mark the Burgers circuit.

Another way to determine the Burgers vector and the direction of the line is by diffraction
contrast analysis, using the g - b criterion, where g is the diffraction vector. Figure 6.8 shows planar
view diffraction contrast images of 3.5 nm ((a)-(c)) and 6 nm ((d)-(f)) film thickness acquired near the
[001] zone axis to determine the Burgers vector. Thus, in the image shown in Figure 6.8(a), with the
family of planes g(100) set into Bragg conditions, the changes in the amplitude contrast induced by

the presence of the [010] dislocation line can be observed as they are under a g - b # 0 condition.

(9

Figure 6.8: Planar view diffraction contrast images of 3.5 and 6-nm-thick films acquired near the [001] zone
axis. (a), (b) and (c) correspond to the 3.5-nm-thick film imaged with g(100), g(020) and g(110), respectively.
They are acquired in dark field conditions. (d), (e) and (f) correspond to the 6-nm-thick film imaged with
g(200), g(010) and g(110), respectively. They are acquired in bright field conditions.
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However, the other family of dislocations fulfils the invisibility condition g - b = 0 and as a
result, the dislocations cannot be observed. In the case of the image in Figure 6.8(e), obtained with
g(010), the situation is inverted and the [100] family of dislocations is observed. In the case of the
images shown in Figure 6.8(c) and (f), obtained with g(110), both families of dislocations are under
g - b # 0 condition and both contribute to the contrast in the image, though in the case of the 6-nm-
thick film, the contrast pattern is more complex. g(020) and g(200) diffraction vectors were also
used and the corresponding images are shown in Figure 6.8(b) and (d). Thus, two families of
dislocation lines may be distinguished: one following the [100] direction and the other following the
[010] direction, with [010] and [100] Burgers vectors parallel to the interface, respectively.

6.4.1.Atomic structure of the dislocation core

Figure 6.9 shows an atomic resolution HAADF image of a dislocation core in a 3.5-nm-thick film
obtained by a probe corrected STEM. In this image the brightness of atomic columns is proportional
to the atomic number, Z, therefore brighter dots correspond to the La/Sr or La atom columns
occupying the A-site sublattice of the ABO; perovskite structure while Mn/O and Al/O columns being
hardly visible.

Burgers Circuit

& Glide,plané ?

Figure 6.9: Atomic resolution HAADF image of a dislocation core of 3.5-nm-thick film. The Burgers circuit is
marked by dashed yellow lines yielding a[100] Burgers vector (yellow arrow), parallel to the interface between
the film and the substrate. Two white arrows mark the two extra half planes. The yellow line marks the GP.

The dislocation presents a a[100] Burgers vector parallel to the interface between the film and
the substrate. In the perfect b = a[100] dislocation, the extra half plane is composed by an A-site
plane plus a B-site/O plane. Since B-site/O columns are hardly visible owing to their lower atomic
number, at first sight the image suggests a perfect dislocation with a single extra half-plane of A-site
columns in the substrate side. However, careful analysis of the image reveals that the core is
dissociated in two partials corresponding to the two (hardly visible) half extra planes of B-site/O
columns running along the two vertical arrows shown in the image. Thus, the dislocation core is
dissociated, [100] >1/2[100] + 1/2[100] (b = b, + b), and presents two extra half planes separated
by one unit cell. This dissociation of a dislocation core has been proposed in a [100] edge-dislocation

core in SrTiO; [217] and polymorphism in dislocation cores in MgO [226].
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The dislocation dissociation draws a complex scenario with different possible dislocation core
structure configurations depending on the GP and the chemical composition of the two extra half
planes. For example, four atomistic models of dissociated dislocation cores have been proposed for
SrTiO; [217] and eight atomistic models of misfit dislocation in SrZrO; on SrTiO; which result from
considering two different termination states: (i) the cation sites of the film coincide with the
equivalent sites in the substrate and (ii) the perovskite sequence is broken, implying the coincidence
of non-equivalent cation sites between the film and the substrate [227]. Moreover, a more complex
scenario occurs if the two extra half planes have a different GP, which may result in other dislocation
core structure configurations, such as is observed in MgO [226], and also in some cases found in the
present films, though not discussed here.

In the samples studied here, the perovskite sequence (AO/BO,/A0/BO....) is continuous across
the interface between the film and the substrate. Thus, the possible atomistic models of dislocation
core structures presented by Zhang et al. [217] are adapted to the present case, from a bi-crystal to a
heterostructure, and are used as a reference in the present study. Four different dislocation core
configurations may be distinguished, as illustrated in Figure 6.10. In this simplified model, the
following considerations are taken into account: (i) the two extra half planes have the same
composition; (ii) the GP is the same for the two extra half plans and (iii) the dislocation core has a
zero net charge. Thus, the four possible dissociated cores are defined by the GP of the dislocations
and the composition of two extra half planes. Considering a simple dislocation, there are two options
for GP of the dislocation: either a AOgp or a BO,,cp, Wwhere A and B refer to the cation positions in the
ABO; perovskite. When it is combined with the two possible composition of the extra half planes
(HPs) (a AOyp or @ BO,p), it results in four possible combinations for a dissociated dislocation core:
(a) AOgp - AOup, (b) AOgp — BOyp, (€) BO,,6p - AOyp and (d)BO, cp — BOy pip.

The analysis of the image in Figure 6.9 reveals a dissociated core formed by two half extra
planes of BO,. Thus, if the extra half planes end in an O column, the GP would be an AO plane, as
illustrated in Figure 6.10(b), while if the extra half planes end in a Mn/Al/O column, the GP would be
a BO, plane, as illustrated in Figure 6.10(d). In the image presented in Figure 6.9, both extra half
planes probably end at Mn/Al/O columns, so both extra half planes have the same BO, GP. This
configuration leaves a central plane contained between the two extra half planes (referred to as the
axial plane), which is formed by an AO plane under the dislocation and continues as a BO, plane
above the dislocation, forming an antisite contact on the GP. An atomic model corresponding to this
configuration is shown in Figure 6.10(d). Compared to an undissociated core, this one is more
compact and is symmetric with respect to a mirror plane perpendicular to the interface. This
dislocation core configuration is the most commonly observed in the different dislocation core
images analysed in the 3.5 and 6-nm-thick films. However, the analysis of different dislocation
images suggests that other dislocation core configurations are possible, such as that built by AO extra
half planes. The differences between the different dislocation core configurations are very subtle,

and here, only the most common dislocation core structure will be considered.
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Figure 6.10: Atomic models of dislocation core configurations as a function of the GP and extra half planes
composition. (a) and (b) correspond to AOg with AO and BO, extra half planes, respectively. (c) and (d)
correspond to BO, g With AO and BO, extra half planes, respectively.

An inspection of the HAADF images reveals changes in the intensity of the spots in the axial
plane. Figure 6.11 shows intensity profiles obtained from the HAADF image along the AO, vertical
plane (blue) and the BO, plane (green) away from the dislocation core. The axial plane (black) is
added at the top. In the AO plane intensity profile, the intensity maxima correspond to La-Sr/La
atomic columns. Only La is occupying the atomic columns from the substrate to two atomic columns
under the GP. Over these two atomic columns under the GP, a decrease in the maxim intensity can
be seen in the profile, indicating that La and Sr occupy these positions. The intensity in the BO, plane
profile is very low and no differences can be observed. Moreover, the position of intensity maxima
under the GP agrees with the position of La-Sr/La atomic columns in the substrate due to the
influence of AO plane intensity in the profile. In the axial plane, the total intensity and the positions
of the maxima under the GP agree with those obtained in the AO plane, while the total intensity and
the maxima obtained above the GP agree with those obtained in the BO, plane. However, there are
two spots more intense than the Mn/Al atomic columns, pointing to the partial occupancy of these
B-site columns by heavier and larger cations, such as La>* or Sr** cations. This leads to the formation
of Lay, or Sry, antisite defects (expressed using the Kréger-Vink notation [228]) above the GP.
Comparing the ionic radii [229] of La** and Sr** in octahedral coordination, 1.032 A and 1.18 A,
respectively, with that of Mn*and Mn*, 0.645 A and 0.530 A, respectively, the driving force for
formation of such defects is considered to be the accommodation of the tensile strain above the GP,
which is discussed in the next section. Similar defects have been observed in an analogous misfit
dislocation core in BiFeO5[216].
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Figure 6.11: (a) The same HAADF image presented in Figure 6.9, in which the respective colour lines mark the
planes corresponding to the intensity profiles presented in (b). The two red arrows mark the two more intense
spots. (b) Contrast profiles taken along the axial plane (in black) (A); an AO vertical plane (in blue) (B); and a BO,
plane (in green) (C).

Until now, the dislocation core has been considered not charged. However, according to
electron microscopy and computer simulations in previous studies of edge dislocations in STO, the
dissociated dislocation core results from a structural relaxation induced by removal of an entire
oxygen column at the MD core [217, 218]. Also in heterostructures, such as in PbZrg.5,Tig430/SrRuO3
[62] and BiFeO5/SrRuO; [216], oxygen deficient dislocation cores are suggested. Moreover, the
formation of antisite defects between A and B sites, or a particular cation segregation as a result of
the strain, has been described [62, 216, 219].

6.4.2. Strain field from an individual dislocation

Figure 6.12(a) shows a HRTEM image of a 3.5-nm-thick film and the corresponding strain maps
of the in-plane, €.(x,z) (b), and out-of-plane, €,(x,z) (c), strain components around the MD. In the
3.5-nm-thick films, the dislocations are larger spaced compared to thicker films and it is easier to
analyse their individual strain field. In this GPA analysis, a medium Gaussian mask was used to select
the (110) and (1-10) lattice fringe, which yields a spatial resolution of ~ 1.1 nm. The x-direction is
defined as the direction parallel to the interface while z-direction is defined as the direction
perpendicular to the interface. In these maps the blue and purple colours indicate a higher level of
relaxation with respect to the substrate, as the reference of the lattice was taken in the substrate.
Thus, positive strain values indicate an expansion of the lattice with respect to the reference, while

negative values indicate a compression.
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Figure 6.12: (a) HRTEM cross-section image of a 3.5-nm-thick film. (b) In-plane (Exx(x,z)) and (c) out-of-plane
(E22(x,2)) component strain maps obtained from the image shown in (a). (d) Variation of the ¢/a ratio across the

position of a buried MD as determined from the experimental &y and &,, strain components maps. The
position of the profiles is marked in (a) by red and blue lines corresponding to the red and blue curves,
respectively. (e) Dilatation (D,,) map obtained also from the image shown in (a). (f) Theoretical dilatation map
of an identical configuration.

The position of the two partial dislocations can be clearly distinguished, along with the
compressive (red, yellow) and tensile regions (magenta, blue) extending into the substrate and the
film, respectively. It can be observed that the &,,(x,z) map show two arms propagating up to the film
surface, while in the &,,(x,z) map they rapidly vanish as a result of the elastic boundary condition
imposed by a free (001) surface. The strain field produces a local increase of the ¢/a ratio above the
dislocations. This can be observed in Figure 6.12(d), where the ¢/a(x) dependence at two different z-
levels above the dislocation is measured from GPA analysis, following the expression

C_f — CT‘ef X (EZZ + 1) (Eq' 6'2)
af aref (Exx + 1) ’

where Zr—ef = 1. The blue and red curves are taken close to the film surface and at half way from the
ref

buried dislocation core, as indicated in Figure 6.12(a). It can be clearly observed that the c/a ratio

91



Chapter 6

locally increases in the position just above the dislocation lines and the average ¢/a level increases
towards the film surface, which can be attributed to an elastic relaxation perpendicular to the film

surface.

The corresponding dilatation map, defined as D,, = AV/V = &, + &,, where V is the volume, is
depicted in Figure 6.12(d). D,, thus represents the fractional change in volume that can be correlated
with the size of cations redistributed around the MD core to accommodate the dislocation strain
field. A calculation using linear elasticity is shown in Figure 6.12(f) [230]. Comparison between the
experimental and theoretical maps reveals that while the latter exhibits a sharp boundary between
the tensile and compressive regions at the GP, in the experimental map a positive dilatation region in
blue colour extends between the two partials towards the substrate.

Moreover the displacement field above the dislocation core is clearly manifested as a
downward bending of the atomic rows above the dislocation core as may be observed in Figure
6.12(a). This bending is observed in all the dislocated films independently of the thickness. It is
quantified in Figure 6.13(a), which shows the measurement of the vertical displacement of the
atomic rows. The vertical displacement is measured at 12 unit cell (black) and 17 unit cell (red) above
the GP using the HRTEM image presented in Figure 6.13(b). The bending presents a maximum
amplitude of =1.25 A at the horizontal locus of the buried dislocation independent of distance of the

dislocation core, in agreement with elastic theory [230].
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Figure 6.13: (a) Vertical displacements of atomic rows measured at the surface (in red) and closer to the
dislocation core (in black) (b) The HRTEM image of a 6-nm-thick film used to measure the vertical
displacements. The orange arrows mark the dislocation positions.
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6.4.3.Chemical analysis of dislocation cores

Local spectroscopic analyses (EDS and EELS) were performed to identify the chemical changes

associated with the strain field of the dislocations.

Dual EELS-Spectrum Images

Figure 6.14 shows the dual EELS-Spectrum image (Sl) obtained from a dislocation core. The
region used to perform the EELS-SI is shown in Figure 6.14(a), marked by a green box. Figure 6.14(b)
shows the HAADF image acquired simultaneously with EELS-SI. This region is relatively thin and the
thickness is practically constant. The relative thickness (h/\, where A is the mean free path) is shown
in Figure 6.14(c), with a mean value of 0.344 and a standard deviation of 0.011 (minimum of 0.306
and maximum of 0.374). An energy window of 35 eV was used to obtain elemental maps of the O-K
(528-563 eV), Mn-L, (638-873 eV) and La-M,s (828-863 eV) edges. The resulting elemental maps,
together with their overlay, can be observed in Figure 6.14(d),(e), (f) and (g), respectively, where a
"T" marks the dislocation core.

Spectrum Image
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Figure 6.14: EELS-SI from a dislocation core. (a) HAADF image; the green box marks the region where EELS
mapping was performed. (b) HAADF image acquired simultaneously with the EELS-SI. (c) Relative thickness
image (h/A). (d)-(f) elemental maps obtained from O-K, Mn-L,; and La-M, s intensities, respectively; f) O-Mn-La
maps overlay. “T” marks the dislocation core, without considering the dissociation for the sake of simplicity.

In addition to the intensity change between the substrate and the film observed in all the
elemental maps, particular intensity variations are observed at the dislocations position in the Mn-
L, 3 map (Figure 6.14(e)) and the La-M,;s map (Figure 6.14(f)). Despite O-K map (Figure 6.14(d)) does
not show any intensity changes associated with the dislocation core, the EDS results show a
reduction of the intensity. The La-M,;s map shows an increment in lanthanum signal (Figure 6.14(f))
at the tensile region of the dislocation. Since the La},, antisite defects have been only observed at
two specific positions on the axial plane, the increment of La intensity may be attributed to an
increase of the La/Sr ratio in this region. Meanwhile, the Mn-L, 3 map (Figure 6.14(e)) does not show
a clear decrease in the tensile region. Instead, it shows an increase of the intensity under the GP,
which will be referred later in the EDS results.
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The O-K and Mn-L, ; edges were analysed in order to obtain information about the electronic
structure of the dislocation core and its vicinity. Figure 6.15(a) and (b) show the evolution of the
corresponding EEL spectra, across the dislocation core. The dashed spectrum, F, corresponds to a
location in the film far away from the dislocations and is included here for reference. Spectrum S
corresponds to a position below the GP beyond which the Mn signal vanishes and is used as a
reference for the LAO substrate. The zero loss peak taken in a dislocation core was aligned with the
zero loss peak of the reference spectra and the spectral intensity was normalized. Six spectra are
represented, three above the GP (DF1,DF2 and DF3) and three under GP (DS1, DS2 and DS3). The first
spectrum is taken in LSMO film (DF3), ~ 1.8 nm away from the GP, and the last one in the LAO
substrate (DS4), ~ 2 nm away from the GP. The GP of the dislocation is situated between spectra DF1
and DS1.
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Figure 6.15: Evolution of the energy loss O-K edge spectra (a) and Mn-L,; edge spectra (b) across the
dislocation. (c) HAADF image where the squares indicate the integrated areas from which each spectrum were
obtained. Variation of the L3 peak position (d) and the L, ; intensity ratio (e). The GP is marked by a vertical blue
dashed line.

Figure 6.15(a) covers the energy loss range between 525 and 555 eV, where the O-K edge is
found (around 530eV). The O-K edge is interpreted in terms of the transition from O 1s core levels to
O 2p states hybridized with transition metal states [106, 171]. In the LSMO reference spectrum (F), it
is possible to distinguish three different peaks, a, b and c. Peak a, also known as pre-peak, appears
around 531 eV and is attributed to the manganese 3d states [73, 106]. This peak is sensitive to the
Mn 3d band occupancy; thus, typically, it is weak for Mn*" with fully occupied 3d tyg Spin up levels
and one electron in the e, level, and becomes stronger as the concentration of Mn* increases.

Consequently, the analysis of this peak gives information on the cation oxidation state [73]. Here, in
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the dislocations region this peak is considerably weaker compared with the spectrum of the film (F),
and reduces as the Mn concentration vanishes towards the substrate, where the peak disappears.
The reduction of this peak may suggest an increment of the Mn oxidation state. The first main peak,
b, found around 536 eV, is attributed to hybridization with La 5d and/or Sr 3d bands [73]. Thus,
under the GP, the intensity of peak b increases and its shape becomes sharper and thinner as the
spectra get closer to the S spectrum, occupied only by La. Above the GP, a noticeable broadening of
the peak is observed due to the A-site becoming progressively shared with Sr cations. The third peak,
¢, found around 543eV is related to the projected unoccupied oxygen p states mixed with the B-site
4sp band [106, 171]. Here, as the GP is approached from the film side, the intensity of peak c
vanishes and recovers again below the GP, which can be tentatively attributed to the severe
distortion of the BOg octahedra near the MD core.

Figure 6.15(b) covers the 635-655 eV energy loss range, in which the Mn-L,; edge is found.
LSMO is a mixed-valence system, which consists of a mixture of Mn** and Mn*, with a nominal

oxidation state of Mn***

. Variations in the Mn-L,; intensity ratio or chemical shifts are typical
fingerprints of changes in the oxidation state [73, 106-109]. In particular, Figure 6.15 (d) and (e)
shows an energy shift of the L; peak and an increase of the Mn-L, ; intensity ratio relative to the F
spectrum in all the spectra taken above the GP and one unit cell below it. The variation of L; peak
energy with the vertical position across the dislocation core is shown in Figure 6.15 (d). An energy
shift value of -0.45eV is kept almost constant from DF3 to DS1, which assuming the nominal
oxidation state +3.33 for the unperturbed LSMO film, indicates an oxidation state of +3.03 (+ 0.03) in
the dislocation core. Two unit cells below the GP the Mn oxidation state increases until its
concentration vanishes. The increase of the Mn-L,; intensity ratio observed in Figure 6.15 (e)
supports a similar trend [106, 112, 114]. The value obtained from the reference point (F), which is
2.5 (+ 0.1), according to Ref. [73], yields +3.57 (+0.14). Now, if this value is considered as a reference
for the nominal +3.33, an average oxidation state of +2.7 (+ 0.2) is obtained for unit cell areas DF3
down to DS1, slightly smaller than that obtained by the chemical shift method. Therefore an
oxidation state of 3+ is assumed for Mn cations located in the neighbourhood of the MD core.

Figure 6.16 shows the lateral variation of the energy loss O-K (a) and Mn-L, 3 (b) spectra along
the GP, as well as an HAADF image (c) indicating the positions from which the spectra were obtained.
The GPO corresponds to the dislocation position while the positive and negative numbers (labelled
GP1, GP2, GP3,GP-1, GP-2 and GP-3) correspond to the spectra taken at the left and right positions
from GPO, respectively. The reduction of the c peak in the O-K edge spectra and the shift of Mn-L;3

edge spectra can be clearly seen, but only in the dislocation core position (GPO).

Thus, both the evolution of the pre-peak intensity and variations in the Mn-L,; spectral
features (chemical shift and L, intensity ratio) converged in a charge enrichment in the vicinity of

the dislocation core, preferentially in the tensile region above the GP.
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Figure 6.16: Evolution of the energy loss O-K edge (a) and Mn-L;; edge spectra (b) across the GP. GPO
corresponds to the position of the dislocation core. (c) HAADF image where the squares indicate the integrated
areas from which each spectra were obtained.

In order to assess the possible influence of octahedral distortions on the estimation of the Mn
oxidation state, Mn-L, ; edge spectral simulations were carried out using CTM4XAS [117]. Computer
simulations of the Mn3+-L2,3 edge and Mn4+'l.2,3 under compressive and tensile strain are presented in
Figure 6.17(a) and (b). They were performed by reducing the cubic O, symmetry (characterized by a
cubic crystal field splitting 10Dq) to tetragonal D,, and the degree of tetragonal distortion was tuned
through parameters Ds and Dt. Parameters 10Dq, Ds and Dt, for relaxed and distorted octahedra

were obtained Ref. [54], which are presented in the following table:

Distortion Symmetr 10Dq bt Ds
¥ Yo ey (eV) (eV)
. c>a . D4h 1.1 +0.03 +0.186
(in-plane compressive strain)
¢ = a cubic
(Undistorted) Oh 11 0 0
c<a D4h 1.1 -0.03 -0.186

(in-plane tensile strain)

Table 6.1 Values reported in the Ref. [54] used to perform the EELS simulations presented in Figure 6.17.
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Figure 6.17: Calculated Mn-L,; edges for a cubic crystal field (10Dg=1.1eV) (in blue) and large tetragonal
distortions (compressive strain and tensile strain, in red and green, respectively) for Mn*'(a) and Mn3+(b). (c)
L, 3 intensity ratio obtained from the spectra presented in (a) and (b).

In Figure 6.17(a)-(b), the L; energy shift between the Mn>* and Mn* can be clearly observed.
The L, intensity ratio obtained from these simulated spectra are shown in Figure 6.17 (c). In the case
of Mn*, the distortion of the MnOg octahedron slightly reduces the L, ; intensity ratio. In the case of
Mn*, the tensile distortion keep the L, intensity ratio constant whereas a compressive distortion
induces a slight increase of the L, ratio. However, these variations are smaller than those observed

in our experimental data.

Atomic resolution EDS

The chemical composition around the dislocation core was accurately investigated by atomic-
column resolution EDS. In addition, EDS provide information about Sr and Al, which were not
acquired with EELS. Their absorption edges are far higher in energy than the O-K Mn-L,3, La-M,;
edges, which makes it difficult to acquire all of them together and may reduce the energy resolution
of the spectra. Moreover, the concentration expected for Sr is low compared with other elements

and Sr-L edge typically shows a high signal noise ratio for mapping.

EDS-SIs were performed in a cross-section view along [010] direction. They were acquired as a
series of frames, where the same region was scanned multiple times. Spatial drift correction was

applied. For the EDS-SIs presented in this study, the time of collection was typically between 15-30
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minutes. Elemental maps were extracted from EDS-SIs with selected energy windows for each
element with previous background subtraction. To prevent possible energy overlaps, the energy La-

La, Sr-Ka, Mn-Ka, O-Ka and Al-Ka lines were used to perform the elemental maps.

Figure 6.18: HAADF image (a) with the dislocation in the centre and the corresponding EDS elemental counts
maps: La-La(b), AL-Ka(c), Mn-Ka(d), Sr-Ka (e) and O-Ka (f). “T” marks the dislocation core.

Figure 6.18 shows a HAADF image (a) with a dislocation in the centre and the corresponding
EDS counts maps, La (blue) (b), Al (yellow) (c), Mn (green) (d), Sr (red) (e) and O (pink) (f). These maps
present atomic column resolution, except for the Sr and O maps. The low concentration of Sr, 6at%
in the total of elemental concertation, is probably the origin of poorer spatial resolution. In the case
of O, it is well known that light elements are not well quantified and detected by EDS. The elemental
maps corresponding to the film (La, Sr, Mn and O) show a decrease of the counts at the position of
the dislocation core. In the case of Sr, a decrease is observed in all the vicinity of the dislocation, in

both tensile and compression regions.

These elemental intensity variations can be seen more clearly in the element profiles obtained
by integrating areas in the EDS-SI. Figure 6.19 shows the HAADF image of the dislocation core
presented in Figure 6.18 along with the rectangular areas that were used to obtain the elemental
profiles for comparison. The horizontal EDS profiles (yellow rectangles) were extracted from 2 unit
cell height areas just below and above the dislocation GP. A vertical profile in a region separated
from the dislocation core was used as a reference for the quantification calculation. It was extracted
from a 3 unit cell wide rectangle (in green) on the right of the image going from the LSMO film (top
part of the image) to the LAO substrate (bottom part). Given the large number of parameters
involved in the intensity of the EDS maps it is important that the reference corresponds to the same

image conditions.
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B

Figure 6.19: HAADF image of the same region where EDS-SI was collected. The rectangular boxes mark the
areas used to obtain the horizontal (in yellow) and vertical (in green) element profiles.

Figure 6.20 depicts the raw intensity data obtained from horizontal profiles above and below
the dislocation GP, as it is indicate in HAADF image shown in Figure 6.20. These profiles were
obtained by summing the x-ray counts in the perpendicular direction of the interface and integrating
an area of around 2 unit cells in a different rectangular box of 255 x 38 pixels (corresponding 5.52 nm
x 0.82 nm). This includes two A-site and two B-site rows, along with the corresponding O columns.
The zero x-position is placed in the axial plane, which is located at 2.75nm from the left side of the
box. The periodic fluctuations of the profiles indicate the atomic resolution of these profiles. The
horizontal profiles below the GP clearly display 15 full A-site (in the La signal) atomic columns,
whereas above they show 14 A-site La columns, one column less. Similarly, for the B-site, the Mn
profiles show one additional column of atoms below the dislocation GP.
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Figure 6.20: Elemental count horizontal profiles below (left) and above (right) the dislocation GP.
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However, in some parts of the EDS maps there is not a clear atomic resolution for the lighter
elements like, Al and O, as well as for Sr, because of its low concentration. In the tensile region, it can
be observed that all the elemental counts subtly decrease at the position of the dislocations, except
the Al counts, which are constant. On the other hand, in the compression region, an increment of
Mn is observed, which agrees with EELS measurements. However, a reduction of Al at this position to
compensate for the access of Mn at B cation positions is not clearly observed.

It is very likely that the boxes used for integration do not contain exactly the same proportion
of each atomic column. A similar effect is probably induced by the fact that there could be some
slight strain in the z-direction. Therefore, the intensities below and above the dislocation are not

directly comparable and a renormalization process is required.

o Profile Fitting

In order to apply this renormalization, the profiles were fit to Gaussian curves for each atomic-
column position. For La and Mn, with a defined atomic resolution, the positions and intensities of
each individual Gaussian peak were set as variable and their full width half maximum (FWHM) was fit
as a common variable for all the Gaussians for each different element. For the Sr and Al profiles,
which did not show atomic resolution, the peak positions were fixed after those obtained for La and
Mn. To adjust the O profile, the peak positions were evenly fixed after the A-site and B-site columns.
Additional Gaussian peaks at both the left and right end of the profiles were also fit to avoid edge
effects, although they were not taken into consideration for the normalization. The fitted curves for

each element profile are shown in Figure 6.21.
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Figure 6.21: Fitted curves for each element profile in the regions below (left) and above (right) the dislocation
GP. The vertical axes are scaled to show the fit to the experimental values and the atomic column resolution.
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The best fit for the FWHM of the Gaussians was obtained for the values in the Table 6.2:

signal FWHM (nm) FWHM (nm)
Below GP Above GP

La La 0.39 0.49

Sr Ko 0.40 0.45

Mn Ko 0.38 0.43

Al Kat 0.39 0.50

O Ko 0.27 0.29

Table 6.2: FWHM values for each element below and above the GP.

The FWHM values are consistent with those expected [94] for EDS which depend on the
energy of the chosen spectral line. The systematic increase in the FWHM values for the map above
the dislocation GP is likely to be due to a larger distortion of the unit cell affecting the channelling
conditions of the measurement. This blurs the atomic-column resolution due to the larger overlap

between the corresponding Gaussian peaks.

Figure 6.22 shows the corresponding integrated intensities below each Gaussian curve in the
position of the centre of each atomic column either in the A-site or B-site position. The O signal was
fit to independent Gaussian peaks both in the same positions as for A-site and B-site cations. The
profiles already reveal some trends. The most significant one is the increase of the Mn signal and a
concomitant reduction of the Al signal for the profile below the dislocation GP, in the position of the
dislocation core, approximately between x = -1 and 1 nm. In this position La and Sr signal seem to
reduce slightly. For the profiles above the dislocation GP subtle Sr and Mn reductions were also
observed at the dislocation region. Note that the O-K,, intensity seems to show a higher value at the
x-positions of the B-site cations than the ones at A-site cations. This is what is expected for a fully
occupied ABO; perovskite alternating AO planes and BO, planes. Then, along a vertical plane the

oxygen concentration in B-positions is twice that in A-positions.

For the normalization process, it is necessary to use intensities for each of the elements per
unit cell. Therefore, there are two different options: i) either combine the measurements for each A-
site column position with an average value of the two adjacent B-site positions, or the opposite, ii)
combine each B-site intensity with an average of the two adjacent A-site positions. Both methods
rendered similar values so here, only the first case is considered. The O-Ko intensity was taken as
the sum of the intensities in the position of the A-site cation and the average of the adjacent B-site
positions. The averaged intensities are presented in Figure 6.23. There was no substantial difference
between the averaged-per-unit-cell profiles and the profiles at A- and B-site positions, except for the
logical smoothening of Mn-Ka, Al-Ka. and O-Ka features which have been averaged for each unit cell.

These values were then taken as experimental values for the normalization.
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Figure 6.22: Integrated intensities of the fitted Gaussian peaks for the horizontal EDS profiles below (left) and
above (right) the dislocation GP. La-La. and Sr-Ko were located in A-site positions, while Mn-Kow and Al-Ka were
in B-site positions. O-Ka. Gaussians were fitted both in A- and B-site horizontal x-positions.
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Figure 6.23: Integrated intensities averaged for each unit cell (centred in the A-site cation) along the horizontal
profile below (left) and above (right) the GP. The averaged values for the B-site and O are placed in the position
of the corresponding A-site for each unit cell.
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o Quantification of atomic% concentration profiles

(1) Determination of k-factors

The elemental intensity profiles were converted into atomic% to quantify the subtle observed
variations. The conversion of X-ray counts into atomic% was performed by the Cliff-Lorimer method
[118], assuming the thin foil criterion. The principle is expressed in the following equation introduced
in the section 3.1.8:

g—z = kyp *;—Z (Eq. 6.3)
which relates the number of X-ray counts detected (I an Ig) from the elements (A and B) to the
concentration (C, and Cg) of the elements in the specimen with Cliff-Lorimer k-factor (kag), The k-
factor is a proportionality constant depending on the elements being analysed, the energy of the
incident electrons, and the relative sensitivity of the X-ray detector for the different X-rays. It can be
estimated from theoretical considerations or it can be measured by analysing a specimen of known

composition. Here, the k-factors were obtained from a reference zone in the analysed sample.

Since the absolute intensities in the EDS maps depend on many factors it is advisable to use a
reference value within the same map acquired under the same conditions. Ideally a region of
reference for the Lag;Sry3MnO; film could be taken in the top right corner of the image where one
can assume that the possible perturbations caused by the presence of the substrate and the misfit
dislocations are minimal. The same could be argued for the LaAlO; substrate. A region on the
bottom-right corner could be used as reference. However, under these conditions it would not be
possible to extract any information of Al-substitution into Mn position in the film (see example
presented in Annex C). To avoid this uncertainty, and with the aim of assessing the total composition
for A-site, B-site and O ions a supercell combining a number of film and substrate positions along a

vertical profile is taken as reference.

The vertical profile taken at the right of the map presented in Figure 6.19 overlapping with
some parts of the horizontal profiles is shown in Figure 6.24. It was obtained from the sum of the
intensities of the different columns in a rectangular box of 54 x 248 pixels (corresponding 1.1694nm
X 5.37nm) being approximately three unit cell wide in the horizontal direction of the maps. This
vertical profile is taken as reference assuming that the top region (distance = 0 nm) corresponds to
stoichiometric Lag;Srp3sMnQO;, while the bottom extreme (distance = 5.5 nm) corresponds to the
LaAlO; substrate. Despite the atomic-column resolution of the map, the Al-Ka signal profile is not

abrupt, which is an indication of interdiffusion between Al/Mn positions along the interface.

The k-factors were obtained from this reference profile in which the sample was considered
stoichiometric, assuming that the integrated area is formed by a (Lag ;SrosMnQ3)y(LaAlO;)y composed
structure. A similar procedure was performed using a bi-layer of Lag ;Sro3sMnQO; /BiFeO; [77]. The total
number of unit cells in the reference profile is 14 unit cells, formed by x Lag ;Sre3:MnO; unit cells and y

LaAlO; unit cells (x + y =14 unit cells). Neither HAADF images nor the EDS maps did show a defined
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contrast that allowed the identification of the interface plane between Lag;Sry3:MnO; film and LaAlO;

substrate. Therefore, the exact number of unit cells for each component was not determined. Given

this uncertainty different contacted planes were tested, varying the number of Lag;SrosMnO; and
LaAlO; unit cells, either (x, y) = (6,8), (7,7) or (8,6). Thus, the k-factors were determined using the
Eq.6.3 and the experimental intensities of the reference profile, and the theoretical concentrations
were established, (Lag 7Sro3sMn0O;),(LaAlO),.

5000

3000

MNet counts

2000

1000

Distance {nm)

Figure 6.24: EDS elemental counts along a vertical profile in the EDS-SI shown in Figure 6.19.

For example, for the case of a supercell of (Lag;Sre3Mn0s),(LaAlO;); the total concentrations

are

Csmoy7Laoy7 = Cra + Csr + Cyn+Cay + Co

(Eq. 6.4)

The atom proportion of (Lag;Srg3Mn03),(LaAlOs); supercell are 11.9 atoms of La, 2.1 atoms of

Sr, 7 atoms of Mn, 7 atoms of Al and 42 atoms of O. Thus, the relationships between these

concentrations are
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CL“—11'9—028 Eq. 6.8
o, " az " 0% (Eq. 6.8)

The k-factor that relates the concentrations can be defined using the experimental intensities
obtained from the reference profile and extracting it from equation (Eq. 6.3). Thus, the k-factors that
relate the different elements concentrations can be obtained by

Cra Isr Sr (Eg. 6.9)
kigsr = —=% =L = 5.67 + — -
Lasr CSr i La i ILa
Cra  lun Iun (Eq 610)
k =21 =170%— e
LaMn CMn : [La i ILa
Cra  la Ly (Eq. 6.11)
=2+« =170 - 6.
R
Ca 1o Io (Eq. 6.12)
R

If the total concentration of the supercell (Lag;SrosMn0s),(LaAlO;); is defined in atomic%,
CLsmo)7(La0y7 = 100%, the concentration of each element can be measured from a combination
of (Eq. 6.3) and (Eqg. 6.4). Here, the element concentrations were measured from the following

expressions:

c 100
La = I i Ji I (Eq. 6.13)
1 sr ) Mn Al ( 0 )
+ (kLaSr * 11 + (kLaMn * ILa) + (kLaAl * ILa.) + kiao * ILa

Csr = (Cra/kpasr) * (lsr/ILa) (Eq 6'14)

Cvun = (Cra/kramn) * (in/ILa) (Eq 6'15)

Car = (Cra/kraan) * (Lar/ILa) (Eq. 6.16)

Co = (Cralkiao) * (Io/Ia) - (Eqg. 6.17)

In order to obtain the element concentrations at one position it is necessary that all the
elements are present. This is a difficult calculation away from the interface, as well as in the

substrate, where there aren’t counts of Sr and Mn, resulting in a lack of data points.

Figure 6.25 shows an example of the three different element composition profiles obtained
from the k-factors measured considering following cases of supercell: (Lag;Sro3MnQs)g(LaAlO3)s,
(Lag7SrosMn0s),(LaAlOs);, (LagsSrosMnOs)g(LaAlO;)s. The total concentration of cations was

105



Chapter 6

considered by including oxygen in the calculation as well as without oxygen. In an ABO;

stoichiometric sample, the normalized total concentrations of A and B cations are 1. If the oxygen is

considered, the A and B cation concentrations deviate from 1 in all three cases. On the other hand, if

the oxygen is not considered, the A and B cation concentrations are best adjusted at 1.

Cations concentration

(Normalized at 1)

{Lag 7515 sMn0O5)g:{LaAlOS)g

{Lag 15r5 sMnO5)5:(LaAlOs),

{Lag 75rgsMnOs)g:{LaAlO;)s

Atomic %

|W\thout Qxigen HWlth Oxigen ‘

LSMO LAO LSMO LAO LSMOQO LAC
8u.c. |< Bu.c. | 7u.c. < 7u.c. | 6u.c. | 8u.c.
WW WWWW et aabak 0K,
I Mn K,

Frandona i 2

S

A
e
P

R O R e e
’ B
0 1 2 3 4 5 0 1 2 3 4 5 0 1 2 3 4
Distance (hm) Distance (nm) Distance (nm)
Glide plane Glide plane Glide plane

Figure 6.25: Elemental concentration profiles obtained by using the k-factors considering different supercells:
(Lag_7srg_gMnO3)g(LaAlo)6, (Lao_7sr0_3Mn03)7(LaAIO)7 and (Lao_7sr0_3Mn03)6(LaA|0)8.

The best fit to the concentration profiles was found when the composed structure is formed

by a total of 7 unit cells of Lag;Sro3sMn0O; and 7 unit cells of LaAlO3 ((Lag;SresMn03s),(LaAlOs);). This
corresponds to the case where the interface plane coincides exactly with GP (at distance=2.65nm).

The following Table 6.3 presents the K-factors obtained for this case:

k-factor Values
Kia-sr 0.173
Kia-nn 0.403
Kia-al 0.287
Kia-o 0.128

Table 6.3: k-factors obtained from considering a Lag ;Srg3Mn03),(LaAlO;); supercell.

different (Lag 7Sro3Mn0s)4(LaAlO3), combinations in the reference supercell.
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These k-factors were used to determine the horizontal concentration profiles. The error of

concentrations profiles was defined from the differences between the calculations assuming
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(2) Normalization of the intensity profiles

The integrated intensities of the reference profile are depicted in Figure 6.26. The integrated

intensities of the reference vertical and horizontal profiles in the overlapping regions are different for

each element because of differences in the integrating rectangles: 3 unit cells wide and 2 unit cells

high for reference and horizontal profiles, respectively (indicated with light grey rectangles in the

Figure 6.27(a)). In order to normalize the intensities a correction factor was applied for each element

to match the averaged intensities of vertical and horizontals individual profiles within the

overlapping boxes. Thus, as in the case of the horizontal profiles the reference one has been fitted to

Gaussian peaks. The resulting normalized intensities of the horizontal profiles are shown in Figure

6.27 (b) and (c).
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Figure 6.26: Fitted vertical profile (left) and integrated intensities (right) for each element at the position of the

corresponding ions.

(a) reference

reference (b)

(c)

LSMO

5004
4004
3004

2004

Integrated Intensities (a.u

100

T .
above below

LAO

below dislocation

La

above dislocation

._W.—_.‘k-——l—rJ—l/'

La]

Vertical distance {(nm)

Horizontal distance {nm)

horizontal distance (nm)

Figure 6.27: (a) Integrated intensities for the vertical [001] reference profile averaged at the A-site positions.
Normalized intensities of the horizontal [001] profiles below (b) and above (c) the dislocation GP.
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(3) Quantification

These normalized profiles are taken as the base for the quantification, combining the k-factors
and the formulas presented previously. The resulting element concentration horizontal profiles are
shown in Figure 6.28. The position of the axial plane is indicated by arrows. The elemental
concentration profiles are not strictly symmetric with respect to the axial plane, probably due to
inhomogeneities in the strain field and some inaccuracies in the integration reflected by the error
bars. It can be clearly seen that the distribution of ionic species above and below the GP, that is in
the tensile and compressive regions of the MD core, differ markedly between them.

In the compressive region, below the GP (compressive region), see Figure 6.28(a), the La
profile is raised up to ~ 18at% and remains unperturbed by the presence of the MD, while the Sr
concentration still shows a slight depression below the core. On the other hand, in the tensile region
Figure 6.28(b), there is a clear enrichment in La accompanied by a symmetrical depletion of Sr,
although the maximum ~ 2.5at% enrichment is not compensated by the decrease in Sr. This
observation rules out Sry, antisite defects as the origin of the increased brightness observed at B-
site positions sitting on the tensile region in the HAADF image shown in Figure 6.9 The unbalance
between La enrichment and Sr depletion extents laterally across the MD and therefore cannot be
explained by the formation of La},, antisite defects since they were always observed sitting on the
axial plane. Taking into account the ionic radii of La** in cuboctahedral coordination, 1.36A and Sr*,
1.44A [229], the depletion of larger Sr atoms goes against the accommodation of the tensile strain
above the GP.
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Figure 6.28: Element concentration profiles of the regions below (left) and above (right) the dislocation GP.
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The behaviour of B-site cations shows different trends. Comparing Figure 6.28 (a) and (b), one
observes that above the GP they do not exhibit significant variations, while below it the Mn
concentration shows an increase localized below the position of the MD core. The preferential
substitution of AI** (ionic radius, 0.535A) by larger Mn®" (0.645A) [229] in the compressive region is
again counterintuitive from an elastic energy minimization point of view. However, this localized
segregation of Mn nicely correlates with the anomalous dilatation observed in a similar dislocation,
as shown in Figure 6.12, suggesting that it might be favoured by the specific core structure.

Comparing the oxygen concentration profiles obtained from the tensile and compressive
regions of the MD, it becomes apparent that the GP marks the boundary between two well
differentiated ionic landscapes. As commented above, vertical elemental indicate that there is
background V;; concentration of about 3at% at the film and around the GP. Comparing Figure 6.28
(a) and (b), this background V{; concentration of about 3at% is preserved in the first two unit cells
above and below the GP, but is selectively increased in the tensile region around the MD core. This
behaviour strongly suggests that the vacancy formation energy is further reduced under tensile
strain, in agreement with atomistic simulations in ceria [[231], STO [232]] and CaMnO5[233, 234].

Chemical analysis of the interface between dislocations

In order to explore the chemical effects that produce the dislocations in the interface, the
region between the dislocations was also analysed. EDS-SI were performed at the region between
the dislocations in a cross-section view along [010] direction, following the same procedure

described in the previous section.

Figure 6.29(a) shows a HAADF image of 6-nm-thick film where two dislocations may be
distinguished marked with black arrows. The green rectangle marks the area used to obtain an EDS
map between dislocations. The element concentration profile, obtained by summing the x-ray counts
in the parallel direction of the interface of the whole EDS mapped area shown in Figure 6.29(b). The
black continuous line in profile marks the dislocation GP as a reference. The profile shows that the
interface is blurred by the diffusion between film and substrate. The width of diffusion region of the
interface between the dislocations is defined here as the distance between the drop in concentration
from 90% to 10%, which is marked with a discontinuous lines in the profiles. The extent of cation
diffusion depends on the chemical species and an asymmetric interface is observed with respect to
the A (Lanthanum and Strontium) and B (Manganese and Aluminium) cations. A-site cations interface
is sharper (width ~2.3nm), while B-site cations interface seems chemically rougher (width ~ 3.5nm).
A similar asymmetry between the extend of A- and B-site intermixing has been reported for other
perovskite epitaxial films [235]. Taking the GP as a reference, it can be clearly seen that dislocations
are located in the middle of the B cations diffusion interface; one or two unit cells above the
interface the LAO. Moreover, as a general trend, the Al concentration (~ 2at%) is present in the
whole thickness above the GP. In addition, the oxygen concentration profile shows a slight constant
depression, ~ 3at%, on the film side, indicating a background level of oxygen vacancies,Vg,

throughout the film volume. According to the dislocation spacing, this film exhibits a compressive
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residual strain of -0.8%, which might be enough to induce a noticeable decrease in oxygen vacancy

formation energy [236].
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Figure 6.29: Chemical analyses of the interface region from LAO (right) to the LSMO surface (left). (a) A HAADF
image with a green square marking the region used to obtain the EDS map between the dislocations. Black
arrows mark the dislocations. (b) Elemental concentration profile obtained by integrating the EDS map area.
Black continued line marks the position of GP. The respective diffusion regions are marked by grey windows.

The dual EELS-SIs obtained from the region between the dislocations also showed a diffusion
zone at the interface. These EELS-SI are used to inspect the evolution of energy loss spectra O-k edge
and Mn-L edge, respectively, across the interface between the dislocations. Figure 6.30(a) shows the
HAADF image of 6 nm thickness film, where the squares indicate the integrated areas (approx. 1 unit
cell) from which each spectrum were obtained by EELS-SI. The F spectrum in the LSMO, ~ 2.7nm
above the GP, and the last one in the LAO substrate (S), ~ 2.8nm below the GP are considered the
reference spectra from the LSMO and the LAO, respectively (presented previously in Figure 6.15)
The region between these spectra includes the diffusion region observed by EDS. Six spectra are
contained between these two spectra: three from above the GP to F spectra (IF1,IF2 and IF3) and
three from under GP to S spectra (IS1, IS2 and 1S3). The GP of the dislocation is situated between
spectrum IF1 and IS1.

The O-K edge spectra presented in Figure 6.30(b) show that pre-peak intensity reduces as the
spectra approaches the substrate where the pre-peak disappears, as in spectra IS2, 1S3 and S. The
intensity of the peak b under the GP increases and the shape becomes sharper and thinner as the
spectra get closer to the S spectrum. The intensity of the peak ¢ decreases slightly from the F spectra
to the IF1 spectra, above the GP, and recovers again below the GP, where the intensity increases and
the shape becomes sharper as the spectra get closer to the substrate (b) show that pre-peak
intensity reduces as the spectra approaches the substrate where the pre-peak disappears, as in
spectra I1S2, 1S3 and S. The intensity of the peak b under the GP increases and the shape becomes

sharper and thinner as the spectra get closer to the S spectrum. The intensity of the peak ¢ decreases
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slightly from the F spectra to the IF1 spectra, above the GP, and recovers again below the GP, where

the intensity increases and the shape becomes sharper as the spectra get closer to the substrate.

(@) 2.0010° ey ) P — —
TR Ly (\ Mn'Lzra
: 2,0x10° \
—~ 1,5%10° B A
=1 S .':’V-\\\\ Ay
& I L o 1,5x10° f?" \1\\\ 1 ///-m\;\\
2 1.0x10°F e j%’f/\.\\5:_?’}':\\\-.\""“"
2 w st NN NN
= 2 1,010 2 \N\S/,\\
£ g AN
= 50010} - £ JEtey S el
. 50x10° Vi 8
-...—’/ o
00 e 00 e
525 530 535 540 545 550 555 635 640 645 650 655 660 665

Energy Loss (eV)

Energy Loss (eV)

e
(d) < 6450 | (e) 3.6 :
Q2 GP | 3.4 GP,
S 6445 : 3,2 I
= $ = ! 0o 30 I
[2] [ ] I — I
8 6440 . A T 28] :
X
: | caoly 4 4 Hie !
g 6435 I 1 24 I
a : 2.2 :
o 6430 . —t— . 2.0 : - — .
= F IF3 IF2 IF1 181 |52 E IF3 IF2 IF1 [|s1 182

Figure 6.30: Evolution of energy loss O-K edge (a) and Mn-L,; edge spectra (b) across the interface between
dislocations. (c) HAADF image where the squares indicate the integrated areas from which each spectrum were
obtained by an EELS-SI. Variation of the L; peak position (d) and the L, intensity ratio (e). The GP is marked by
a vertical blue dashed line.

In the Mn-L, ; spectra presented in Figure 6.30(b) the intensity of the L; and L, peaks declines
from the F spectra to the IF1 spectra and under the GP, both L; and L, peak intensities are slightly
reduced as the spectra gets closer to the substrate and it disappears in 1S3 and S spectra. This means
that the transition from the film to the substrate is not sharp, it is gradual and starts in the position
between IF2 and IF3 spectra, ~ 1.5 nm above the GP, and ends at the position of 1S3, ~ 2 nm under
the GP. This transition zone covers a region of ~ 3.6 nm, which agrees with the width of the diffusion

region observed by EDS.

In addition, a subtle shift of peak L; towards less energy is observed in Figure 6.30(d), where
the absolute value of the peak at each vertical position is presented. Considering that F is the bulk
position of the L; peak, and assuming the average +3.33 at this position, an oxidation state decreases
to +3.2 + 0.03 at IF1, on the GP. Moreover, the Mn-L,; ratio of these spectra are measured and
presented in Figure 6.30(e). The evolution of the Mn-L, 3 ratio follows a similar trend to the L; peak

shift. Mn-L, 3 ratio follows a gradual increase until reaching the GP.
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6.4.4.Electrical charge per unit cell at the MD core

According to these results, the electrical charge per unit cell at the MD core was estimated
assuming a Mn oxidation state of +3 and the cation stoichiometry derived from EDS analyses. Results
obtained below and above the GP are shown in Figure 6.31 (a) and (b), respectively. It can be
observed that the behaviour is drastically different under compressive (a) and tensile (b) scenarios. In
the tensile case, a positive charge of g ~ +0.32 (+0.09) decorates the MD core within a lateral range
of 4 unit cells and decays with distance from the dislocation although the total extent of the
fluctuation is larger than the size of the employed analytical window. Comparison between Figure
6.28 (a) and (b) reveals that the charge enrichment is spatially correlated with the V;; concentration.
Interestingly, these chemical features are associated with an increased tetragonal distortion, ¢/a > 1.
This observation clearly illustrates the coupling between strain and chemical properties in complex
oxides at a local level, particularly through the strong sensitivity of Vg formation energies [236],[233,
234]. On the other hand, in contrast with the behaviour exhibited under a tensile strain, Figure 6.31
(b) shows that below the glide plane, where no preferential formation of Vs is observed (see Figure
6.28 (a)), charge neutrality is kept through the position of the MD. These results support previous
theoretical studies suggesting a dependence of Vg formation energies on the sign of the strain [234].
This can be understood taking into account the chemical expansion induced by the reduction of Mn
ions surrounding an electron donor V5. Moreover, the glide plane appears as a selective membrane
for Vs, which in turn defines a sharp boundary between charged and neutral regions in the MD
core. The observation of positively charged MDs draws a scenario opposed to that reported for MDs
in a similar manganite based heteroepitaxial system, Ndg 355ro6sMn0O3/STO [116]. In that case, though
not experimentally determined, it was assumed that no oxygen vacancies are formed in the core
region. The mechanism proposed by those authors considers the reorganization of 2D pristine
interfacial charges present prior to the formations of MDs into 1D chains along the dislocation strain
fields when MDs are introduced in the interface. The present experimental results, however, are
consistent with recent theoretical and experimental studies signalling the determining role of
dislocation strains in promoting the generation of Vs [236] ,[233, 234]. These studies indicate that
Vs are thermodynamically favored under strain, and thus exert a decisive control on the distribution
of cationic species in the strain field, particularly by increasing the ionic volume of Mn as a

consequence of the transfer of electrons from the vacancies into unoccupied d e, levels.
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Figure 6.31: Unit cell charge characteristics computed from the ionic distribution below (a) and above (b) the
GP presented in Figure 6.18. Arrows mark the position of the axial plane of the misfit dislocation.
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6.4.5.Spatial distribution mechanisms of ionic species around the misfit dislocation core

The basic mechanisms involved in the spatial distribution of ionic species around the MD core
are schematically illustrated in Figure 6.32. As indicated, contrary to what would be expected from
an elastic energy minimization perspective, Sr cations, larger than La, diffuse away from the tensile
zone. This can be understood by the counterbalancing volume effect of the formation of Laj,
antisite defects, which according to the Shannon ionic radius of La®* and Mn*" in octahedral
coordination, 1.032A and 0.645A, respectively [229], yield a huge localized positive dilatational strain
of 60%. However, the strain field associated by a point strain source is known to induce a shear
without dilatation in the neighbouring matrix as well as to decay as 1/r* with distance, r, from the
source [237]. Therefore, the strain accommodating effect of point defects is very local and requires
an homogeneous distribution of point strain sources to be effective. On the other hand, Vgs also
accumulate in the tensile zone. The radius of an oxygen vacancy in the perovskite structure can be
considered similar or slightly smaller than the radius of an oxide ion [231] and therefore their
distribution will have only small or negligible effects on the accommodation of the MD strain field.
The formation of Vs, on the other hand, has important consequences on the electronic structure of
Mn ions; in principle each oxygen vacancy leaves two free carriers [238] (though at high vacancy
concentrations this number can be lowered [239]) that are transferred to the Mn d band, thus

reducing its oxidation state according to the redox reaction:
0% + 2Mniyy © Vg + 2Mnjy, +20; T (Eq. 6.14)

where Mn* is used as the reference state for the host B-site. According to Eq. 6.15, each oxygen
vacancy releases two electrons which reduce two neighbouring Mn*" cations. The average
Mn*,,Mn*,5 cation has a radius of 0.610A smaller than the ionic radius of Mn®". Considering a
substitution rate of Mn*" by AI** (octahedral radius, 0.535A [229]) of 1/4, the radius of the average B-
site cation becomes 0.617A, close to the bulk value 0.610A. Thus, within experimental errors, there
are no significant differences between the ionic radii of the average B-site cations located in the
tensile region and those located in the bulk film far from the influence of the MDs, suggesting that
despite the observed cation intermixing most of the MD strain is accommodated by elastic distortion
of interatomic bonds. Strikingly, the slight depletion of Sr, leading to a decrease in size of the average
A-site cations in the tensile zone, is not compensated by any significant dilatation of the B-sites. In
this scenario, the unique significant chemical expansion effect contributing to the relaxation of the
tensile strain above the GP of the MD, comes from the formation of Laj;, antisite defects on the

axial plane, which as commented above, have a very local compensation effect.

Interestingly, the results of the present study are in contrast to atomistic simulations of the
distribution of trivalent dopants around an edge dislocation in ceria [231]. In that case, the driving
force governing the distribution of dopants is the minimization of the elastic energy, i.e., larger
dopants accommodate in the tensile zone whilst smaller ones replace Ce*" in the compressive zone.
Those authors also conclude that the spatial distribution of Vs is dictated by electrostatic
interactions: positively charged oxygen vacancies are attracted by negatively charged trivalent

dopants regardless they are located in the tensile o compressive regions of the dislocation. Taking
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into account the LSMO stoichiometry, La**;,Sr*" Mn**.,Mn* 05, charge neutrality imposes & = (x -
y)/2. Since, on the basis of the present EELS analysis, Mn cations located in the neighbourhood of the
MD core are in an oxidation state of +3, the charge neutrality condition becomes & = x/2, which in
Kréger-Vink notation reads as [Sri,] = 2[V;;]. This relation suggests that the observed depletion of
Sr can be attributed to a tendency to minimize uncompensated charges, and importantly, that Sr
depletes as a consequence of the preferential formation of Vgs in the tensile zone. Hence, the
positively charged region very likely results from the competition between elastic and electrostatic
energies associated with the formation of Vgs and the diffusion of Sr cations, i.e., the
thermodynamic equilibrium value of [V] in the tensile zone is too high to be compensated by Sr
depletion due to the larger ionic radius of Sr compared to the La one.

La

Sr
Oy +2h* < Ve +10,1T J

B Tensile
B Compressive
Mn
(0]

Figure 6.32: Schematic illustration of the basic mechanisms operating in the MD core. Red and blue represent
tensile and compressive regions, respectively. The redox reaction indicated in the tensile region is displaced to
the right, favouring the formation of electron donor oxygen vacancies, V;. Each vacancy nominally releases two
electrons which can reduce two neighboring Mn*" cations according to Eq. 6.16. The imbalance between the
rate of Sr diffusion out of the core region and the concentration of V{j results in a positive charge at the tensile
region. The GP acts as a barrier for the redistribution of vacancies as indicated by arrows. Laj;, antisite defects
form at the axial plane, on the tensile region, to accommodate the tensile strain.

6.5.Evolution of misfit dislocations as a function of film thickness [225]

The evolution of MD density as a function of the thickness was analysed by OC-SEM. These
images show lines as a projection of the MD network on the interface plane. Thus, OC-SEM images
offer a direct method to reveal the presence of MD patterns much simpler than TEM. Figure 6.33
shows OC-SEM images of 2, 3.5, 6 and 14-nm-thick films. The thinnest film (2 nm thick) does not
show any evidence of misfit dislocation formation, while 3.5 nm, 6 nm and 14 nm films present a
pattern of lines. In the case of 6 nm and 14 nm films, a regular network is formed by a narrow
distribution of MDs. Therefore, a critical thickness between 2.0 nm and 3.5 nm can be inferred for

the formation of MDs.
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Figure 6.33: OC-SEM images of 2, 3.5, 6 and 14-nm-thick films. Courtesy of Dr. Balcells.
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6.5.1.Spacing and length evolution of MDs

A progressive increase of MD density as a function of thickness can be observed in Figure 6.33.
OC-SEM images were used to quantify MD distribution as a function of film thickness. Figure 6.34 (a)
shows the histograms obtained from 190 measurements (95 in each direction) of dislocations spacing
for each SEM image. The histograms consist of a single mode Poisson distribution with different
mean and standard deviation values. This type of distribution is different from bimodal distributions
often observed in semiconductors (in the diluted MD dislocation regime) which are related to the
interaction between 60° dislocations with opposite in-plane component to form pure edge
dislocations [240]. The film with a 3.5 nm thickness shows a mean dislocation separation of around
38nm, which corresponds to a dislocation linear density of 2.6 x 10° cm™*, while for the 7nm and 14
nm thick samples, the mean separations were 25 nm and 16 nm, respectively, with linear dislocation

densities of around 4.0 x 10° cm™ and 6.2 x 10° cm™*
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Figure 6.34: (a) Histograms of the separation between consecutive MDs measured from the SEM images of the
films of different thicknesses (3.5 nm, 6 nm and 14 nm); (b) dependence of the linear dislocation density versus
the reciprocal film thickness, as measured by SEM (black symbols) and XRD as estimated from the LSMO cell
parameter values (green symbols), along with the standard deviation of the distribution by SEM (blue symbols)
Figure from Santiso et al. [225].

Considering a fully relaxed LSMO film, with cell parameter a,smo= 3.881A, the theoretical

dislocation spacing can be calculated by

_Ibl (Eq. 6.19)
T €
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Assuming a burgers vector of one unit cell of the substrate, for example in the direction of
[100], b = aLAO[100] (|b|=3.79 A), and a misfit € = -2.3%, the dislocation spacing for a full relaxation
is $=16,5 nm, which corresponds to an MD density of 6.0 x 10° cm™ and means one MD every ~ 43
unit cell of the LAO structure. This spacing is similar to the mean value for 14-nm-thick films
measured by SEM images.

The MD spacing can be also estimated by using the in plane parameter values obtained by
high-resolution XRD for each film thickness using (Eq. 6.19). For example, for 6 nm and 14nm, with
3.865 A and 3.877 A in-plane lattice parameters and € = -1.9 % and € = -2.2%, respectively, the
spacings are 19.5 nm and 17 nm which corresponds to dislocation linear densities of 5.1 x 10°> cm™
and 5.8 x 10° cm™. All of these calculated values are in agreement with the spacing values measured
by SEM.

Thus, the spacing between the MDs reduces with thickness, which translates into a progressive
increase of the mean values of the experimental linear dislocation density, reaching almost full
relaxation for the 14-nm-thick sample. Figure 6.34(b) shows the dislocations density (p), measured by
the SEM images (in black) and by (Eq. 6.19) using the X-ray determined parameter (in red), as a

function of the reciprocal film thickness (1/ h).

The relationship between MD density and reciprocal film thickness is roughly linear following

the expression

Pwmp = prelaxed(l - hc/h) , (Eq- 6-20)

where h. is a critical thickness. The MD density follows this expression above h. and before it
reaches saturation at the maximum dislocation density for the fully relaxed films, consistent with
Matthews and Blakeslee’s model [37]. Thus, the critical thickness value can be extrapolated from the

thickness where pyp = 0, which is approximately 2.5 nm.

The critical thickness may be derived from thermodynamic equilibrium considerations.

Matthews and Blakeslee derived a self-contained expression for the critical thickness, h. [241]

b (1-vcos?6) ah, (Eq. 6.21)
h, = - In(—),
4n€ (1 +v)sin6bcosP b

where b is the modulus of the Burgers vector, € is the magnitude of the misfit strain, v is the Poisson
ratio, and 6 and ¢ are the angles between the Burgers vector and the dislocation line and the
interface plane, respectively. The value of the dislocation core parameter, a, may vary between a =1
and a = 4, and in practical cases, it is obtained from experimental data. As an estimate, in this case,
the value of a = 2.72 is assumed, first derived in the Matthews and Blakeslee theory [37]. The values
of B8 = 90°, @ = 0°, were used in this study. The Poisson ratio, v = 0.32, was calculated from the
experimental LSMO cell parameters of the fully strained 2.0 nm film measured by high-resolution
XRD, out-of-plane ¢ = 3.985 A and in-plane a = 3.790 A. A h, =~ 2 nm is obtained, which is slightly
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below the experimental. The good agreement between the theoretical and the observed h, indicates

that plastic relaxation is not retarded by kinetic barriers.

The standard deviation of the distribution of MD separation and the distribution of the lengths
of the dislocation half-loops also changes with the MD density. The standard deviation is also shown
in the graph in Figure 6.34(b) represented by blue dots. It also varies with film thickness, starting with
a very wide dispersion for the 3.5-nm-thick sample, of around of ~ 18 nm, and reducing gradually to
about 9.5 and 3.6 nm for the 6 and 14-nm thick films, respectively. This distribution follows an almost
linear dependence with thickness, approaching a zero value for the thicker films, which indicates the
trend towards an ordered arrangement of the MD network. Thus, at the start of MD formation, the
standard deviation presents very large values indicating that the separation between the dislocations
is random. However, as the MD density increases, the dislocation strain fields interact and

progressively narrow their distribution.

On the other hand, the distribution in length of the dislocation half-loops is wide in the 3.5 nm-
thick films, with a low density of MDs. In this film thickness, the length goes from tenths to several
hundreds of nanometres as is observed Figure 6.33. While some MDs end within the film, most of
the MDs end when they meet another perpendicular MD line. This observation is consistent with the
ends of MDs turning into threading dislocation half loops emerging at the film surface, previously
reported in SiGe and IlI-V semiconductors [242]. In the 6 nm film, the majority of lengths are

hundreds of nanometres long, as observed in the SEM (Figure 6.33).

According to equilibrium theory, the energy barrier needed for a half-loop of critical radius to
survive increases with decreasing misfit strain [243]. Therefore, as the misfit is relieved by expansion
of existing half-loops, the nucleation of new ones becomes kinetically suppressed. As a consequence,
the average dislocation length increases whilst their lateral spacing narrows as the films thicken, in
excellent agreement with experimental observation. According to this evolution, the density of
threading arms of MDs rapidly decreases as the films thicken, while the strain state of the films
becomes determined by the increasingly ordered interfacial MD network.

6.6.Strain distribution within the volume of the dislocated film

6.6.1.In-plane distribution of the strain field:

To visualize the bulk strain state of the dislocated films, a planar view strain sensitive LAADF
image was obtained from films with different thicknesses (3.5 nm, 6 nm and 14 nm), as can be
observed in Figure 6.35. The change in the contrast in these types of images reveals the strain fields
in the film caused by the presence of the buried misfit dislocations. Thus, in a 3.5-nm-thick film,
bright lines corresponding to the dislocations can be observed, while the 6 and 14-nm-thick films
show a more complex contrast pattern. They show a cross pattern formed by dark lines, where the
dark contrast is more intense at the intersections, and with a dark contrast in the centres of the
squares. To understand the information that comes from to these contrast patterns, they were

compared with the spatial distribution of the residual in-plane strain &,,(x,y)+€,, arising from a square
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network of by =[100] and by =[010] dislocations, using continuum isotropic elasticity. €y is background

misfit strain, which in the case studied here is &;- -2,3%.

3.5nm 6nm 14nm

LAADF

100 nm
—

HAADF

Figure 6.35: LAADF images of 3.5, 6 and 14-nm-thick films at the top from right to left and the corresponding
HAADF images at bottom.

The calculated strain map for the 6-nm-thick film is shown in Figure 6.36(b), which presents a
good correspondence with the LAADF experimental image (Figure 6.36(c)), in which darker areas
correspond to a lower degree of misfit relaxation. Thus, minimum relaxation levels are found in the
regions between the dislocations and along the locus of dislocation lines, with a lower minimum at
the crossing points, as also observed in the experimental image.

Figure 6.36: (a) and (b) Planar view HAADF image and the corresponding strain sensitive LAADF image of a 6-
nm-thick film. Arrows indicate dislocation lines running along the [100] and [010] directions and circles mark
their intersections. (c) Calculated distribution of residual strains (Exx+&o)(x,y) in a similar film; arrows indicate
dislocation lines, and colours correspond to different strain levels, as indicated in the colour scale bar. Modified
from F. Sandiumenge et al. [230]
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6.7.Surface strain and functional properties [230]

The strain state of the free film surfaces is estimated using the displacement fields derived
from the image dislocation approach [89]. The vertical and horizontal atomic displacements, u, and
u,, at the free surface of a film with thickness d, induced by an interfacial dislocation with Burgers
vector bx, are given by [244]

b, o (Eq. 6.22)
UZ(X)_;< 2+d2>

X Eq. 6.23

u(x )——[ v tanl(a)] ) (Eq )

Considering that b, = aLAO = 3.79 A, from (Eq. 6.22), the amplitude of the downward atomic
displacement at the dislocation coordinate x = 0 is by/m= ~ 1.20 A, in agreement with the
displacement field determined from Figure 6.13. The modulation of the surface strain is then
obtained by differentiation of (Eq. 6.23) &, (x) = du,(x)/dx giving

b,d <x2—d2 >
€ (0= +1]. (Eq. 6.24)

rt(x2 +d? ) x2+d?

The tensile strain given by (Eq. 6.24) is superimposed over the background compressive misfit
strain produced by the substrate, &, yielding a residual surface strain, €,(x) + €, which is
represented in Figure 6.37 for the 3.5 and 6 nm thick films, respectively. This figure shows three
dislocations, the central one at x = 0. The assumed dislocation spacings are 25 nm and 19 nm for 3.5
nm and 6 nm thickness films, respectively. For the 3.5-nm-thick film, almost total relaxation (€,(x) +
&) ~ € occurs at each side of the dislocation line at a distance of about ~ 4 nm. For the 6-nm-thick
film, the overlapping of strain fields deletes the fluctuation between adjacent MDs. In this case,
complete relaxation is achieved within a region of size similar to the thickness of the film located

between the adjacent dislocations.
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Figure 6.37 Calculated modulation of in-plane strain at the surface of 3.5 and 6-nm-thick films, originated from
buried MDs; the spacing between MDs is the average spacing determined experimentally for each thickness.
Modified from Sandiumenge et al. [230]
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6.7.1. Modulation of film topography

A morphological transition occurs from a flat surface observed in the 2-nm-thick film to an
undulated surface in thicker films occurs. Figure 6.38(a) shows HRTEM images in cross-section view
along the [010] direction of the films of 2 nm, 3.5 nm and 6 nm thickness. The 2-nm-thick film
presents a flat surface with unit-cell high steps, while the 3.5-nm-thick film presents an undulation of
the surface. This surface undulation is due to outgrowths and a downward bending of the horizontal
atomic rows above the dislocation core due to the vertical displacement field of the dislocation, u, =
b/m ~ 1.2A [230]. The outgrowths tend to be formed on the surface at each side of the projected line
of the buried MDs (indicted by red arrows in Figure 6.38(a)). Figure 6.38(c) shows AFM images in
planar view of the 3.5 and 6-nm-thick films. In agreement with the cross-section HRTEM image of the
3.5-nm-thick film, it is clearly seen that the surface topography consists of a network of ridges and
terraces mimicking the underlying dislocation network. Hence, the outgrowths correspond to a
section of the ridges observed in the AFM image. However, in thicker films, the outgrowths are no
longer present while the bending of atomic planes prevails independently of film thickness, as can be
seen in the HRTEM image of the 6-nm-thick film (Figure 6.38(a)). The bending caused by the
displacement field of the dislocations, u,, is clearly seen as a crossed pattern of parallel lines
following the [100] and [010] directions in the AFM images, as can be observed in the 6-nm-thick film
(Figure 6.38(b)).
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Figure 6.38: (a) HRTEM images in cross-section view of films of 2 nm, 3.5 nm, 6 nm thickness (from top to
bottom). Orange arrows indicate the dislocation position while the red arrows indicate the outgrowths. AFM
images of 3.5 and 6-nm-thick films. Figure adapted F. Sandiumenge et al. [230]
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The link between the morphological evolution of a free surface and the surface strain state is
given by the surface chemical potential [245] u(x) = uy + y2k(x) + 2w(x) where p0 is the
chemical potential of the unstressed flat surface, y is the surface free energy per unit area, {2 is the
volume of a growth unit, k(x) is the surface curvature and w(x) is the local surface strain energy
density [246]. Assuming a reasonably flat surface, k ~ 0, the modulation of the driving force for strain
induced surface mass transport due to an underlying pure edge MD located at x=0, ApO(x) = p(x) - u0O
= w(x), can be expressed as

g2, (x) (Eq. 6.25)
2+2v)

Apo(x) = QM (83 + Eo&xx(x) +

where M = 2G(1+v)/(1-v). According to Eq. (6.25), growth units will migrate from highly strained
regions to find stable positions at locations exhibiting minimum Ap(x) values at each side of the
dislocation. To illustrate this, Figure 6.39 depicts the chemical potential reduction relative to the
position of the MD, as a function of distance, x: Aug(x) = u(x) - 1y (Ug is the surface chemical potential
at the position of the MD) for the 3.5 and 6-nm-thick films. For the 3.5nm film, the fluctuation draws
two minima at each side, ~ 4nm away from the MDs. This abrupt gradient in Aug(x) should induce the
preferential nucleation of LSMO at each side of the MDs, leading to the formation of the observed
topographic pattern in the 3.5-nm-thick film. However, MDs can easily move to rearrange their
positions due to the GP being parallel to the interface plane, thus those surface features do not
necessarily appear to be associated with them.
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Figure 6.39: Modulation of the surface chemical potential corresponding to Figure 6.37.

It should also be noted that there exists a kinetic limitation for the vertical growth of the
ridges: Once a ridge is formed, the rapid increase in surface curvature at that point causes
competition between the surface energy, yk(x), and strain energy, w(x), in terms of the chemical
potential, eventually hindering its vertical growth. This scenario drastically changes as the film
surface moves further apart from the dislocation strain sources and the dislocation lines get closer,
as exemplified by the 6-nm-thick film (Figure 6.39). The plot clearly shows that a thickness increase of

2.5nm results in nearly a 50% decrease in the amplitude of the fluctuation in Augy(x). This effect
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contributes to homogenization of the chemical potential throughout the surface, resulting in flatter
films, in agreement with experimental observations presented in Figure 6.38. Therefore, the
formation of terraces in the 3.5-nm-thick film, exhibiting a wider dispersion in S values, can be
attributed to the overlapping of the strain field in regions with locally enhanced MD densities.

6.7.2. Impact of misfit dislocations on surface currents

The surface conduction properties of the films were analysed by C-AFM. Figure 6.40 shows the
AFM images (a) and corresponding /(x,z) current map (b) for a 3.5-nm-thick film. Current
enhancements are clearly seen as dark contrasts decorating surface steps, which are attributed to
the extended tip-surface contact area along their ledges. Within the terraces, brighter lines of
depressed current are also observed along the in-plane [100] directions. For the 6-nm-thick films, the
topographic ridge/terrace pattern is no longer present (Figure 6.40(c)) and the corresponding current
map still exhibits current depressions along lines parallel to the in-plane <100> directions, as seen in
Figure 6.40(d). Both, topographic and conduction images are correlated with the underlying MD
network, as the spacing between the brighter lines agrees with the spacing between the dislocations.
For example, for 6-nm-thick films a line spacing of 22 nm was obtained from current map, which is

similar that this measured from SEM images.

Figure 6.40: Topography (a)-(c) and simultaneous current map (b)-(d) for 3.5 and 6-nm-thick films, respectively.
Dashed lines on the current map serve as a guide to highlight the impact of the dislocation network at the
surface.
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The influence of strain on the magnetotransport properties of ABO; perovskite compounds is
mediated through the relative modifications induced by the tilt and distortion processes of the MnOg
octahedral framework. The <Mn-O-Mn> bond angle and the Mn-O bond length control the overlap
integrals between the Mn 3d and the O 2p orbitals. An elongation of the Mn-O distances or a
decrease of the <Mn-O-Mn> bond angle, would promote a reduction of the strength of double
exchange ferromagnetic interactions and therefore, a reduction of the ferromagnetic Curie
temperature, T, and an increase of electrical resistivity. On the contrary, the reduction of Mn-O
distances or the straightening of the <Mn- O-Mn> bond angle promotes the strengthening of double
exchange ferromagnetic interactions and a reduction of resistivity. Nevertheless, this scenario may
be strongly affected by selective orbital occupancy and antiferromagnetic superexchange
interactions. The balance between these competing effects is controlled by the ratio between
perpendicular and in-plane lattice parameters c/a, reflecting the degree of tetragonal distortion of
the structure [47]. In such a scenario, increasing ¢/a >1.0 works against the metallic ferromagnetic
behaviour and promotes an increment of the resistivity. As was previously mentioned in section
6.4.2, the c/a ratio locally increases above the position of the dislocation core. This strong
enhancement of ¢/a (tetragonal distortions) is fully consistent with the observed increase in electrical

resistivity.

Overall, this analysis gives a view of partly relaxed LSMO/LAO thin films as a conducting
compressed matrix, decorated with nanometric paths of less conducting material aligned in the in-
plane [100] and [010] directions.

6.8.Conclusions

This chapter has examined the relaxation mechanism of LSMO films grown under compressive
stress and the detailed structural and chemical features of dislocation core structures and their
associated strain fields.

Misfit dislocations are formed at the interface between LSMO on LAO, above a critical
thickness of about ~ 2.5 nm, as a relaxation mechanism to accommodate the misfit between them.
The dislocation cores are dissociated, formed by two extra half planes. These planes leave a plane of
AO composition, under a GP, which continues as a BO plane above the dislocation, or the contrary,
depending on the GP and extra planes composition. The dislocation core is characterized by a tensile
region above the GP and compression region below the GP. HAADF imaging and spectroscopic
analysis of the dislocation core reveal a particular behaviour of ionic species around the dislocation
cores. The HAADF images reveal the presence of Laj;, antisite defects in the tensile zone. The
spectroscopic analysis show variations of the elemental concentrations related with the dislocations
core: i) an increase of the La/Sr, ii) V5 accumulation, and iii) a reduction of Mn, in the tensile zone.
The depletion of Sr, leading to a decrease in size of the average A-site cations in the tensile zone, is
not compensated by any significant dilatation of the B-sites. This suggests that, the unique chemical
expansion contributing to the relaxation of the tensile strain above the GP of the MD, comes from

the formation of Lajy, antisite defects on the axial plane. The origin of this behaviour results from a
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complex interplay between elastic and electrostatic energies, along with the thermodynamic driving

force toward the formation of Vs in the tensile zone.

The particular procedure used for EDS data processing reveals that a best fit of the
guantification results is obtained if the k- factors are calculated considering a single ((LSMO),(LAO)y)
phase. In addition, the best fit is found when the interface plane of the supercell is considered to
coincide with the glide plane.

Misfit dislocations exhibit a strong tendency toward self-organization on the interface plane in
order to minimize elastic interactions between them. The MDs density increases as the films thicken,
following a linear dependence with the reciprocal thickness, forming a highly ordered periodic
crossed network of edge dislocations. The miniaturization limit imposed by misfit dislocation
mechanisms is the equilibrium dislocation spacing for total relaxation, bx/€; in the case studied here

about 16nm, below the limits achieved by top-down approaches (about 80nm).

The strain field of MDs introduces a lateral modulation of the surface topography and the
bandwidth-dependent properties at the free surface of the film. The two basic mechanisms leading
to the formation of these ordered functional patterns at the surface of LSMO/LAO thin film are
identified as: a) a lateral modulation of the surface chemical potential, leading to topographic
patterning; and b) a lateral modulation of the tetragonal distortion, ¢/a ratio, leading to a surface

current pattern.

This investigation demonstrates that the multiscale nature of dislocations holds great promise
for the creation of spontaneous surface ordered functional nanostructures in complex oxide thin

films.
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Chapter 7

General conclusions and outlook

7.1.General Conclusions

The work reported in this thesis presents an exhaustive microstructural characterization of
nanostructured heteroepitaxial films of functional oxide systems, focusing on the structure of the
interfaces and strain-relieving defects. The characterization was performed by applying imaging and
spectroscopic techniques using transmission electron microscopy. Two main different systems were
investigated: a LaMnO;:MnO, (LMO) nanocomposite epitaxial films grown on SrTiO; and LaAlO;
substrates; and nanostructured Lag;SrosMnO; (LSMO) epitaxial films with self-organized misfit

relieving defects grown on SrTiO; and LaAlO; substrates.

In the case of LMO films, the growth kinetics promoted the segregation of secondary phases
to compensate the chemical imbalance. In the case of LSMO films, the strain associated with the
mismatch between the lattice parameters of film and the substrate, either tensile or compressive, as
well as differences in shear angle, is relieved by the formation of self-organized twins domains or
dislocations, respectively. From this point of view, all the systems studied may be regarded as

nanostructured films.
The main conclusions obtained from each system are as follows:

In chapter 4 the spontaneous formation of regular vertically aligned nanoinclusions of a

manganese oxide (MnO,) embedded in an antiferromagnetic LaMnO; matrix was analysed in detail.

- The orthorhombic LMO matrix exhibits twin domains due to the Jahn-Teller transition occurring
during cooling. The values of in-plane lattice parameters indicate that the LMO thin films are
almost in a relaxed state.

- The spectroscopic analysis and HRTEM imaging suggest that the nanoinclusions are Mns0,,
accommodating the Mn®* cations reduced under the employed growth conditions.

- The vertical Mn;0,4 nanoinclusions present a wedge shape and their size and distribution are self-
organized within the LMO matrix. The orientation relationship of the nanoinclusions, basically
aligned with the main axes of the STO substrate and the LMO matrix, results from the
accommodation of the cubic Mn30, spinel structure, which nucleated in cubic LMO matrix during

the growth at elevated temperatures.
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- An epitaxial La-rich Ruddlesden-Popper phase (La,Mn0Q,) was identified close to the interface
between the LMO and the substrate. The presence of this phase suggested that the stoichiometry
imbalance generated by the nucleation of Mn;0, inclusions is accommodated by the creation of

this La-rich secondary phase.

In chapter 5, a microstructural study of epitaxial Lag;SrosMnO; films grown on SrTiO;, and
therefore submitted to a tensile strain, was performed. This work consisted of a detailed analysis of
the twin domain and the twin wall structure, as well as their implications on the film functional

properties.

- Twin domains are distinguished in low-magnification TEM and STEM (MAADF-LAADF) images due
to the contrast changes associated to the different orientations of the domains. However, in high
resolution images (HRTEM and HAADF), the twin contrast is practically absent and their position
was identified by the subtle tilt of atomic planes across the (100) or (010) twin walls.

- An increase of the twin angle was found in the vicinity of the twin wall. In cases where a twin
domain was observed to disappear towards the substrate, the tilt angle is observed to decrease
gradually. Apparently the TW does not reach the interface, but ends at an interfacial layer which
very likely exhibits a different crystal structure.

- Surprisingly, the accurate strain analysis of the twin walls region revealed that, despite the overall
biaxial tensile strain of the LSMO matrix, the twin wall is subject to a substantial uniaxial
compression.

- An enhancement of the local electric conductivity and the strengthening of the magnetic
interactions dereminated at the twin wall was associeted with this compressive state.

- Thus, it is postulated that these twinned LSMO films could be viewed as a self-organized
nanostructure consisting of 1-nm-thick vertical sheets of strongly compressed LSMO material
exhibiting different functional properties embedded in a matrix of tensile strained LSMO.

In chapter 6 the relaxation mechanisms of Lag ;Sry3MnO; films grown under compressive stress
on LaAlO; were examined. The local structure and chemical environment around the misfit

dislocations was carefully analysed to conclude the following features:

- The formation of misfit dislocations at the LSMO-LAO interface was observed as a relaxation
mechanism to accommodate the large compressive misfit between both materials.

- Misfit dislocations exhibit a strong tendency toward self-organization on the interface plane in
order to minimize elastic interactions between them. Progressively, the MD density increases
forming a periodic crossed network of edge dislocations with a highly ordered distribution. The
miniaturization limit imposed by misfit dislocation mechanisms is the equilibrium dislocation
spacing for total relaxation, b,/€: in the case studied here about 16nm.

- A detailed analysis of the dislocation core structure shows that those were in fact dissociated into

two partial dislocations, formed by two extra half planes. The dislocation core is divided into a
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tensile region above the glide plane and compressive region under the glide plane. A particular
distribution of ionic species was found around the dislocation cores, which resulted from a
complex interplay between elastic and electrostatic energies, along with the thermodynamic
driving force toward the formation of Vjjs in the tensile zone.

- The strain field of MDs projected from their cores produced a lateral modulation of the chemical
potential and the bandwidth-dependent properties at the free surface of the film, which is
capable of a) modifying the local surface morphology above the MD lines, leading to a
topographic pattern, as well as b) generating a lateral modulation of the tetragonal distortion (c/a
ratio), leading to a surface current pattern.

- This investigation demonstrates that the dislocations hold great promise for the creation of

spontaneous surface ordered functional nanostructures in complex oxide thin films.

Despite the fact that the mechanisms underscored in this work could be exclusive for LMO or
LSMO epitaxial films and very likely limited to the specific constraints like: substrate mismatch, film
thickness, and deposition conditions, it is envisaged that other heteroepitaxial structures combining
complex perovskite oxides may show a similar hierarchical behaviour. The results shown in this work
have evidenced how intricate the interplay could be between the structural, compositional and
electronic features in locally distorted regions, which substantially deviate from a usually conceived

lineal strain-versus structure standard models.

7.2. Outlook for future research

Self-organization of strain relieving defects in complex oxides is challenging as it needs control
on strain relaxation mechanisms. In addition, the local effects in the film properties due to the
presence of the defects are strongly linked to the defect structure and its associated strain field. In
this regard, a detailed characterization of the defects and interfaces is essential to understand not
only the relaxation mechanisms, but also the local effects in the film functional properties.

Given the continuous advances in transmission electron microscopy imaging and spectroscopy
techniques it is envisaged that progressively more insight will be gained in film characterisation with
higher resolution. This is the case of recent progress in annular bright field images, which permits
acquisition of information about lighter oxygen positions. This will be an extraordinary tool to
explore the complete structure of dislocation cores and twin walls, since most of the complex
transition metal oxide features are determined by the oxygen coordination, octahedral rotations,
oxygen vacancies, as well concomitant changes in transition metal oxidation state. In addition, EELS
analyses with improved energy resolution as well as atomic-scale lateral resolution at the defect
region and at the interfaces will provide information of the electronic structure and changes in the
coordination of elements. In this respect, the exploration of O-K edges will be essential to complete
the characterization of the defects and interfaces. In the case of LSMO/STO interfaces, the structural

information presented in this work suggests that an interface in twinned films is different from those
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obtained in non-twinned films (ultrathin films). These analyses will reveal the interface coupling

mechanisms in each case.
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A. Lattice parameters obtained from
HTREM images

The values of the unit cell lattice parameters presented in sections 5.3 were obtained by a
procedure based on the analysis of the FFT obtained from a single atomic row in the HRTEM image. A
typical FFT procedure to measure the interplanar distances uses all the image or specific large area,
giving the parameter values of these areas. In contrast, the procedure followed here only gives

information of a specific atomic row in the HRTEM image.

Thus, there were two basic steps: (i) selection of the intensity profile from the atomic row of
interest and (ii) performing the corresponding FFT. The first step was performed in the Digital
Micrograph environment using the profile routine. An intensity profile was performed across the
atomic row of interest, selecting a specific number of atoms in the row and integrating all the width
of the atomic row in the HRTEM image. This profile was then processed using the routines available
in the Origin software in order to obtain the FFT. The basic steps performed were (1) plotting and
interpolation of the raw data, (2) performing the FFT, and (3) fitting a Gaussian peak to the FFT
intensity distribution of first peak (the most intense), corresponding to the interplanar periodicity.

In sections 5.3, this procedure was used in order to obtain average values of the in-plane and
out-of-plane lattice parameters of the domains and interface layer. The atomic row profiles were
obtained from these two regions of the LSMO film. The atomic row profiles were formed by 5 atoms

and they were integrated in three different zones for each region.
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B. Assessment of specimen damage
during TEM sample preparation

As these films present a low roughness surface, possible changes in thickness observed in
planar view specimens could result from a preferential attack during TEM sample preparation.
Secondary electron (SE) SEM images of a planar view TEM sample were acquired from the substrate
side, which is the attacked part by the ion beam during the TEM sample preparation, to observe
possible variations in thickness due to a preferential attack.

Figure B shows a SE-SEM image (a) and the bright (b) and dark (c) field TEM images acquired in
the SEM from the same zone of the substrate. The TEM images show the contrast results from the
presence of MD, as can be observed in the inset enlarged of Figure B1 (a) and (b). In the SE-SEM
image, besides the typical undulations produced by the ion attacks during TEM sample preparation,
no other changes in contrast are observed indicating that there are no topography effects due to a
preferential attack related with the MD during the sample preparation.

Figure B: (a) Secondary electron SEM image obtained from the substrate side of a planar view TEM sample of a
6-nm-thick film and the corresponding (b) bright and (c) dark filed TEM images acquired in the same SEM
microscope. The red square marks the enlarged inset.
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C. Example of k-factor calculations
considering Lao.7Sro3MnO3 and LAO3 as
different phases

As an example, a profile obtained from a large map between dislocations, away from the
dislocations is shown in Figure C. The intensity elemental profile was obtained by integrating the area
of the EDS-SI in the horizontal direction. This profile was used to calculate the k-factor.

Firstly, the k-factors were calculated in the film and the substrate away from the interface as
shown in the image in Figure C, assuming that these positions followed the Lag;Srp3MnO;
stoichiometry for the film and LaAlO; stoichiometry for the substrate. The resulting concentration
profile is shown in Figure C(a). The conversion of La and O counts to atomic% was calculated using
the k-factors obtained from LSMO and LAO. Thus, the La concentration was measured with the k-
factors obtained from the film (k.,.s;) and the substrate (K...a), and as a result, two La concentrations
curves were obtained (inset in Figure C(a)). The point where these curves intersect was used to
establish the cut-off of the curve obtained from the k-factors of the film and connected from this

point with the curve obtained from the k-factors of the substrate.
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Figure C: (a) and (b) elemental concentration profiles obtained by using the k-factors considering the
references separately for the substrates and the films (LSMO/LAO) and considering one supercell
((LSMO)11(LAO)43), respectively.
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However, as can be seen in Figure C(a), if the criterion used for obtaining the La concentration
curve is applied to O, the O concentration at the interface is not well resolved. The resulting O
concentration curve shows and increment of the oxygen of 10at% at the intersection point.
Moreover, by this procedure it is not possible to extract any information about Al-Mn intermixing in
the film, where the Mn and Al curves intersect above 10at% resulting in an unrealistic excess of B
cations, as can be seen in the profile of the A and B cation concentration presented in Figure C (a).
Thus, the interface is not well resolved by this procedure.

In order to resolve the interface region, k-factors were calculated considering a supercell
(LSMO)x(LAQO)y, combining a number of film (x unit cells) and substrate (y unit cells) along a vertical
profile. In the case shown in Figure C(b), k-factors were calculated by integrating a total of 11unit
cells of LSMO and 18unit cells of LAO, considering the GP as an interface plane. The resulting

concentration profiles can be seen in Figure C(b).
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D. Beam damage effects on the
Lao.7Sro3MnO3 structure

During the development of the TEM experiments, some sample damage and phase transitions
were observed. They were observed in LSMO films, both on STO and on LAO, and also in the LAO

substrate.

In the case of LSMO, a change in the HRTEM contrast pattern was observed during the
observation. A dilatation of the out-of-plane lattice direction was distinguished, as shown the image
in figure D (a). This phase may correspond to a brownmillerite-type phase. The transition from LSMO
perovskite to brownmillerite under beam irradiation has been previously reported in LSMO films on

STO [247]. The appearance of this phase is attributed to the ordering of oxygen vacancies [247].
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Figure D: (a) HRTEM image showing the dilatation of the out-of-plane lattice direction. (b) HAADF showing the
loss of high resolution pattern in the LSMO (top-left corner) and in the LAO as beam damage. (c) EELS-SI of
LSMO-LAO where the image left indicates the integrated area (green box) and the central image correspond to
the HAADF image obtained simultaneously with the spectres. The spectres correspond at regions in the HAADF
indicated with arrows (top — to LSMO, medium — to upper part of LAO, and bottom — to bulk LAO).
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Other damage observed in LSMO is the loss of atomic resolution, probably due to
amorphization or the deposition of carbon on top of the sample. Besides this apparent, effects
excessive beam exposure as well as probe current, may produce some damage in LSMO that is not
observed directly in the HAADF images and is only detected by EELS [248]. In this work, this type of
damage was observed in the O-K as the loss of the third peak (previously denoted as a ¢ peak),
probably due to the larger beam exposure time during EDS and EELS analysis, as can be seen in figure
D (c) in the top spectrum.

In the case of LAO, some damage was also observed as the disappearance of the atomic
pattern under an over radiation, as can be seen in Figure D (b). Notice that only the region close to
the interface with the LSMO, the structure is preserved, suggesting that the strained zone is more
resistant to beam damage. In addition, the EELS shows the disappearance of the secondary peaks in
the O-K edge typically observed in LAO, leading to only one peak, as shown in figure D (c), and which

highlights the presence of flour in these damage areas.

These observations were used to minimize errors in the interpretation of the results.
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