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Abstract	
In	 this	 work	 we	 explored	 different	 pathways	 to	 exploit	 the	 strain	 stored	 into	
nanoscale	layers	of	materials	as	a	driving	force	to	self-assemble	3D	structures.	
		
In	particular,	we	have	studied	the	epitaxial	growth	of	self-assembled	Ge	quantum	
dots	when	a	submonolayer	of	carbon	is	deposited	prior	to	the	growth	of	the	dots.	
Using	atomic-force	microscopy	combined	with	RHEED	and	optical	techniques	like	
Raman	scattering	and	ellipsometry,	we	performed	a	 systematic	 study	of	 the	 role	
played	by	thermally	activated	Si	interdiffusion	and	the	composition	of	the	wetting	
layer	on	dot	density	and	morphology.	The	results	give	experimental	evidence	of	a	
kinetically	limited	growth	mechanism	in	which	Ge	adatom	mobility	is	determined	
by	 chemical	 interactions	 among	 C,	 Si,	 and	 Ge.	 	 We	 suggest	 a	 two-stage	 growth	
procedure	for	fine-tuning	the	dot	topography	(density,	shape	and	size),	useful	for	
possible	optoelectronic	applications.	
	
Moreover	we	investigated	the	dynamics	of	strain	relaxation	during	the	capping	of	
islands,	which	 is	useful	 for	engineering	devices	based	on	multistacks	of	quantum	
dots.	We	 also	 analysed	 the	 evolution	 of	 Ge	 nanostructures	 grown	 by	 combining	
nanostenciling	 and	 pulsed	 laser	 deposition,	 as	 a	 promising	 approach	 for	 the	
parallel	patterning	of	semiconductor	nanostructures	for	optoelectronics.	
	
Apart	 from	 the	 growth	 of	 3D	 islands,	 we	 applied	 strain-driven	 engineering	 to	
release	 rolled-up	 microtubes,	 obtained	 from	 strained	 semiconductor	
heterostructures.	Through	micro-Raman	spectroscopy	we	were	able	to	determine	
the	residual	strain,	which	results	in	a	frequency	shift	of	phonon	modes	measured	
on	 the	 tube	 as	 compared	 with	 reference	 unstrained	 material.	 We	 developed	 a	
simple	 elastic	 model	 to	 describe	 the	 measured	 phonon-frequency	 shifts,	 from	
which	 we	 estimate	 the	 strain	 status	 of	 the	 microtube.	 Results	 demonstrate	 the	
power	of	Raman	spectroscopy	as	a	diagnostic	tool	for	engineering	of	strain-driven	
self-positioning	microelectromechanical	systems.	
	
We	 tested	 the	 potential	 application	 of	 this	 rolled-up	 nanotechnology	 to	 obtain	 a	
lab-in-a-tube	 device	 where	 light	 is	 used	 as	 a	 biochemical	 sensor.	We	 fabricated	
rolled	up	microtubes	consisting	of	Si/SiOx	integrated	on	a	Si	chip	and	we	analysed	
their	properties	to	use	them	as	a	refractometric	sensor.	An	aqueous	sugar	solution	
was	inserted	into	the	microtube,	which	leads	to	a	change	in	refractive	index	and,	as	
a	 result,	 to	 a	 detectable	 spectral	 shift	 of	 the	 whispering	 gallery	 modes.	 This	
prototype	 proved	 that	 the	 monolithic	 on-chip	 integration	 of	 strain-engineered	
microtubes	 is	 a	 promising	 approach	 to	 design	 optofluidic	 channels	 for	 lab-on-a-
chip	applications.	
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1 Introduction	
	
Before	you	start	reading	this	thesis,	could	you	please	raise	your	head	for	a	second	
and	take	a	look	around	you?	There	must	be	somebody	typing	on	his	last	generation	
smartphone	 to	 send	 messages	 to	 the	 world	 at	 an	 incomparable	 speed	 of	 data	
processing.	Samsung	just	unveiled	[1]	its	14-nanometer	chipset	powering	the	new	
Galaxy	S6	that	it	said	offers	better	battery	life	and	performance.		When	compared	
to	 Samsung's	 20-nanometer	 process	 technology,	 the	 new	 14-nanometer	 process	
enables	up	to	20	percent	higher	speed,	35	percent	less	power	consumption	and	30	
percent	productivity	gain.		
	
We	 already	 have	 now	 in	 the	 market,	 as	 an	 industry	 standard,	 a	 nanoscale	
technology	that	at	the	beginning	of	this	thesis	appeared	to	be	futuristic	but	that	has	
been	evolving	pretty	fast,	in	fact.	In	order	to	optimize	production	and	scale	devices	
to	 match	 the	 market	 requirements,	 the	 semiconductor	 engineers	 require	 deep	
know-how	on	surface	science	and	ways	to	manipulate	and	characterize	materials	
with	nanometric	precision.		
	
The	 core	 research	 of	 this	 work	 focuses	 on	 self-assembling	 of	 strain-engineered	
semiconductor	nanostructures,	 i.e.	 controlling	 the	amount	of	 strain	 stored	 in	 the	
materials	 as	 a	 driving	 force	 to	 release	 3D	 structures,	 with	 the	 challenge	 to	
manipulate	 their	 positioning	 and	 direct	 integration	 on	 a	 chip.	 In	 addition	 to	 the	
bottom-up	techniques,	this	thesis	is	highly	oriented	to	the	optical	characterization	
and	development	of	phenomenological	models.	
	
The	 optical	 characterization	 is	 used	 at	 first	 as	 a	way	 to	 investigate	 the	 chemical	
composition	and	the	strain	distribution	inside	of	the	nanostructured	systems.	We	
demonstrate	how	optical	mapping	can	be	an	excellent	non-invasive	probing	tool	to	
test	 integrated	 nanostructured	 semiconductor	 devices,	 as	 recently	 reported	 also	
for	mapping	of	SiGe	nanowires	[2].			
	
On	 the	other	hand,	once	a	strain-engineered	nanostructured	device	 is	 fabricated,	
detectable	 variations	 of	 its	 optical	 properties	 can	 easily	 reveal	 subtle	 changes	 of	
the	 boundary	 conditions,	 making	 it	 possible	 to	 assemble	 a	 miniaturized	 sensor	
integrated	on	a	semiconductor	chip:	a	prototype	of	a	so	called	Lab-on-a-chip.				
	
In	the	next	chapter	of	results	and	discussion,	the	papers	published	by	the	author	of	
this	thesis	are	organized	in	different	thematic	sections,	covering	the	different	areas	
of	 research	and	dealing	with	different	 types	of	 strain-engineered	nanostructured	
systems.		
	
The	 core	of	 the	 thesis	deals	with	 self-assembling	of	 carbon	 induced	Ge	quantum	
dots	 by	 molecular	 beam	 epitaxy	 (2.1).	 Besides	 optimizing	 the	 preparation	 of	
materials,	the	growth	dynamics	have	been	investigated	by	in	situ	RHEED1	and	the	

																																																								
1	Reflection	High	Energy	Electron	Diffraction		
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resulting	 morphology	 of	 nanostructures	 has	 been	 probed	 by	 AFM2.	 	 The	 use	 of	
impurities	 and	 stressors	 later	 inspired	 the	work	 of	 some	 other	 research	 groups	
focusing	on	ordering	of	SiGe	islands	[3,4]	and	our	results	were	presented	in	some	
recent	 reports	on	 self-assembling	of	 SiGe	nanostructures	 [5,6].	 The	 same	growth	
technique,	 Molecular	 Beam	 Epitaxy,	 is	 used	 to	 deposit	 strained	 semiconductor	
multilayers	that	have	been	processed	to	release	freestanding	microtubes	[7],	with	
potential	application	as	microfluidic	devices	and	optical	resonators	(2.3).	After	our	
first	prototype,	the	fabrication	process	evolved	to	permit	the	preparation	of	large	
arrays	of	multifunctional	microtubes	[8]	and	several	futuristic	applications	of	lab-
in-a-tube	 [9,10,11,12,13,14]	 were	 discussed.	 Apart	 from	 the	 strain-engineered	
processing,	 the	 optical	 characterization	 (mainly	 Raman	 Spectroscopy)	 of	 the	
microtubes	 is	 also	 an	 important	 contribution	 to	 this	 thesis	 work.	 Our	 original	
approach,	combining	elastic	models	with	the	phonon	strain-shift	theory,	has	been	
reviewed	as	 a	 technique	 to	 study	 the	mechanical	behaviour	of	microdevices	 [15]	
and	nanostructures	[16,17,18,19,20,21].		
	
Elastic	strain	plays	a	key	role	 in	the	growth	dynamics	and	optical	properties	of	a	
number	 of	 other	 semiconductor	 nanostructures,	 which	 have	 been	 fabricated	 or	
characterized	 as	 a	 result	 of	 different	 collaborations,	 emerged	 during	 this	 thesis.	
Defining	 good	 measurement	 protocols	 for	 the	 determination	 of	 strain	 and	
composition	of	SiGe	nanostructures	was	crucial	for	this	work	and	it	has	been	still	a	
challenge	 in	 several	 other	 experiments	 following	 up	 [22].	 Our	 results	 provide	
useful	 insights	 for	potential	application	 in	optoelectronic	and	nanocalorimetry	of	
some	 interesting	 strain-engineered	 semiconductor	 nanostructures,	 ranging	 from	
strained	 epitaxial	 SiGe	 alloys	 (2.2.2),	 multistacks	 of	 quantum	 dots	 (1.1.1),	 Ge	
nanostructures	 on	 patterned	 substrates	 (2.2.4)	 and	 crystallized	 Ge	 nanocrystals	
(2.2.5).	
		
Within	the	different	works	presented,	there	is	a	hierarchy	that	can	be	summarized	
like	this:		
	

A. COMPENDIUM	 ARTICLES:	 work	 officially	 presented	 for	 this	 thesis	 and	
approved	by	the	scientific	doctorate	committee	to	be	the	constituent	of	the	
compendium.	
		

B. CORE	 RESEARCH	 ARTICLES:	 papers	 collecting	 the	 main	 results	 of	 the	
research	 conducted	 during	 the	 doctorate,	 directly	 related	 with	 the	
compendium	articles	 and	 in	which	 the	 author	 of	 this	 thesis	 has	 a	 leading	
role	conducting	experiments	and	discussing	results.		
	

C. COMPLEMENTARY	 ARTICLES:	 other	 works	 which	 are	 fruit	 of	 different	
scientific	collaborations	 in	which	the	author	of	this	thesis	has	a	secondary	
role,	 generally	 restricted	 to	 the	 growth	 and	 optical	 characterization	 of	
samples.		

	

																																																								
2	Atomic	Force	Microscopy	



	 9	

2 Results	and	Discussion	
	

2.1 Self-assembling	of	Carbon-induced	Germanium	quantum	dots	
	
Size,	 density,	 shape	 uniformity,	 and	 ordering	 of	 quantum	 dots	 QDs	 are	 crucial	
parameters	when	self-assembling	 is	considered	for	applications	 in	optoelectronic	
devices.	In	recent	years,	different	smart	strategies	have	been	proposed	to	address	
the	 problem	 of	 dot	 engineering.	 Increase	 of	 dot	 density	 at	 very	 low	 substrate	
temperatures	and/or	high	deposition	rates	 is	a	well-established	 technique	but	 in	
most	cases	it	is	not	of	practical	interest	for	applications	due	to	the	degradation	of	
crystalline	quality.	Perfect	position	control	keeping	high	quality	of	dot	ensembles	
can	be	achieved	by	means	of	artificially	nanopatterned	substrates.	This	approach	
is,	however,	 less	suitable	 for	potential	high	surface	and	 low	cost	applications.	An	
alternative	 are	 spontaneous	 bottom	 up	 approaches	 such	 as	 the	 use	 of	 template	
layers	 to	 guide	 the	 selective	nucleation	 of	 dots,	which	has	 demonstrated	 to	 be	 a	
good	method	to	control	the	positioning	of	dots	by	inducing	self-ordering	processes	
during	 growth.	 A	 strain-driven	 instability	 in	 SiGe/Si(001)	 pseudomorphic	 layers	
leads	 to	 the	 formation	of	periodic	surface	undulations	ripples	acting	as	a	natural	
template	pattern	that	can	be	controlled	by	thickness,	composition,	and	selection	of	
vicinal	 Si(001)	 surfaces.	 Other	 routes	 include	 Ge	 deposition	 on	 relaxed	 SiGe/Si	
buffer	 layers	 and	 deposition	 on	 buried	 dislocation	 networks.	 	 Another	 relevant	
bottom	up	strategy	towards	efficient	dot	engineering	involves	surface	modification	
through	deposition	 of	 sub	monolayer	 amounts	 of	 impurities	 that	 can	 reduce	 the	
diffusion	 length	 i.e.,	 enhancing	 dot	 density	 and	 altering	 the	 energetics	 of	
nucleation.		
	
In	 this	 work	 we	 focused	 our	 attention	 on	 the	 growth	 of	 carbon-induced	 QDs,	
getting	insight	into	the	surface	processes	which	are	relevant	at	the	stage	of	island	
nucleation.	Up	to	now	the	C-induced	growth	of	Ge	quantum	dots	(C-QDs)	has	been	
discussed	in	terms	of	a	single-stage	process	determined	by	growth	parameters	like	
substrate	 temperature	 and	 amount	 of	 C.	 In	 that	 way,	 it	 is	 not	 possible	 to	
experimentally	 decouple	 different	 phenomena	 that	 take	 place	 at	 the	 same	 time,	
namely	silicon	incorporation	in	the	QDs	and	kinetic	aspects	of	the	3D	growth.	Here	
we	 aimed	 at	 putting	 in	 evidence	 the	 previously	 ignored	 role	 of	 silicon	
interdiffusion.	 Based	 on	 experimental	 observation	 we	 propose	 a	 mechanism	 of	
growth	where	enhanced	lattice	mismatch,	limited	kinetic	conditions	and	chemical	
interaction	 altogether	 contribute	 to	 complete	 an	overall	 picture	of	 the	processes	
involved	in	C-induced	growth.	
	
In	order	 to	 fully	understand	 the	growth	dynamics	we	present	 results	grouped	 in	
three	scenarios:	
	

• Self-assembling	of	dots	on	top	of	Ge	wetting	layers	(WLs)	grown	at	different	
temperatures,	 where	 the	 intermixing	 with	 the	 silicon	 substrate	 plays	 a	
crucial	role	(2.1.1).		
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• Growth	of	dots	on	top	of	strained	SiGe	layers	of	different	composition.	This	
case	is	somehow	reproducing	conditions	similar	to	those	of	the	deposition	
on	 top	of	 an	 intermixed	WL,	but	with	 the	possibility	 to	better	 control	 the	
chemistry	at	the	surface.	 	This	approach	represents	a	possible	strategy	for	
engineering	and	tuning	dots	size	and	density	(2.1.2).		

	
• Capping	Ge	dots	with	silicon	affects	the	chemical	composition	of	the	islands	

and	 their	 strain	 status.	 On	 one	 side	 we	 follow	 the	 pathway	 of	 strain-
relaxation	 driving	 the	 self-assembling	 of	 dots	 (with	 and	 without	 carbon)	
and	on	the	other	side,	after	capping,	we	observe	partial	recompression	and	
variable	 silicon	 interdiffusion	 depending	 on	 the	 morphological	
characteristics	 of	 the	 islands.	 3D	 growth	 and	 silicon	 intermixing	 are	
competitive	mechanisms	 to	 relief	 the	 built-in	 strain	 and	 our	 results	 shed	
some	 light	 on	 how	 to	 engineer	 capped	 dot	 devices	 and	 multistacks	 of	
strained	nanostructures	(2.1.3).		

	
	

2.1.1 Effect	of	silicon	interdiffusion	on	thermally	activated	wetting	layers	
	
A	 set	 of	 samples	 was	 prepared	 by	 solid-source	molecular	 beam	 epitaxy,	 always	
according	to	the	following	procedure:	after	oxide	desorption	at	900	ºC	and	50	nm	
thick	 Si	 buffer	 layer	 deposition,	 a	 3.7	 Å	 thick	 Ge	WL	 was	 grown	 at	 given	 fixed	
temperature	TWL	ranging	from	330	to	750	ºC.	Subsequently,	the	temperature	was	
stabilized	 to	 500	 ºC	 before	 depositing	 0.1	 monolayers	 (MLs)	 of	 carbon	 from	 a	
calibrated	 sublimation	 filament.	 Finally,	 keeping	 the	 temperature	 fixed	 at	 500	 ºC	
for	 all	 samples,	 a	 top	 5.8	 Å	 thick	 layer	 of	 Ge	 was	 grown,	 leading	 to	 almost	
instantaneous	 formation	 of	 self-assembled	 C-QDs	 without	 reaching	 the	 typical	
critical	 thickness	 for	 the	 conventional	 2D–3D	 growth	 mode	 transition	 which	
occurs	in	the	absence	of	carbon.	The	growth	was	monitored	in	situ	by	RHEED	and	
the	island	topography	was	studied	ex	situ	by	AFM.		
	
In	 order	 to	 evaluate	 the	 composition	 and	 residual	 strain,	 samples	 were	
characterized	by	optical	measurements	at	room	temperature.	Raman	spectroscopy	
was	carried	out	with	the	514.5	nm	line	of	an	Ar-ion	laser	for	excitation.	Light	was	
focused	onto	the	sample	with	a	spot	size	of	about	1	μm	and	a	laser	power	of	4	mW.	
In	 order	 to	 suppress	 contributions	 from	 second-order	 processes,	 we	 used	 the	
scattering	 geometry	! !" !,	 where	 x,	 y	 and	 z	 are	 the	 [100],	 [010]	 and	 [001]	
crystallographic	directions,	respectively.	The	ellipsometric	spectra	were	collected	
using	a	rotating	polarizer	ellipsometer	in	the	1.4–4.8	eV	spectral	range.	
	
The	main	original	results	of	this	work	can	be	summarized	in	the	following	points:	
	

• Increasing	only	the	deposition	temperature	of	the	Ge	WL	leads	to	gradually	
higher	QD	densities,	in	apparent	contradiction	with	what	is	well	established	
in	 literature,	where	maximum	dot	densities	 are	 generally	obtained	 in	 low	
growth	temperature	processes	
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• 	Since	we	kept	the	substrate	temperature	always	fixed	to	500	ºC	during	the	
QD	nucleation	stage,	we	exclude	any	Arrhenius-type	of	kinetic	dependence	
on	 temperature	 of	 Ge	 adatom	 mobility.	 Then,	 the	 observed	 topography	
strictly	reflects	the	intrinsic	characteristics	of	the	surface	material.	A	change	
in	the	growth	temperature	during	the	WL	deposition	can	be	related	to	the	
amount	of	silicon	incorporated	in	the	Ge	overlayers.	
	

• Data	obtained	 from	Raman	and	spectroscopic	ellipsometry	are	consistent:	
the	 material	 constituting	 the	 QDs	 is	 nearly	 pure	 Ge	 and	 the	 amount	 of	
silicon	 intermixed	 in	 the	 islands	goes	up	 to	10%	when	 increasing	 the	TWL	
from	330	 ºC	to	750	 ºC.	For	the	highest	temperature	we	estimate	a	 large	Si	
content	in	the	WL,	around	75%.		

	
• A	clear	correlation	between	topographic	features	and	Si	intermixing	can	be	

inferred.	Increasing	temperature	favours	Si	 interdiffusion	in	the	nominally	
pure	 Ge	 WL	 and	 eventually	 in	 the	 QD	 layer,	 until	 a	 saturation	 value	 is	
reached	due	to	Ge	overgrowth.	The	QD	density	follows	the	same	trend	with	
a	maximum	saturation	density	 in	 this	experiment	one	order	of	magnitude	
lower	(8.0	×109	islands/cm2)		than	for	growth	of	C-QDs	on	bare	Si(001).	

	
• The	presence	of	a	certain	amount	of	Si	in	the	WL	due	to	thermally	activated	

interdiffusion	could	 contribute	 to	partially	 stabilize	 carbon	on	 top	 surface	
layers,	considering	that	Si–C	bonds	are	much	more	stable	than	Ge–C	ones.	
From	this	perspective	a	higher	growth	temperature	TWL	means	a	higher	Si	
content	 in	 the	 WL.	 Consequently,	 C	 can	 arrange	 in	 metastable	 surface	
reconstruction	patches,	which	 are	 responsible	 for	 the	decrease	of	 adatom	
mobility,	thus	explaining	the	observed	increase	in	dot	density.		

	
• By	 close	 inspection	 of	 the	 C-QD	 topography	 we	 found	 out	 that	 even	 the	

smallest	 islands	are	all	dome-shaped	with	no	evidence	of	 flatter	pyramid-
like	dots	(with	aspect	ratio	<0.10).	The	main	effect	of	carbon	predeposition	
is	to	shrink	the	in-plane	lattice	parameter	because	of	C-rich	patches	formed	
on	 the	 surface.	 The	 resulting	 enhancement	 of	 the	 lattice	 mismatch	 is	
responsible	 for	 the	 growth-mode	 change	 from	 Stranski–Krastanow	 to	
Volmer–Weber.	 In	 fact,	 our	 RHEED	 observations	 suggest	 the	 onset	 of	
islanding	when	we	start	Ge	growth	 immediately	after	the	C-submonolayer	
deposition,	even	if	the	WL	thickness	is	subcritical.		

	
• The	 presence	 of	 carbon	 also	 affects	 the	 energetics	 of	 the	 pyramid–dome	

shape	 transition.	The	main	reason	 for	 the	reduction	of	 the	critical	volume	
for	 the	 appearance	 of	 dome-shaped	 islands	 is	 the	 locally	 enhanced	 lattice	
misfit.		
	

	

2.1.2 Growth	dynamics	on	SiGe	strained	layers	and	fine	tuning	of	island	density	
	
We	present	a	different	route	for	manipulating	Ge	island	self-assembling	based	on	
the	 combination	 of	 epitaxial	 growth	 on	 strained	 SiGe	 buffer	 layers	 and	 carbon	
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predeposition.	 Inspired	by	the	results	on	the	 influence	of	Si	 interdiffusion	(2.1.1)	
and	 the	Ge–C	 repulsive	 interaction	on	 the	 resulting	Ge	dot	 topography	we	make	
use	 of	 the	 effect	 that	 a	 submonolayer	 deposition	 of	 C	 has	 on	 the	 Ge	 adatom	
diffusion.	 Our	 results	 point	 to	 a	 reduction	 by	 two	 orders	 of	 magnitude	 of	 dot	
density	with	increasing	Ge	content	in	the	buffer	layer.		
	
A	 thin	strained	Si1−xGex	buffer	 layer	with	Ge	composition	(x)	ranging	 from	0%	to	
60%	was	deposited	on	a	silicon	substrate	at	400	°C.	For	all	 the	samples	 the	SiGe	
buffer	layer	thickness	remained	below	the	limit	of	metastability,	preventing	three-
dimensional	 nucleation	 of	 SiGe	 quantum	 dots,	 as	 confirmed	 by	 in	 situ	 RHEED	
monitoring.	The	temperature	was	then	raised	and	maintained	at	500	°C	during	the	
deposition	 of	 0.1	 ML	 of	 carbon	 by	 a	 sublimation	 filament	 and	 the	 subsequent	
evaporation	 of	 6	 Å	 of	 Ge	 at	 a	 fixed	 growth	 rate	 of	 0.04	 Å/s,	 leading	 to	 self-
assembling	of	quantum	dots.	The	growth	was	monitored	 in	situ	by	RHEED	using	
20	keV	electrons	and	a	CCD	camera	to	record	the	diffraction	pattern	displayed	on	a	
phosphor	screen.	
	
The	main	original	results	of	this	work	can	be	summarized	in	the	following	points:	
	

• The	first	striking	result	of	this	work	concerns	the	observed	tendency	of	the	
dot	 density	 which	 exhibits	 a	 significant,	 monotonous	 decrease	 by	 two	
orders	of	magnitude	with	increasing	Ge	content	in	the	buffer	layer	from	0%	
up	to	60%	whereas	the	interdot	separation	(λ)	increases.	Our	results	follow	
a	 trend	 which	 is	 exactly	 the	 opposite	 of	 what	 we	 could	 expect	 if	 the	
nucleation	 of	 dots	 was	 driven	 by	 morphological	 instabilities	 (ripples)	 or	
induced	by	 the	 average	 roughness	 of	 a	Ge	 rich	 strained	 layer.	 In	 order	 to	
explain	our	experimental	findings	we	need	to	take	into	account	the	effects	
of	the	submonolayer	of	carbon.		
	

• We	propose	a	mechanism	by	which	the	chemical	interactions	among	Si,	Ge,	
and	 C	 drive	 the	 growth	 process.	 The	 Si–C	 attractive	 interaction	 favors	 C	
condensation,	 leading	 to	 the	 appearance	of	 c(4×4)	 reconstruction	patches	
also	 associated	 with	 an	 enhanced	 surface	 roughness.	 If	 the	 carbon	 is	
deposited	 on	 a	 layer	 containing	 Ge,	 the	 Ge–C	 repulsion	 induces	 phase	
separation	 and,	 depending	 on	 Ge	 content,	 the	 C-induced	 reconstruction	
patches	become	 increasingly	 fragmented,	being	 the	C	atoms	progressively	
incorporated	at	random	sites	in	the	film.	The	key	point	is	that	the	formation	
of	 the	 reconstruction	 patches	 produces	 a	 significant	 quenching	 of	 the	 Ge	
adatom	diffusion,	which	within	the	kinetic	model	implies	the	self-assembled	
growth	of	a	high	density	of	Ge	dots.	With	increasing	Ge	content	of	the	buffer	
layer	 the	 C-induced	 patches	 gradually	 disappear,	 the	 surface	 roughness	
diminishes,	 and	 the	Ge	 adatom	diffusivity	becomes	 enhanced,	 resulting	 in	
lower	dot	densities.	
		

• The	RHEED	patterns	 collected	 in	situ	reveal	 interesting	 insights	 about	 the	
growth	 dynamics.	 Monitoring	 the	 intensity	 of	 the	 3D	 spotty	 pattern	 and	
simultaneously	 extracting	 the	 distance	 between	 streaks	 (or	 spots)	 it	 is	
possible	 to	 quantify	 the	 strain	 relaxation	 associated	 to	 the	 dot	 growth,	
which	appears	to	take	place	from	the	very	beginning	of	the	dot	growth.	The	



	 13	

evolution	 of	 Ge	 dots	 on	 C-alloyed	 strained	 SiGe	 surfaces	 proceeds	 via	 a	
Volmer-Weber	mode,	similarly	 to	 the	case	(2.1.1)	of	C-induced	Ge	dots	on	
Si(001).	

	
• 	When	the	Ge	deposition	starts	we	detect	a	certain	delay	of	time	before	the	

appearance	 of	 a	 spotty	 pattern:	 this	 observation	 is	 consistent	 with	 the	
estimated	critical	volume	required	for	RHEED	detection	of	a	3D	cluster,	 in	
the	range	of	0.5-7×	103	nm3	with	increasing	Ge	content	in	the	buffer	 layer.	
The	 obtained	 values	 match	 with	 the	 sizes	 of	 the	 smallest	 dome-shaped	
islands	determined	from	AFM	images.		

	
	

2.1.3 Morphology,	strain	and	composition	during	capping	of	dots	
	
In	the	present	work	we	describe	an	experimentally	observed	growth	mode	change	
from	Stranski–Krastanow	(SK)	 in	 the	absence	of	C	 to	Volmer–Weber	 (VW)	when	
depositing	 Ge	 on	 a	 C-enriched	 Si	 substrate.	 The	 evolution	 of	 the	 surface	 lattice	
parameter	 is	 followed	 up	 to	 large	 Ge	 coverage	 where	 both	 elastic	 and	 plastic	
mechanisms	 of	 relaxation	 are	 active.	 We	 also	 study	 the	 process	 of	 capping	 the	
islands	 with	 silicon	 to	 understand	 how	 it	 affects	 the	 final	 composition	 and	 the	
elastic	 recompression	 of	 the	 dots.	 Finally,	 we	 also	 focus	 on	 the	 structural	
properties	 of	 the	 cap	 layer	 and	 obtain	 evidence	 of	 the	 existence	 of	 compressive	
stress	induced	by	local	strain	fields	associated	with	carbon-rich	patches.	
	
Samples	 under	 investigation	 were	 prepared	 by	 solid-source	 molecular	 beam	
epitaxy.	 After	 oxide	 desorption	 at	 900	 °C	 and	 100	 nm	 thick	 Si	 buffer	 layer	
deposition,	 the	 substrate	 temperature	 was	 set	 to	 500	 °C.	 Subsequently,	 ∼0.1	
monolayers	(MLs)	of	carbon	were	predeposited	on	the	Si	surface	from	a	calibrated	
sublimation	 filament.	 The	 self-assembling	 of	 carbon-induced	 quantum	 dots	 (C-
QDs)	 was	 achieved	 by	 evaporation	 of	 12	 MLs	 of	 Ge.	 A	 reference	 sample	 was	
prepared	following	exactly	the	same	growth	procedure	as	above,	but	omitting	the	
step	 of	 carbon	predeposition.	As	 a	 result	 standard	 Stranski–Krastanow	quantum	
dots	 (SK	 QDs)	 were	 obtained.	 Finally,	 part	 of	 the	 surface	 of	 the	 samples	 was	
capped	with	a	10	nm	thick	Si	 layer	deposited	at	300	°C,	 in	order	not	 to	alter	 the	
shape	 of	 buried	 dots.	 Growth	 was	 monitored	 in	 situ	 by	 RHEED	 and	 the	 island	
topography	was	studied	ex	situ	by	AFM.	
	
By	 using	 complementary	 surface	 science	 tools	 we	 were	 able	 to	 study	 different	
aspects	of	the	growth	of	strained	Ge/Si	islands.	RHEED	was	used	to	in	situ	monitor	
the	evolution	of	the	in-plane	lattice	parameter,	allowing	us	to	determine	the	set	in	
of	 strain	 relaxation	 due	 to	 nucleation	 of	 3D	 clusters.	 In	 the	 absence	 of	 C,	 we	
observed	the	formation	of	a	flat	2D	wetting	layer	(WL),	taking	place	before	the	gain	
in	 elastic	 energy	becomes	dominant	 over	 the	 energetic	 term	associated	with	 the	
increase	 of	 surface	 (SK	 growth).	 In	 this	 case,	 the	 first	 stage	 of	 island	 growth	
accounts	for	the	relaxation	of	less	than	50%	of	the	lattice	mismatch	and	it	can	be	
attributed	to	the	nucleation	of	small	and	shallow	pyramids.	When	the	 islands	get	
bigger,	 they	 transform	 into	 domes	 or	 dislocated	 Ge	 clusters	 that	 can	 relax	 the	



	14	

strain	 more	 efficiently,	 so	 that	 after	 10	 MLs	 of	 coverage	 we	 already	 measure	 a	
lattice	parameter	approaching	the	value	of	bulk	Ge.	
		
The	strain-relaxation	pathway	changes	quite	dramatically	when	carbon	is	used	to	
engineer	the	dot	topography.	In	this	case,	the	presence	of	carbon-rich	patches	and	
the	repulsive	Ge–C	interaction	prevent	the	formation	of	a	WL,	i.e.,	it	is	energetically	
more	convenient	to	increase	the	Ge	surface	with	nucleation	of	3D	clusters,	rather	
than	 wetting	 the	 carbon-alloyed	 surface.	 As	 a	 result,	 the	 lattice	 parameter	
relaxation	 associated	 with	 the	 3D	 nucleation	 can	 be	 observed	 starting	 from	 the	
very	 first	 stages	 of	 Ge	deposition,	which	 is	 experimental	 evidence	 of	 the	 growth	
mode	change	from	Stranski–Krastanow	to	Volmer–Weber.	In	the	case	of	C-QDs,	we	
do	not	observe	two	regimes	of	strain	relaxation	(shallow	and	steeper	islands)	but	a	
continuous	progressive	evolution	of	the	lattice	parameter,	and	this	observation	is	
consistent	with	the	AFM	topography	characterized	only	by	dome-shaped	clusters.	
The	density	of	domes	is	exceptionally	high	(∼1011	cm−2)	due	to	reduced	mobility	of	
Ge	on	a	roughened	carbon-alloyed	surface.		
	
The	reduced	surface	diffusion	that	explains	the	high	dot	density	is	likely	to	be	also	
responsible	 for	 the	 quenching	 of	 Si	 intermixing	 in	 the	 islands.	 Both	 island	
morphology	 and	 composition	 keep	 evolving	 while	 the	 growth	 or	 annealing	
proceeds.	Intermixing	dynamics	is	thought	to	be	dominated	by	surface	rather	than	
bulk	 diffusion,	 especially	 at	 temperatures	 below	500	 °C.	 Therefore,	 it	 is	 possible	
that	in	the	presence	of	C,	the	process	of	Si	intermixing	is	kinetically	limited.	Then,	
capped	 C-QDs	 are	 less	 intermixed	 and	 retain	 larger	 strain	 than	 SK-QDs,	 as	
experimentally	observed.	The	 limited	 intermixing	as	 a	partial	 strain-reliever	 and	
the	 presence	 of	 local	 inhomogeneous	 strain	 fields	 are	 both	 consistent	 with	 the	
extreme	decrease	of	the	critical	volume	for	the	pyramid-to-dome	transition,	to	the	
point	where	only	dome-shaped	clusters	can	be	observed.	
		
As	a	result	of	the	deposition	of	12	MLs	of	Ge,	the	dots	completely	relax	their	strain	
towards	 their	 apex,	 as	 can	 be	measured	 by	 RHEED	 probing	 the	 topmost	 atomic	
layers.	 Raman	 spectroscopy	 becomes	 a	 useful	 tool	 to	 study	 instead	 the	 average	
strain	distribution	inside	the	volume	of	the	islands.	The	relevant	question	arising	
when	evaluating	the	Raman	results	is	to	decide	which	is	the	adequate	elastic	model	
to	 describe	 the	 strain	 status	 of	 a	 quantum	 dot.	 Once	we	 have	measured	 the	 LO	
phonon	 frequency	 shift	 associated	 with	 the	 lattice	 deformation,	 in	 order	 to	
quantify	 the	 strain,	 we	 need	 to	 know	 the	 relation	 existing	 between	 the	 in-plane	
(∈∥)	and	out-of-plane	(∈!)	components.	A	tiny	shallow	island	 is	somehow	similar	
to	a	pseudomorphic	2D	 layer	and	 its	 strain	status	 is	 likely	described	by	a	biaxial	
model	 (i.e.,	 the	 lattice	 is	 compressed	 in	 the	 in-plane	 direction	 and	 it	 is	 free	 to	
expand	in	the	out-of-plane	direction,	according	to	Hooke’s	law).	For	steeper	islands	
embedded	 in	 a	 matrix	 (capped	 dots),	 the	 strain	 status	 of	 dots	 can	 be	 rather	
described	by	a	hydrostatic	model	(∈!	=	∈∥).		
	

• According	to	the	results	the	uncapped	dots	(both	SK	and	C-QDs)	retain	only	
between	10%	and	30%	of	the	strain,	depending	on	whether	we	consider	a	
hydrostatic	or	biaxial	model,	respectively.		
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• After	capping	with	a	10	nm	thick	Si	layer,	the	islands	are	recompressed	and	
we	can	clearly	 recognize	 in	Raman	spectra	 features	 corresponding	 to	 two	
contributions	 from	 portions	 of	 material	 with	 different	 composition	 and	
strain.	The	experimental	piece	of	evidence	is	that	we	are	probing	regions	of	
material	with	rather	different	structural	properties;	thus,	it	is	unlikely	that	
they	refer	to	different	portions	of	the	same	island.	This	argument	leads	us	
to	ascribe	the	contributions	to	two	separate	families	of	islands:	the	smaller	
coherent	 islands	 are	 fully	 recompressed	 (according	 to	 the	 biaxial	 model)	
whereas	the	bigger	relaxed	domes	are	less	affected	by	the	thin	cap	layer.	

	
• 	Raman	 spectroscopy	 turns	 out	 to	 be	 a	 powerful	 technique	 capable	 of	

pointing	 out	 the	 presence	 of	 local	 structural	 inhomogeneities	 of	 the	
quantum	 dots,	 complementing	 the	 information	 achieved	 by	 RHEED	
analysis.	When	 probing	 dot	 ensembles	most	 of	 the	 characterization	 tools	
are	sensitive	to	the	3D	clusters	due	to	the	grazing	incidence	geometry	and	
shadowing	(this	is	the	case	of	RHEED)	or	for	confinement	of	carriers	in	the	
islands	and	the	absence	of	a	signal	collectable	from	the	WL	(like	in	Raman	
spectroscopy.	In	this	context,	ellipsometry	provides	unique	information	on	
the	 average	 strain	 field	 of	 the	 silicon	 cap	 layer,	 which	 indicates	 a	 local	
compressive	 strain	 in	 the	 regions	 between	 islands	 associated	 with	 the	
carbon-rich	patches.		
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Abstract
We have studied the epitaxial growth of self-assembled Ge quantum dots
when a submonolayer of carbon is deposited on a Ge wetting layer (WL)
prior to the growth of the dots. Using atomic-force microscopy combined
with optical techniques like Raman and ellipsometry, we performed a
systematic study of the role played by thermally activated Si interdiffusion on
dot density, composition and morphology, by changing only the growth
temperature TWL of the WL. Strikingly, we observe that higher dot densities
and a narrower size distribution are achieved by increasing the deposition
temperature TWL, i.e. by enhancing Si interdiffusion from the substrate. We
suggest a two-stage growth procedure for fine tuning of dot topography
(density, shape and size) useful for possible optoelectronic applications.

1. Introduction

Bottom-up approaches for the fabrication of nanostructures
have attracted great interest in recent years, appearing as a
viable path towards a new generation of nanotechnological
devices [1]. Self-assembling of epitaxial germanium quantum
dots (QDs) has been extensively studied in the last decade
and fundamental physical processes governing heteroepitaxy
have been described and modelled elegantly [2]. The next
goal will be to attain full capability to tailor material properties
and to modify the growth dynamics in order to match specific
requirements, depending on the physical process one needs to
exploit for a given field of application. In particular, the design
of a new class of silicon-based optoelectronic devices [3]
requires a high density of QDs with narrow size distribution.
However, conventional self-assembling of Ge QDs on Si(001)
leads to a bimodal distribution of island shapes and sizes [4, 5].
The addition of impurity atoms has been demonstrated [6–11]
to be a valid option for modifying the growth mode and to
produce more homogeneous ensembles of islands.

Several possible approaches have been explored by var-
ious research groups: one well established way for con-
trolling morphology consists in predeposition of a surfactant

1 ICREA Research Professor.

like Sb [6], or alternative dopants like P [7] or B [8]. For
instance, predeposition of carbon is an especially successful
pathway [9–11]. All these cases share a lot of similarities in
the growth dynamics: the addition of extremely low coverages
of impurities leads to a significant increase of dot density and
consequent reduction of average dot size. Previous experimen-
tal work evidenced the role of carbon in terms of reduction
of the Ge diffusion length at the substrate surface, which is
reflected in the increase of dot density. Direct observation of
carbon-induced c(4×4) reconstruction on Si(001) surface [12]
hints at a selective deposition of Ge in carbon-free regions in
agreement with theoretical predictions which consider the re-
pulsive interaction between Ge and C [13]. Carbon has been
predeposited both on bare silicon substrates [12] and eventu-
ally on Ge wetting layers (WLs) [14], but, besides observing
a systematic increase of dot density, no explanation has been
yet proposed to understand why the addition of carbon directly
to silicon leads to dot densities roughly one order of magni-
tude higher. Other basic questions on the kinetic evolution and
on the thermodynamically favoured equilibrium shape of C-
induced islands remain yet unanswered.

In this work we focused our attention on the growth of
carbon-induced QDs, getting insight into the surface processes
which are relevant at the stage of island nucleation. Up to
now the C-induced growth of Ge quantum dots (C-QDs) has
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been discussed in terms of a single-stage process determined
by growth parameters like substrate temperature and amount
of C [10, 11]. In that way, it is not possible to experimentally
decouple different phenomena that take place at the same time,
namely silicon incorporation in the QDs and kinetic aspects
of the 3D growth. Here we aimed at putting in evidence of
the previously ignored role of silicon interdiffusion. Based on
experimental observation we propose a mechanism of growth
where enhanced lattice mismatch, limited kinetic conditions
and chemical interaction altogether contribute to complete an
overall picture of the processes involved in C-induced growth.

We will show that the density of QDs increases when the
WL has a higher Si content due to higher growth temperature
TWL. Carbon on a Si-rich surface can arrange in metastable
reconstruction patches that reduce the adatom mobility, giving
an increase of dot density. On a Ge-rich WL, such as obtained
at lower TWL, deposited C tends to be buried into deeper layers
and have less influence on the adatom mobility, thus allowing
the growth of larger and less dense islands.

2. Experimental details

A set of samples was prepared by solid-source molecular beam
epitaxy, always according to the following procedure: after
oxide desorption at 900 ◦C and 50 nm thick Si buffer layer
deposition, a 3.7 Å thick Ge WL was grown at given fixed
temperature TWL ranging from 330 to 750 ◦C. Subsequently,
the temperature was stabilized to 500 ◦C before depositing 0.1
monolayers (MLs) of carbon from a calibrated sublimation
filament. Finally, keeping the temperature fixed at 500 ◦C
for all samples, a top 5.8 Å thick layer of Ge was grown,
leading to almost instantaneous formation of self-assembled
C-QDs without reaching the typical critical thickness for the
conventional 2D–3D growth mode transition which occurs in
the absence of carbon. The growth was monitored in situ
by reflection high energy electron diffraction (RHEED), and
the island topography was studied ex situ by atomic force
microscopy. In order to evaluate the composition and residual
strain, samples were characterized by optical measurements at
room temperature. Raman spectroscopy was carried out with
the 514.5 nm line of an Ar-ion laser for excitation. Light
was focused onto the sample with a spot size of about 1 µm
and a laser power of 4 mW. In order to suppress contributions
from second-order processes, we used the scattering geometry
z(xy)z̄, where x , y and z are the [100], [010] and [001]
crystallographic directions, respectively. The ellipsometric
spectra were collected using a rotating polarizer ellipsometer
in the 1.4–4.8 eV spectral range.

3. Results

3.1. Topography by atomic force microscopy

Figure 1 shows the topographic images of three representative
samples. In all cases the typically observed morphology
is that of dome-shaped islands with not clear faceting, in
agreement with published work [9–11] on carbon-induced
Ge QDs. Nevertheless, quite a surprising behaviour can be
pointed out: increasing only the deposition temperature of the
Ge WL leads to gradually higher QD densities, in apparent
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Figure 1. Topographic images (1 µm × 1 µm) of C-QDs obtained
for different growth temperatures of the wetting layer (WL) at
(a) 330 ◦C, (b) 400 ◦C and (c) 750 ◦C. The right-hand panels show
representative island profiles of each image.
(This figure is in colour only in the electronic version)

contradiction with what is well established in literature, where
maximum dot densities are generally obtained in low growth
temperature processes [11, 14].

Since we kept the substrate temperature always fixed
to 500 ◦C during the QD nucleation stage, we exclude any
Arrhenius-type of kinetic dependence on temperature of Ge
adatom mobility. Then, the observed topography strictly
reflects the intrinsic characteristics of the surface material. A
change in the growth temperature during the WL deposition
can be related to the amount of silicon incorporated in the
Ge overlayers; in order to explain the observed topographic
changes, interdiffusion processes need to be taken into account.
The questions arising about the correlation of the dot density
with the composition of the QDs will be addressed by optical
characterization techniques in the following sections.

3.2. Raman spectroscopy

Raman spectroscopy has been demonstrated to be a surface-
sensitive technique that is useful for extracting information
about composition and strain inside the QDs [15]. From the
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Figure 2. Raman spectra of C-QD samples obtained for different
TWL and compared with the spectra of the substrate (dotted line) and
a reference sample having only a Ge WL. The fingerprints of the
QDs are the Ge–Ge peak at 301.3 cm−1 and a much weaker Si–Ge
phonon mode (see the inset). The intensity is normalized to that of
the strong Si phonon mode of the substrate. The spectra are vertically
shifted for clarity.

Raman spectra shown in figure 2, we can extract the following
information.

• Apart from the strong silicon peak at 520.5 cm−1 coming
from the LO phonon mode of the substrate, a Ge–Ge
vibration peak can be detected at 301.3 cm−1. In contrast,
the spectrum of a reference sample, where only the thin
Ge WL at 750 ◦C was deposited, exhibits a small peak
in the 300 cm−1 range, which is attributed because of
its shape and intensity to the residual second-order 2TA
phonon feature, also detectable in the silicon substrate.
We conclude that the Ge–Ge phonon mode observed in the
different samples can be ascribed to scattering only from
the QDs without contribution of the WLs.

• In the 400 cm−1 range, it is possible to resolve a peak
at ∼390 cm−1 (see inset to figure 2) for the sample
corresponding to the highest temperature (TWL = 750 ◦C)
for the WL growth stage. This peak is attributed to the Si–
Ge phonon mode and its presence hints at interdiffusion
of silicon through the WL into the QDs. The spectral
positions (in cm−1) of the Ge–Ge and Si–Ge peaks allow
us to extract the composition (x) of the Si1−x Gex alloy
and the in-plane strain (ϵ∥) by applying the empirical
relations [15]

ωGe–Ge = 284 + 5x + 12x2 + bGe–Ge ϵ∥, (1)

ωSi–Ge = 400 + 29x − 95x2 + 213x3 − 170x4

+ bSi–Ge ϵ∥. (2)

Using the phonon strain-shift coefficients bGe–Ge =
−400 cm−1 and bSi–Ge = −575 cm−1 determined by Tan et al
[16] for Ge-rich self-assembled QDs, for TWL = 750 ◦C we
obtain from equations (1) and (2) a Ge composition of xGe =
0.94±0.02 and a compressive strain equal to ϵ∥ ≈ −0.5±0.2%
(errors are estimated considering the dispersion of strain-shift
coefficients found in literature [17]). For TWL < 750 ◦C, the

Si–Ge peak cannot be resolved, indicating an even higher Ge
content in QDs. Therefore, for a quantitative determination of
composition from just the Ge–Ge peak an assumption about
the strain of the islands is required. Since the measured
frequency of the Ge–Ge phonon mode is the same for all
the samples (301.3 cm−1), our interpretation is that small
variations of composition, if any, induce shifts that are easily
compensated by slightly different degrees of strain relaxation.
Just for an estimation, it is reasonable to expect that for TWL =
330 ◦C the Si interdiffusion process is completely quenched,
i.e. the overgrown QDs are almost of pure Ge. Consequently,
evaluating the strain from equation (1), we obtain ϵ∥ ≈ −0.1±
0.2%. In other words, bigger islands obtained at lower TWL

are found to be more relaxed than smaller domes, in agreement
with the expected strain-dependent scaling of QD size [18].

• Another remarkable feature of the collected spectra
concerns the different intensities of the Ge–Ge peaks,
even though the amount of Ge deposited is the same for
all the samples. This can be understood by taking into
account Raman resonance effects. In fact, the incident
laser light has an energy of 2.414 eV quite close to the E1

electronic interband transition in Si1−x Gex . An increase
of Ge content in the islands causes a redshift of the
electronic transition with the consequent progressive loss
of the resonance condition. Thus, the observed reduction
in intensity for decreasing TWL is consistent with the
expected Ge enrichment of the islands.

3.3. Spectroscopic ellipsometry

Spectroscopic ellipsometry ex situ represents a powerful
diagnostic tool to probe extremely thin layers of Ge on a Si
substrate. By measuring the complex reflectance ratio ρ =
tanψei% it is possible to determine the effective thickness of
the deposited material and to extract its dielectric function
with an accurate fitting procedure and inversion algorithm, as
discussed elsewhere [15]. In figure 3 we compare the spectra
obtained from the QD samples with the dielectric function
of a silicon substrate for reference. The presence of the Ge
epilayers, apart from causing a change in intensity of the E1

and E2 electronic transitions of the substrate (corresponding
to the two main peaks in figure 3), yields a contribution
apparent as a low-energy shoulder. It corresponds to interband
electronic transitions E1 and E1+%1 present in Ge-rich alloys.
These transitions can only be resolved by taking the second
derivative of the calculated dielectric functions, depicted in the
inset to figure 3. Fitted energies range from E1 = 2.149 eV
and E1 +%1 = 2.401 eV for TWL = 330 ◦C to E1 = 2.254 eV
and E1 + %1 = 2.498 eV for TWL = 750 ◦C. From the
known energy shift as a function of composition [15] it is
possible to obtain quantitative information about the average
Si content. The material constituting the QDs is nearly pure
Ge and the amount of silicon intermixed in the islands goes
up to 10% when increasing TWL from 330 to 750 ◦C. We
could not determine the composition of the thin WLs with
enough accuracy but the ellipsometry spectra of reference WLs
indicate much higher Si contents than in the QD samples. For
the highest temperature (TWL = 750 ◦C) we estimate a large Si
content in the WL, around 75%.

2604



Influence of Si interdiffusion on carbon-induced growth of Ge quantum dots

Figure 3. Ellipsometry spectra of C-QDs displayed as the imaginary
part of the dielectric function for samples with different TWL
compared to the spectrum of a silicon substrate. The contribution of
the Ge dots arises in the spectral range around 2.5 eV. The inset
shows second derivative spectra with respect to energy, from which
the contributing electronic transitions can be extracted.

The compositions of QDs obtained from spectroscopic
ellipsometry are consistent with the Raman results. The
excitation energy used for the Raman measurements (λ =
514 nm, corresponding to 2.414 eV) falls just between the Ge-
like interband transitions observed in ellipsometry for TWL =
750 ◦C, for which maximum resonance is then expected. With
decreasing TWL the energies of these optical transitions shift
to the red, in good agreement with the gradual loss of the
resonance condition, and the Ge–Ge Raman peak becomes
weaker. We point out that this behaviour of the optical
transition energies and, thus, of the Raman resonance cannot
be explained in terms of quantum confinement effects [19].
Although the average dot size depends on TWL through the dot
density (see figure 1), the typical dimensions of dots are not
small enough to ascribe the observed interband energy shifts
to changes in confinement. In conclusion, both Raman and
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Figure 4. Island density and average silicon content of the QDs versus growth temperature of the wetting layer. The composition is obtained
from ellipsometric data. The curves are a guide to the eye.

ellipsometry experiments give clear evidence of Si intermixing
in the Ge QDs with increasing growth temperature TWL of the
wetting layer.

4. Discussion
4.1. Interdiffusion and dot density

In the previous sections we have shown that depending on
the WL growth temperature different dot densities can be
achieved. Islands are found to have very high Ge contents and
are characterized by almost total strain relaxation. In figure 4
we summarize the dependence on WL growth temperature TWL

of both the dot density obtained from AFM images and the
QD Si composition fitted from ellipsometry. The error bars in
the island density reflect the dispersion in analysis of several
AFM images for each sample, at different spots and imaged
areas. The uncertainties of the compositions are calculated
from the errors of the fitted E1 energies. A clear correlation
between topographic features and Si intermixing can be
inferred. Increasing temperature favours Si interdiffusion in
the nominally Ge WL and eventually in the QD layer, until a
saturation value is reached due to Ge overgrowth, as predicted
by atomic-scale simulations [20]. The QD density follows
the same trend with a maximum saturation density in this
experiment one order of magnitude lower than for growth of
C-QDs on bare Si(001).

The obtained relationship between dot density and
composition is a striking result, since an increase of Si content
in the WL is conventionally associated with a lower density,
leading to bigger lateral size of dome-shaped islands due
to the composition dependence of the critical volume [21]
for the pyramid-to-dome shape transition (this aspect will be
discussed in more detail below). On the contrary, we observe
that the QD density as well as the Si content increases with
higher deposition temperature. Under such conditions the
average lateral size of the islands is minimized, tending to the
limiting case of deposition of C-QDs on bare Si(001). Our
results point to a more pronounced instability of carbon atoms
on the surface of predeposited Ge WL in relation with its
silicon content.
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Carbon is known [12] to cause stable c(4 × 4)

reconstruction patches on a Si(001) surface, and the presence
of these carbon-rich regions causes a reduction of surface
diffusion length of Ge, leading to an increased dot density
in a kinetically self-limited growth regime. Reduced
surface adatom mobility can be compensated by raising the
growth temperature at the moment when the nucleation of
islands sets in. This explains the previously established
dependence [11, 14], where at high temperature the lateral
size of the QDs increases at the expenses of dot density.
However, these experiments could not distinguish between
pure temperature-induced kinetic effects and other factors
dealing with surface energetics related to composition and
strain. By keeping the temperature during the nucleation
stage of C-QDs fixed at 500 ◦C but varying only the growth
temperature of the subcritical wetting layer, we succeeded
in distinguishing between the different superficial phenomena
taking place during island nucleation, whose effects are
reflected in the dot topography.

In the case of C predeposition on Si(001) substrates no
consensus has been reached yet on the microscopic understand-
ing of the observed c(4 × 4) reconstruction [22]. However, ab
initio calculations and Monte Carlo simulations [23] shed some
light on the fundamental consequences of the presence of low
amounts of carbon: despite the great lattice mismatch, impurity
atoms occupy equilibrium substitutional sites in close proxim-
ity to the surface, forming Si–C bonds. In the case of coverage
with Ge, it was predicted that due to the repulsive chemical
interaction between Ge and C [13], carbon atoms are forced
into deeper layers. Applying this scenario to C deposition on
a Ge surface, it is reasonable to expect that C is unstable on
top surface layers, as buried occupation sites the equilibrium
configuration. The presence of a certain amount of Si in the
WL due to thermally activated interdiffusion could contribute
to partially stabilize carbon on top surface layers, considering
that Si–C bonds are much more stable than Ge–C ones [13].
From this perspective a higher growth temperature TWL means
a higher Si content in the WL. Consequently, C can arrange
in metastable surface reconstruction patches which are respon-
sible for the decrease of adatom mobility, thus explaining the
observed increase in dot density. In contrast, at low tempera-
ture no significant Si interdiffusion occurs and the deposited C
is buried, possibly down to the interface with the Si substrate,
contributing merely to an overall modulation of the strain field.

4.2. Thermodynamics of island growth

By close inspection of the C-QD topography (see section 3.1)
we found out that even the smallest islands are all dome-shaped
with no evidence of flatter pyramid-like dots. In figure 5
we display the measured aspect ratios for islands of different
sizes in our samples. For comparison the conventional growth
pathway [24, 25] in the absence of carbon is sketched by
arrows. Smaller islands are generally shallow pyramids with
low aspect ratio (!0.10) until a critical volume is reached and
a shape transition to domes with higher aspect ratio occurs. The
dome-shaped geometry turns out to be energetically favourable
when the increase of surface energy is compensated by the
possibility to minimize the elastic energy stored inside the
island. As discussed above, C-QD nucleation occurs in a
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Figure 5. Aspect ratio (height over the square root of the basis area)
versus island volume for samples with three different TWL values.
The dashed arrows indicate critical volumes Vc and Vc(C) for
pyramid–dome transition in the absence or presence of predeposited
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kinetically limited growth regime also confirmed by the fact
that dots do not exhibit clear faceting. Nevertheless, the
absence of shallow islands in principle cannot be explained
only in terms of simple kinetic considerations but implies
important changes on the surface thermodynamics.

The main effect of carbon predeposition is to shrink
the in-plane lattice parameter because of C-rich patches
formed on the surface [12]. Such in-plane surface relaxation
is possible in submonolayer coverages such as that used
here. The resulting enhancement of the lattice mismatch
is responsible for the growth-mode change from Stranski–
Krastanow to Volmer–Weber [26] observed on C-alloyed bare
Si substrates [12]. In our case RHEED observations suggest
the onset of islanding when we start Ge growth immediately
after the C-submonolayer deposition. This happens even if the
WL thickness is subcritical. Thus, the growth mode cannot
be described as Stranski–Krastanow. More detailed RHEED
experiments are underway to clarify this point, and the results
will be published elsewhere. Apart from the alteration of
the elastic energy term, carbon can lead to a modification
of the surface energy and, as suggested recently [27], the
dependence of surface energy with strain should also be taken
into account. Some preliminary quantitative evaluations are
possible considering that the free energy of an island with
facets having an inclination α can be parameterized as a
function of volume (V ) and lattice misfit (ϵ) [4] as

#F (V,α, ϵ) = −Kϵ2Vα + $V
2
3 α

4
3 , (3)

where the first term represents the elastic energy relief (K
includes the elastic properties of the material) and the second
term accounts for the energy increase due to the additional
surface of the dots ($ contains the surface tension). A shape
transition from shallow facets (α = 11◦ for pyramids) to
steeper ones (α′ = 25◦ for domes) occurs when the two shapes
are degenerate in energy at the critical dot volume Vc obtained
from (3)

Vc =
!
$′α′ 4

3 − $α
4
3

α′ − α

"
1

K 3ϵ6
. (4)
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Assuming that for low carbon coverage the mechanical
properties and the superficial energies do not change
significantly, (4) implies a strong dependence of the critical
volume on lattice mismatch. For instance, (4) can explain
the stability of bigger pyramids when the lattice mismatch
decreases because of Si intermixing due to capping at relatively
high temperatures [21]. In our C-QDs, we expect a significant
increase of lattice mismatch and a corresponding lowering of
the critical volume Vc(C) for dome-shaped island stability.

Monte Carlo simulations [23] predict carbon concentra-
tions up to 8% in the topmost layers of a silicon substrate for
a C coverage corresponding to 0.36 ML, which is in the same
range as the amount used in our experiment. Overgrowth with
Ge has been shown to displace the C atoms towards the first
subsurface layers and we estimate an average C composition
not lower than 3% as a typical reference value for our sam-
ples. The introduction of such an amount of carbon into silicon
or silicon–germanium alloys would shrink the lattice param-
eter with strong deviation from Vegard’s rule, but taking into
account recent experimental results [28] we calculate a reduc-
tion of ≈0.074 Å compared to the lattice parameter of bulk Si.
Thus, for Ge overgrowth we estimate a misfit of roughly 6%.
If we consider that the effect of carbon predeposition is mainly
this change of lattice mismatch, from (4) it follows that

Vc (C)

ϵ6
Ge–Si

∼= Vc

ϵ6
Ge–SiC

. (5)

The critical volume reported recently [21] is Vc ≈
15 × 103 nm3 for Ge-rich QDs. Using (5) we obtain in
our case a significant reduction to a value of Vc(C) ≈
15×103 nm3

(−0.06)6 (−0.042)6 ∼= 2000 nm3. Both Vc and Vc(C) values
are indicated by vertical arrows in figure 5. The smallest
detectable islands have typical volumes which match nicely
the predicted critical volume for stable carbon-induced domes,
thus supporting the validity of the proposed phenomenology.

When discussing the factors that can modify the energetics
of the pyramid–dome transition, especially by comparing QD
ensembles characterized by different island densities, it is
crucial to account also for the island–island interaction. In
fact, the critical volume is expected to decrease with increasing
dot density [29, 30]. In figure 5, although we plot data
corresponding to samples having different island density, there
is no significant change in aspect ratio. We conclude that
island–island interaction is negligible in this density range.

5. Conclusions

In summary, we have studied the modified epitaxial growth
mechanism of self-assembled Ge QDs in the case of
submonolayer carbon predeposition. Our results point to Si
interdiffusion combined with the Ge–C repulsive interaction as
key factors in understanding the surface dynamics driving the
whole process.

We have suggested a two-stage growth process which
enables one to finely tune the island density just by controlling
the deposition temperature of the WL before the growth of the
C-induced Ge dots. We found out that the highest dot densities
are achieved at higher temperature, in apparent contrast with
literature results.

By means of optical characterization techniques we were
able to accurately determine the composition and strain of
the C-induced QD ensembles, demonstrating that the variation
of island density correlates with the amount of interdiffused
silicon from the substrate through the WL. The larger the
amount of thermally activated silicon intermixing, the better is
the carbon stability on the surface. This modifies the diffusion
length of the Ge adatoms, leading to different topographies.

Another striking result is that the average dot size is
minimized when the silicon content is increased, whereas in the
literature Si intermixing is usually related to an enlargement of
the islands. This, again, can be understood only by considering
that the diffusion length of Ge is modified by the presence
of carbon-rich clusters due to Si intermixing in the wetting
layer. The presence of carbon also affects the energetics of
the pyramid–dome shape transition. The main reason for the
reduction of the critical volume for the appearance of dome-
shaped islands is the locally enhanced lattice misfit.
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Density control on self-assembling of Ge islands using carbon-alloyed
strained SiGe layers

A. Bernardi,a! M. I. Alonso, A. R. Goñi, J. O. Ossó, and M. Garriga
Institut de Ciència de Materials de Barcelona-CSIC, Esfera UAB, 08193 Bellaterra, Spain

!Received 26 May 2006; accepted 18 July 2006; published online 8 September 2006"

The authors show that by deposition of 0.1 ML of carbon prior to the self-assembled growth of Ge
quantum dots on a strained Si1−xGex buffer layer a striking decrease in dot density by two orders of
magnitude from about 1011 to 109 cm−2 occurs when the Ge content of the buffer layer increases
from 0% to 64%. Their results give experimental evidence for a kinetically limited growth
mechanism in which Ge adatom mobility is determined by chemical interactions among C, Si, and
Ge. Thus, by adjusting the Ge content of the SiGe buffer layer onto which a carbon submonolayer
is deposited they are able to fine tune the density of the carbon-induced Ge quantum dots. © 2006
American Institute of Physics. #DOI: 10.1063/1.2349317$

Size, density, shape uniformity, and ordering1,2 of quan-
tum dots !QDs" are crucial parameters when self-assembling
is considered for applications in optoelectronic devices. In
recent years, different smart strategies have been proposed to
address the problem of dot engineering.3 Increase of dot den-
sity at very low substrate temperatures and/or high deposi-
tion rates is a well established technique but in most cases it
is not of practical interest for applications due to the degra-
dation of crystalline quality. Perfect position control keeping
high quality of dot ensembles can be achieved by means of
artificially nanopatterned substrates.4 This approach is, how-
ever, less suitable for potential high-surface and low cost
applications. An alternative are spontaneous bottom up ap-
proaches such as the use of template layers to guide the
selective nucleation of dots, which has demonstrated to be a
good method to control the positioning of dots by inducing
self-ordering processes during growth. A strain-driven
instability5,6 in SiGe/Si!001" pseudomorphic layers leads to
the formation of periodic surface undulations !ripples" acting
as a natural template pattern7,8 that can be controlled by
thickness, composition, and selection of vicinal Si!001"
surfaces.9 Other routes include Ge deposition on relaxed
SiGe/Si buffer layers10,11 and deposition on buried disloca-
tion networks.12 Another relevant bottom up strategy towards
efficient dot engineering involves surface modification
through deposition of sub monolayer amounts of impurities13

that can reduce the diffusion length !i.e., enhancing dot den-
sity" and alter the energetics of nucleation. This approach has
recently gathered renewed interest, having as examples the
cases of surfactant mediated growth in the presence of Sb
!Ref. 9" or surface alloying with carbon.14,15

In this Letter we present a different route for manipulat-
ing Ge island self-assembling based on the combination of
epitaxial growth on strained SiGe buffer layers and carbon
predeposition. Inspired by our recent results on the influence
of Si interdiffusion and the Ge–C repulsive interaction on the
resulting Ge dot topography15 we make use of the effect that
a submonolayer deposition of C has on the Ge adatom dif-
fusion. Our results point to a reduction by two orders of
magnitude of dot density with increasing Ge content in the
buffer layer. This experimental evidence is in frank contrast

with currently accepted models for island nucleation in the
absence of carbon. We therefore propose a growth scenario
in which the Ge–C chemical interaction plays a determinant
role.

The growth sequence of the uncapped Ge QDs prepared
by solid-source molecular beam epitaxy on Si!001" sub-
strates is as follows. After desorbing the thin oxide of the Si
wafer at 900 °C and depositing a 50 nm thick Si buffer
layer, the substrate temperature was set to 400 °C to deposit
a thin strained Si1−xGex buffer layer with Ge composition x
ranging from 0% to %60%. For all the samples the SiGe
buffer layer thickness !see Table I" remained below the limit
of metastability,16,17 preventing three-dimensional nucleation
of SiGe quantum dots, as confirmed by in situ reflection
high-energy electron diffraction monitoring. The temperature
was then raised and maintained at 500 °C during the depo-
sition of 0.1 ML of carbon by a sublimation filament and the
subsequent evaporation of %6 Å of Ge at a fixed growth rate
of %0.04 Å/s, leading to self-assembling of quantum dots.

In Fig. 1 we present the topographic images obtained
with an atomic force microscope !AFM" resulting from the
three-step deposition process !SiGe buffer+carbon+Ge"
with different compositions x of the buffer layer, maintaining
the remaining growth parameters fixed. At low Ge content in
the buffer layer, carbon induces the nucleation of a high den-
sity of small dome-shaped dots with monomodal size distri-
bution #see Fig. 1!a"$, similar to what was previously ob-
served in the case of C predeposition directly on Si!001".13

By increasing the Ge composition of the buffer layer we
observe a significant decrease of island density #see Figs.

a"Electronic mail: abernardi@icmab.es

TABLE I. Composition values and layer thicknesses obtained by optical
characterization of the Si1−xGex buffer layers using spectral ellipsometry and
Raman scattering.

Ellipsometry Raman

Thickness
!nm" Composition x

!SiGe

!cm−1" Composition x

5±1 0.08±0.02 404.3±0.5 0.08±0.01
8±1 0.20±0.02 410.3±0.5 0.25±0.05
7±1 0.44±0.01 418.3±0.2 0.43±0.08
6±1 0.64±0.01 421.3±0.1 0.63±0.01
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1!b"–1!d"# with the consequent increase in average island
size.

Samples have been characterized ex situ by Raman spec-
troscopy to obtain information on strain and composition of
the nanostructures. Three representative spectra are shown in
Fig. 2. The composition of the SiGe alloy constituting the
buffer layer can be determined from the position of the
Si–Ge phonon mode apparent in the 400 cm−1 spectral range,
considering that the built-in strain of the buffer layer is given
by its pseudomorphic growth on the Si substrate. For the
highest Ge content of the buffer layer !see bottom spectrum
in Fig. 2" we can also resolve at least one of the local Si–Si
modes of the SiGe alloy. Its position confirms the values of
composition and strain from the Si–Ge mode. The peak at

301.3 cm−1 is ascribed to the Ge–Ge phonon mode of the Ge
QDs and its spectral position is indicative of a very high Ge
content of x!0.90 and almost complete strain relaxation
!"$ %−0.005".15 We point out that for the buffer layer with
highest Ge concentration we expected its Ge–Ge mode to be
observable in Raman spectra as well at &305 cm−1. In fact,
its contribution to the Ge–Ge phonon peak of the dots can be
spectrally deconvoluted by fitting this peak with two Lorent-
zians, as illustrated by the dotted curves in Fig. 2.

The C-induced positioning of the preferential nucleation
sites for the Ge dots is leading to the final topography ob-
served for the different samples of Fig. 1. Such changes in
topography are clearly related to the interplay between pre-
deposited carbon and the Ge composition of the buffer layer
constituting the surface where Ge adatoms move during
growth but before being incorporated into a QD. In Fig. 3 we
plot the dot density and average interdot spacing # versus the
Ge composition of the buffer layer, represented by the solid
symbols. The striking result of this work concerns the ob-
served tendency of the dot density which exhibits a signifi-
cant, monotonous decrease by two orders of magnitude with
increasing Ge content in the buffer layer from 0% up to
&60% whereas the interdot separation represented by #
increases.

According to thermodynamic models, strained SiGe lay-
ers are susceptible to evolve into morphological instabilities
!ripples" which can form a cell pattern with a characteristic
roughness wavelength #.5,6 Although such low aspect ratio
mounds are still highly strained, the slight relaxation occur-
ring at their apex is enough to act as a template for prefer-
ential nucleation of bigger, further relaxed islands during the
subsequent Ge deposition. In this picture the resulting aver-
age dot spacing matches the roughness wavelength #. This
model17 which describes well the experimental results of
Refs. 5 and 6 predicts # to scale as xGe

−1 !see dashed curve in
Fig. 3". This result is totally at odds with our observation of
an almost linear increase of # with Ge content when carbon
has been predeposited onto the SiGe buffer layer.

If, in contrast, ripple formation was not responsible for
preferential dot nucleation, one should assume that QDs
nucleate at random sites and that the interdot spacing is de-

FIG. 1. AFM images of C-induced Ge QDs grown on strained Si1−xGex
buffer layers with !a" 8%, !b" 20%, !c" 44%, and !d" 64% Ge contents.

FIG. 2. Raman spectra of QD ensembles grown on Si1−xGex buffer layers
with contents of x=0.08, 0.44, and 0.64. The assignment of the various
Raman peaks to the different local Ge–Ge, Si–Ge, and Si–Si modes of the
buffer layer and the dots is indicated. The dashed vertical lines put in evi-
dence the frequency shift of the Si–Ge mode. The inset shows a sketch of a
sample with uncapped Ge dots.

FIG. 3. Solid symbols correspond to !a" the island density and !b" the
average interdot spacing vs the Ge content of the buffer layer, as obtained
from optical spectroscopy. Solid lines are guides to the eyes. Dashed curve
in !b" represents the roughness wavelength for SiGe films on Si calculated in
Ref. 17 to explain the experimental data of Refs. 5 and 6.
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termined by the adatom diffusion length in a kinetically lim-
ited growth regime.10 In this case, the dot density depends
primarily on the surface Ge adatom mobility which, in turn,
is related to the average roughness !but not in the form of
ripples!" of the SiGe layer. The latter is known to increase
with increasing Ge concentration,18 implying an increment of
dot density in the !1–3"!109 cm−2 range as was previously
reported.19 Obviously, this model also fails to pinpoint the
growth mechanism at work in our case since results in Fig. 3
show the opposite trend in a much wider range of achievable
dot densities !109–1011 cm−2".

In order to explain our experimental findings we need to
take into account the effects of the submonolayer of carbon.
Impurity atoms are known to cause enhanced surface
roughness,20 thus resulting in an increased dot density but
this alone does not explain straightforwardly the observed
dependence on Ge composition of the buffer layer. We pro-
pose a mechanism by which the chemical interactions among
Si, Ge, and C drive the growth process. The Si–C attractive
interaction favors C condensation, leading to the appearance
of c!4!4" reconstruction patches14 also associated with an
enhanced surface roughness. If the carbon is deposited on a
layer containing Ge, the Ge–C repulsion21 induces phase
separation and depending on Ge content the C-induced re-
construction patches become increasingly fragmented, being
the C atoms progressively incorporated at random sites in the
film.22 The key point is that the formation of the reconstruc-
tion patches produces a significant quenching of the Ge ada-
tom diffusion, which within the kinetic model implies the
self-assembled growth of a high density of Ge dots. With
increasing Ge content of the buffer layer the C-induced
patches gradually disappear, the surface roughness dimin-
ishes, and the Ge adatom diffusivity becomes enhanced, re-
sulting in lower dot densities. This scenario is consistent with
our recent work addressing the influence of Si interdiffusion
when the carbon-induced QDs are grown on pure Ge wetting
layers deposited at different temperatures.15 Again the dot
density increases with increasing deposition temperature of
the wetting layer, i.e., with higher Si content of the surface
onto which the dots nucleate.

In conclusion, we have shown that the self-organized
growth of Ge islands is fundamentally affected by the prede-
position of a carbon submonolayer on a strained SiGe buffer
layer. The relevant parameter which allows for a control of
dot topography is the Ge content of the SiGe alloy. The result
is a monomodal distribution of Ge rich quantum dots with an
areal density which can be adjusted over a wide range
!109–1011 cm−2" just by changing the Ge composition of the

SiGe buffer/wetting layer. The results are explained using a
kinetically limited model for the growth mechanism which
accounts for the interplay of chemical interactions among C,
Si, and Ge as the determinant factor influencing Ge adatom
mobility. This provides us with a powerful growth protocol
for better design of Ge quantum dot nanostructures for de-
vice applications.
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Abstract

We address the growth mechanism of Ge quantum dots (QDs) on C-alloyed strained Si1!xGex layers by in situ reflection high-energy
electron-diffraction (RHEED). We show that C-induced growth on a Si-rich surface leads to a high density (about 1011 cm!2) of small
dome-shaped islands. On surfaces up to "65% richer in Ge we observe a decrease of the dot density by two orders of magnitude, which is
associated to the increase of the adatom diffusion. Based on quantitative RHEED analysis, the islands are believed to grow in a Volmer–
Weber mode even though their spotty electron transmission pattern is not detectable in the initial stages of growth due to the reduced size
of the three-dimensional nucleation islands.
! 2006 Elsevier B.V. All rights reserved.

Keywords: C-induced Ge quantum dots; Molecular-beam epitaxy; RHEED; Spectroscopic ellipsometry

1. Introduction

Self-assembling on modified surfaces [1,2] or nanopat-
terned substrates [3,4] allows for the control of shape, size,
density and ordering of quantum dots (QDs), offering the
possibility to tailor their properties for potential applica-
tion in nanoscale devices [5]. In particular, the deposition
of sub-monolayer amounts of impurities, like carbon, en-
ables to dramatically decrease the diffusion length of ada-
toms on the surface, leading to the enhancement of dot
density even at relatively high growth temperatures (500–
600 "C) required for good crystalline quality [6]. We
recently demonstrated [7] that by the combination of
epitaxial growth on SiGe buffer layers and carbon predepo-
sition, we are able to manipulate the growth of Ge dots
with the possibility to tune the island density from about
1011–109 cm!2 just by increasing the Ge content (up to
"65%) in the strained buffer layer. We explained these re-
sults invoking a kinetically-limited model which accounts
for the interplay of chemical interactions among C, Si
and Ge that determine the Ge adatom mobility.

In this work we have investigated by in situ reflection
high-energy electron-diffraction (RHEED) the structural
changes occurring at the different stages of the proposed
multi-step growth process (SiGe deposition, C alloying
and nucleation of Ge dots). In particular, we observe that
although at the initial stages of dot nucleation the spotty
transmission pattern is not detectable due to the reduced
size of the critical nuclei, the strain relaxation is being ob-
served from the very beginning of the Ge deposition, which
suggests a Volmer–Weber growth mode.

2. Experimental

A set of Ge QD samples was prepared by solid-source
molecular-beam epitaxy using a three-step growth proce-
dure: (1) A thin strained Si1!xGex layer (with x ranging
from 0 to #65%) was grown on Si(0 01) substrates at
400 "C, (2) the temperature was stabilized at 500 "C for
the deposition of 0.1 monolayers (MLs) of carbon by a
sublimation filament and (3) finally, #6 Å of Ge were evap-
orated, leading to self-assembling of QDs. The growth was
monitored in situ by RHEED using 20 keV electrons and a
CCD camera to record the diffraction pattern displayed on
a phosphor screen. Characterization of composition, thick-
ness and strain of the Si1!xGex buffer layers was carried
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out ex-situ by spectroscopic ellipsometry in the 1.4–4.8 eV
spectral range in side-by-side grown samples without step
(3). Morphology and QDs density were investigated by
atomic force microscopy (AFM).

3. Results and discussion

In Fig. 1 we show a sequence of RHEED patterns typ-
ical of the different deposition steps collected along the
h110i azimuth. The Si(0 01) surface of the substrate is
characterized by a streaky pattern corresponding to the
(2 · 1) surface reconstruction (Fig. 1(a)). During the depo-
sition of the Si1!xGex buffer Fig. 1(b) we notice a decrease
of intensity along the second order strikes that is attributed
to the evolution from Si-(2 · 1) to SiGe-(M · N) recon-
struction [8]. No indications of the formation of 3D clus-
ters, neither transmission features nor Chevron lines
originating from {105}-facets, can be detected confirming
that by lowering the substrate temperature we successfully
quenched the formation of ripples [9,10]. After the deposi-
tion of 0.1 ML of C (Fig. 1(c)) the second order strikes
almost completely disappear hinting at an enhancement
of the surface roughness. Carbon on Si(001) is known to
induce a c(4 · 4) reconstruction [11] associated to increased
surface roughness, but it is not known if this also applies to
C deposition on SiGe alloys. Considered the Ge–C repul-
sive interaction [12] and the changing surface reconstruc-
tion of SiGe it is likely that with increasing Ge content in
the alloy, the c(4 · 4) reconstruction becomes progressively
unstable and hardly detectable by RHEED. In the last step
of the growth process (Fig. 1(d)), a typical spotty pattern
resulting from electron transmission through strain-
relieved 3D clusters (Ge islands) appears.

The growth sequence for the samples under investiga-
tion is always exactly the same, apart from the deposition
of the Si1!xGex buffer of variable x. Spectroscopic ellips-
ometry allows to accurately probe these thin layers for
the determination of the film thickness and dielectric func-
tion of the material. By an accurate fitting procedure [13] it
is possible to extract the energies of the interband
electronic transitions E1 and E1 + D1. From these two ener-
gies we evaluate both the Ge content in the alloy and
the in-plane strain, which, approximately, should be

!kð%Þ ¼ !4x for pseudomorphic layers. In Fig. 2 we show
the fitted spectral dependence of the refractive index n and
the extinction coefficient k for two of the buffer layers, with
arrows indicating the energies of the transitions obtained
from the analysis of the ellipsometric data. Results are
summarized in Table 1. In particular, the layers are found
to be completely strained, in agreement with a 2D growth,
as deduced from RHEED.

The RHEED patterns represented by the sequence in
Fig. 1 describe qualitatively all samples. However, interest-
ing differences are revealed upon quantitative analysis of
each case. By selecting the line marked by arrows in
Fig. 1(a) we extracted profiles of the RHEED patterns col-
lected at different stages of the sample growth. In Fig. 3 we
show the evolution of such linescans evidencing the pattern
change which corresponds to the appearance of additional
transmission spots associated to QD formation. We focus
now on this last step of the process during the time when
Ge is deposited. We monitor the intensity of the 3D spotty
pattern and simultaneously extract the distance between

Fig. 1. RHEED pattern sequence taken after deposition of (a) Si buffer,
(b) 7 nm-thick Si0.56Ge0.44 strained layer, (c) 0.1 ML of carbon and (d) Ge
QDs. Arrows in (a) indicate the line along which RHEED profiles were
obtained.
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Fig. 2. Optical functions n and k of Si1!xGex/Si(001) buffer layers for
x = 0.20 (dotted line) and x = 0.64 (solid line). Arrows indicate fitted
energies of relevant electronic transitions.

Table 1
Results of characterization of the samples. Thicknesses d of the Si1!xGex

buffer layers and their transition energies E1 and E1 + D1 determined by
ellipsometry

d (nm) E1 (eV) E1 + D1 (eV) x !kð%Þ q (cm!2)

5(1) 3.295(6) — 0.08(2) — 4.7 · 1010

8(1) 3.135(10) 3.245(10) 0.20(2) !0.7(2) 6.7 · 109

7(1) 2.832(5) 3.140(10) 0.44(1) !1.9(2) 1.7 · 109

6(1) 2.560(3) 2.991(5) 0.64(1) !2.6(1) 8.5 · 108

Composition x and in-plane strain !k are obtained from these energies.
Numbers in parentheses represent error bars affecting the last given digits.
The tabulated density of QDs q was evaluated by AFM for each case with
estimated error margin of 10%.
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streaks (or spots) in order to quantify the strain relaxation
associated to the dot growth. These results are plotted in
Fig. 4. Considering first Fig. 4(a) we observe that the initial
growth stages are characterized by a plateau before the rise
in intensity of the 3D spots. The lower the Ge content in
the Si1!xGex buffer, the longer it takes for the 3D spots
to become detectable by RHEED. If we only look at these
data we could think that the plateau represents a layer by
layer growth compatible with a Stranski–Krastanow (SK)
growth mode. From this perspective, we would conclude
that for higher Ge content in the buffer (i.e. higher amount
of elastic energy stored in the 2D layer), the critical thick-
ness for 2D to 3D growth mode transition is reached ear-
lier, in line with the RHEED data of Fig. 4(a). However,
we cannot disregard the key piece of evidence shown in
Fig. 4(b), where there is clear indication of an in-plane
strain relaxation during Ge growth. For example, we ana-

lyze the case of Ge QDs on Si0.92Ge0.08, for which the 3D
spots do not appear until "60 s after start of Ge deposition
(coverage near 2 MLs). We actually notice that strain
relaxation occurs from the very beginning of the Ge growth
and when the 3D spots become clearly detectable (see the
dotted vertical arrow in Fig. 4(a)) the strain relaxation al-
ready accounts for roughly 50% of the value obtained at
the end of the deposition. In SK growth mode we would
expect no strain relaxation until 3D clusters nucleate.
Therefore, we believe that when carbon is involved in the
growth process, the evolution of Ge dots on C-alloyed
Si1!xGex surfaces proceeds via a Volmer–Weber mode,
similarly to the case of C-induced Ge dots on Si(0 01)
[14]. In addition, the observed plateaus indicate that dots
must reach a threshold critical volume to produce a detect-
able spotty pattern.

In order to explain the dependence of the delay for the
observation of transmission spots on the Ge composition
of the buffer, we make use of the surface dynamics leading
to the final QD topography observed by AFM. We recently
proposed [7] that the c(4 · 4) reconstruction obtained by
depositing C on Si(0 01) becomes unstable with increasing
Ge content of the surface, partly due to the Ge–C repulsive
interaction. Consequently, in presence of a SiGe alloy, the
C-induced reconstruction patches gradually disappear
becoming increasingly fragmented [15]. Because such
patches reduce adatom diffusion length, their crumbling
opens high mobility paths for the deposited Ge adatoms.
The average diffusion length then increases with Ge content
causing a gradual decrease in density of dots, as sketched in
Fig. 5. At the very first stages of the dot growth, the diffu-
sion length determines the area around the nucleation
points, where Ge atoms are likely to be captured into exist-
ing Ge islands, instead of forming a new 3D cluster [16,17].

Fig. 3. Linescans of RHEED data typical for the different growth steps
shown in Fig. 1.

(b)

(a)

Fig. 4. RHEED parameters obtained by linescan analysis versus Ge
growth time. (a) Intensity of the spotty pattern associated with electron
transmission through Ge quantum dots for different Ge content in the
buffer layer; (b) in-plane strain relaxation relative to Si associated to 3D
growth. The inset shows a sketch of a sample and the vertical arrow
indicates the onset of the spotty pattern for Ge dots grown on Si0.92Ge0.08.

Fig. 5. Top panels are sketches of diffusion limiting c(4 · 4) reconstruction
patches on Si1!xGex layers with (a) low x and (b) high x. With increasing x
the reconstruction becomes unstable and high diffusion paths for Ge
adatoms open up, as indicated by arrows. Bottom panels are the
corresponding AFM topographic images for Ge QDs grown on C-alloyed
Si1!xGex layers with (c) x = 0.08 and (d) x = 0.64. Both AFM images are
in the same scale: the imaged areas are 2 · 2 lm2 and the average dot
heights (c) 10 nm and (d) 20 nm, respectively.
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Hence, the final dot density depends on x and when this va-
lue is reached and nucleation of new dots stops, then any
additional deposited Ge atom would join the existing is-
lands, whose average volume starts to increase, becoming
big enough to produce a spotty pattern. Following this
idea, we can estimate the critical volume for RHEED
detection as V c ¼ r"t

q , where r is the growth rate (#0.04 Å/
s), t is the growth time needed for onset of 3D spots and
q is the dot density. Then we obtain that Vc is typically
in the range #0.5–7 · 103 nm3 with increasing Ge content
in the buffer layer. The value Vc can be taken as an upper
limit for the critical volume of island formation, and, in
fact, the obtained values coincide well with the order of
magnitude of very small self-assembled Ge clusters [18]
and are in the range of volumes experimentally determined
from AFM for the smallest dome-shaped C-induced
dots [19], whose critical volume was estimated to be
#2 · 103 nm3.

4. Conclusions

In conclusion, from strain relief linked to 3D growth ob-
served by RHEED we obtained evidence that the forma-
tion of Ge QDs on C-alloyed strained Si1$xGex layers
follows a Volmer–Weber growth mode. The presence of
C induces nucleation of tiny dots that are not detectable
by the characteristic transmission (spotty) pattern before
a certain time which depends on the Ge content x in the
Si1$xGex buffer layer. This dependence is largely related
to the different average adatom diffusion lengths, which
determine the time from which no new dots nucleate and
the final dot density is reached. Surface diffusion can be
manipulated by increasing the Ge content x. Carbon on
Si-rich alloys induces the formation of reconstruction
patches implying low diffusion and high dot density. The
reconstruction is believed to become unstable on Ge-rich
surfaces, causing an enhancement of the adatom diffusion
length and the consequent decrease of the dot density.
Hence, by increasing of Ge content on the surface from

zero to 64% the density of dots gradually decreased by
roughly two orders of magnitude.
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J O Ossó2 and M Garriga
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Abstract
We follow the growth of islands with different shapes by monitoring the
strain relaxation by reflection high energy electron diffraction (RHEED).
Comparing a bimodal ensemble of pyramids and domes with a monomodal
distribution of C-induced domes, we observe different relaxation pathways
and a growth mode change from Stranski–Krastanow to Volmer–Weber. We
also study the changes induced by the capping process with Si. Small strains
in thin cap layers are revealed by spectroscopic ellipsometry. Raman
spectroscopy is employed to probe the built-in strain and silicon intermixing
in different types of islands, evidencing that smaller islands are enriched in Si
and effectively recompressed, whereas bigger relaxed dots remain
substantially unaffected.

(Some figures in this article are in colour only in the electronic version)

1. Introduction

The challenge of turning nanostructures like self-assembled
quantum dots (QDs) into future nanoscale devices critically
depends on the possibility to tailor the island shape, size
distribution, composition and strain status [1–3]. In standard
Ge/Si heteroepitaxy, ‘anomalous’ coarsening [4] and Si–
Ge intermixing [5] compete as ways for elastic strain
relaxation. The typical result is a broad dot-size distribution
of coherent islands having different shapes [6–8] (shallow
pyramids and steeper domes or barns). For large islands,
called superdomes, there is a competition between elastic
and plastic relaxation, which depends on the substrate
temperature [9–11]. Classifications of island shapes and usual
relaxation mechanisms are summarized in [8]. The population
of domes and pyramids in an ensemble of islands is related
to the total Ge coverage and the growth temperature [12],
with bigger pyramids transforming into domes when a critical
volume is reached. During annealing, the morphology of
strained islands eventually oscillates [8, 13] between shallow

1 ICREA Research Professor.
2 Present address: MATGAS 2000 AIE, 08193 Bellaterra, Spain.

and steeper shapes [14] so that the final dot topography is rather
unpredictable. The drawback of the coexistence of islands with
different shapes is that they are not only inhomogeneous in
size but they also exhibit different composition [15] and elastic
properties.

To achieve better dot uniformity there are different
possible strategies. It is possible to remove large clusters
and keep small pyramids by growth interruption and high
temperature annealing [16]. In the Ge/Si system pyramids
are strongly intermixed and dome-shaped islands with larger
aspect ratios and Ge-rich compositions are preferred. In order
to obtain small domes, a simple bottom-up strategy involves
surface modification by addition of impurities [17–21], which
affect the kinetics and alter the energetics of nucleation.
Deposition of carbon during the process of QD growth enables
a dramatic decrease of the diffusion length of adatoms and
a modification of the strain field of the surface. Carbon
promotes the growth of domes even at very low Ge coverage
and in a wide temperature range [20, 22] without the
coexistence of pyramids or hut clusters. The peculiar interplay
of chemical interactions between Si, Ge and C and the
resulting local enhancement of strain are responsible for
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relevant changes in the growth mechanism. In addition to
better sample homogeneity, size-reduced domes are attractive
for the conception of quantum optoelectronic devices [1].
However, we point out that radiative recombination will
typically be indirect in real space (type II), suitable for instance
for photodetector operation. Type I structures suitable for
stimulated emission are possible at even smaller sizes, as was
demonstrated from submonolayer Ge QDs [23].

In the present work we describe an experimentally
observed growth mode change from Stranski–Krastanow (SK)
in the absence of C to Volmer–Weber (VW) when depositing
Ge on a C-enriched Si substrate. The evolution of the surface
lattice parameter is followed up to large Ge coverage where
both elastic and plastic mechanisms of relaxation are active.
We also study the process of capping the islands with silicon
to understand how it affects the final composition and the
elastic recompression of the dots. Finally, we also focus on
the structural properties of the cap layer and obtain evidence
of the existence of compressive stress induced by local strain
fields associated with carbon-rich patches.

2. Experimental details

Samples under investigation were prepared by solid-source
molecular beam epitaxy. After oxide desorption at 900 ◦C
and 100 nm thick Si buffer layer deposition, the substrate
temperature was set to 500 ◦C. Subsequently, ∼0.1 monolayers
(MLs) of carbon were predeposited on the Si surface from
a calibrated sublimation filament. The self-assembling of
carbon-induced quantum dots (C-QDs) was achieved by
evaporation of 12 MLs of Ge. A reference sample was prepared
following exactly the same growth procedure as above, but
omitting the step of carbon predeposition. As a result standard
Stranski–Krastanow quantum dots (SK QDs) were obtained.
Finally, part of the surface of the samples was capped with
a 10 nm thick Si layer deposited at 300 ◦C, in order not to
alter the shape of buried dots. Growth was monitored in situ
by reflection high energy electron diffraction (RHEED) and
the island topography was studied ex situ by atomic force
microscopy. In order to evaluate the composition and residual
strain, samples were characterized by optical measurements at
room temperature. Raman spectroscopy was carried out with
the 514.5 nm line of an Ar-ion laser for excitation. Light
was focused onto the sample with a spot size of about 1 µm
and a laser power of 4 mW. In order to suppress contributions
from second-order processes, we used the scattering geometry
z(xy)z̄, where x , y and z are the [100], [010] and [001]
crystallographic directions, respectively. The ellipsometric
spectra were collected using a rotating polarizer ellipsometer
in the 1.4–4.8 eV spectral range.

3. Results

3.1. Growth mode and dot topography

When comparing conventional island ensembles with C-
induced QDs the first striking feature concerns the morphol-
ogy. We use the same island shape denominations as those
given in [8]. There are two equilibrium island shapes: shal-
low islands called pyramids (Ps) with {105} crystallographic

Figure 1. Topographic images of uncapped Stranski–Krastanow
quantum dots (SK-QDs) (left) and carbon-induced QDs (C-QDs)
(right). The grey scale indicates surface inclination (steeper facets
correspond to darker color). Labels in figure refer to pyramids (Ps),
transition domes (TDs) and domes (Ds).

planes and domes (Ds) with steeper {113} facets. The aspect
ratios (defined as the dot height over the square root of the basis
area) of these islands are different: pyramids have aspect ratios
much smaller than 0.1 and well-developed domes have values
around 0.2. The evolution P → D may be rather continuous
and the transition islands are called transition domes (TDs),
with aspect ratios around 0.15. By changing shapes, islands
relax elastically, i.e., Ps and TDs are coherent islands. When
TDs evolve into Ds reaching a critical size, plastic relaxation
will set in [9, 10] giving rise to larger dome-shaped dislocated
islands (superdomes).

We compare the different morphologies in figure 1. We
choose a representation with the facet inclination as the z-
scale, so that different grey-levels indicate different families of
islands. That is, lighter dots are shallow pyramids and darker
islands correspond to domes. Ordinary SK self-assembling
of Ge islands on Si (left panel) leads to a broad bimodal
distribution of pyramids and domes. Addition of carbon to the
surface, due to the enhancement of strain fields, stabilizes the
dome-shaped islands [24]. In the C-QD ensemble (right panel)
even the smaller islands are dome-shaped, with aspect ratios
increasing with the dot volume, from ∼0.1 for the smaller or
transition domes to ∼0.2 for the bigger domes. It is evident
that the use of carbon yields better island homogeneity with a
much narrower dot size distribution, although in this example
we go beyond optimal coverage on purpose.

In order to unravel the mechanism leading to such different
dot topographies, we performed in situ RHEED experiments
during the growth of the islands. In figure 2 we show
the evolution from the streaky pattern of an atomically flat
Si(001) surface to the spotty pattern associated with the surface
roughening and nucleation of islands. Apart from a qualitative
overview of the growth process from RHEED images it is
possible to extract streak intensity profiles which allow us to
obtain quantitative information [25] about the strain relaxation
mechanism. The spacing of diffraction streaks gives the
relative variation of the in-plane lattice parameter in real
time [26–28].

The measured evolution of in-plane lattice parameter is
plotted in figure 3. The top panel corresponds to SK self-
assembling. In this case, during the first stage of Ge deposition

2



Nanotechnology 18 (2007) 475401 A Bernardi et al

Figure 2. RHEED patterns (top panels) along a ⟨110⟩ azimuth of a
flat (2 × 1)-reconstructed Si(001) surface and of transmission
diffraction from 3D islands. The bottom panels show the
corresponding streak intensity profiles extracted from RHEED
images.

we do not observe any evolution of the lattice parameter,
consistent with the growth of a flat pseudomorphically strained
wetting layer (WL). After a critical coverage of 4–5 MLs the
streaky pattern starts to evolve into a spotty pattern and from
the streak spacing variation we infer a progressive increase of
the lattice parameter, which indicates a strain relief associated
with the transition from 2D growth to nucleation of 3D clusters.
These observations are consistent with the expected Stranski–
Krastanow (SK) growth mode. Moreover, from our data we
can recognize clearly two stages of strain relaxation. A first
plateau around the value △a∥

aSi
! 1% can be attributed to the

nucleation and growth of shallow pyramids, and progressive
relaxation up to !2% corresponds to their shape transition into
steeper domes [7, 12, 14]. After about 10 MLs of Ge coverage
we observe a quicker relaxation, almost reaching the lattice
mismatch value for Ge bulk (∼4%). This can be associated
with a more efficient plastic strain relief leading to dislocated
domes (also called superdomes). At the final coverage of
12 MLs all these islands coexist.

If we now consider the strain relaxation pathway for C-
QDs shown in the bottom panel of figure 3, we observe that
the lattice parameter starts to evolve from the very early stages
of Ge deposition, indicating that 3D relaxation occurs without
the formation of a flat strained WL. This strain relaxation
dynamics confirms that the presence of C on the surface
induces a change of growth mode from Stranski–Krastanow
to Volmer–Weber (VW), as previously demonstrated by other
RHEED experiments [29, 30] (qualitative study of the streaky–
spotty transition) and scanning tunneling microscopy [31].
In our present quantitative RHEED data analysis of C-QDs
growth we cannot appreciate sharply differentiated stages
of strain relaxation, suggesting that there is no clear shape
transition. This observation is consistent with the measured
final AFM topography revealing dot homogeneity, without
the presence of islands with different shapes. However, the
quick lattice relaxation between 6–8 MLs is likely to involve
dislocations.

Ge deposited (MLs)

Figure 3. In-plane lattice parameter relaxation associated with the
nucleation of 3D islands obtained from RHEED intensity profiles.
The vertical arrow indicates the point where dot nucleation for the
conventional Stranski–Krastanow islands sets in (top panel).

3.2. Recompression of capped islands and Si intermixing

We now turn to discuss the effects of capping with Si,
which changes the strain status of the dots [32, 33] and
composition [34–36]. Knowledge of the complex strain
field generated inside and outside the dots is determinant
for predicting the properties of the nanostructures and for
engineering the process of piling up a multistack of vertically
correlated islands [2, 37, 38]. During capping, the additional
strain is partially relieved by Si intermixing into the islands, so
that the composition of the island is expected to change towards
a Si enrichment [34]. Notice that capping is done here at
substrate temperature of 300 ◦C, which we checked preserves
the island shapes.

Raman spectroscopy is a surface sensitive technique
useful to extract information about both composition and
strain inside the QDs [10, 24, 35, 36, 39–41]. In figure 4(a)
we show the Raman spectra for the investigated samples,
where the dominant feature is the Ge–Ge phonon band near
300 cm−1. We always observe that the uncapped samples
are characterized by weaker peak intensities, possibly due to
partial oxidation of the dots and to the presence of surface
states that reduce the electronic lifetimes, affecting the resonant
enhancement of the Raman intensity. In contrast, in the capped
samples, larger Raman intensity close to resonance is possible
in the absence of surface states [32]. Moreover, a Si–Ge
band at ∼400 cm−1, which was almost absent for uncapped
samples (see inset to figure 4(a)), is apparent in the spectra
of the capped samples. The relative intensity between Ge–
Ge and Si–Ge phonon bands [42, 43] gives at a first glance
information on the average composition: uncapped islands are
almost pure Ge (xGe > 90%), whereas capped islands have
a composition ranging from xGe ∼ 80% (for SK QDs) to
xGe ∼ 85% (for C-QDs). The Si intermixing at relatively
low temperature is driven by surface diffusion rather than by
bulk processes [5, 44, 45], so the reduced adatom mobility
associated with the presence of carbon may be the reason why
capped C-QDs remain slightly Ge richer.
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Figure 4. Raman spectra of C-induced and SK QDs for capped and
uncapped samples (all with 12 MLs Ge). The inset shows the Si–Ge
phonon mode associated with the Si intermixing during the capping
process. The bottom panel represents a close-up of the spectra in the
region of the Ge–Ge phonon mode. The spectra can be fitted with
two asymmetric Gaussians (shown in the figure). The vertical line
indicates the Ge–Ge phonon frequency for bulk Ge.

By fitting the peak positions of the phonon bands it
is possible to obtain further insight into the nanostructure
composition and especially in the strain status. The presence of
some dislocated islands does not affect the subsequent analysis,
which is completely general. Qualitatively, a red-shift of the
Ge–Ge peak is associated with Si enrichment, and a blue-shift
is indicative of compressive strain. In figure 4(b) the main Ge–
Ge peak is shown with greater detail. The peak position for
the Ge–Ge band of uncapped islands (∼301.3 cm−1) is quite
close to the frequency expected for relaxed Ge (300.8 cm−1),
whereas capped samples are characterized by a blue-shift of
the Ge–Ge peak ascribed to the partial recompression of the
dots. From figure 4(b) it is remarkable that after capping
we are able to resolve two clear contributions to the phonon
mode, which can be deconvoluted by fitting two Gaussian
terms, giving a low frequency peak at ωGe−Ge ! 305 cm−1

and a high frequency peak at ωGe−Ge " 310 cm−1. Similar

features observed for nominally monomodal ensembles of dots
were recently interpreted as the fingerprints stemming from
an intermixed shell and a Ge-rich core, respectively [41].
This core/shell model does not hold for our experiment since
the low frequency peak (associated with intermixing during
encapsulation of islands) is already present for uncapped dots.
Considering the topography of the present samples, we rather
ascribe the two contributions to two different families of
islands: the high frequency mode is associated with smaller
compressed pyramids or transition domes, in the case of the C-
QDs, whereas the low frequency peak is mainly related to the
bigger relaxed domes with dislocations. Notice in figure 4(a)
that the two spectral contributions to the Ge–Ge band can be
related to those observed in the Si–Ge band spectral range,
namely a lower frequency broad band at ∼390 cm−1 and a
higher frequency peak at ∼420 cm−1. The observation of
two Ge–Ge modes and their two Si–Ge counterparts allows
us to solve for values of composition and strain, as detailed
below. The only combination that makes sense is to pair both
lower frequency peaks (305 and 390 cm−1) and both higher
frequency peaks (310 and 420 cm−1). Taking into account the
experimental composition dependence for both the Ge–Ge and
Si–Ge LO phonon bands [46], we obtain the following system
of two equations where the unknowns are the composition x in
Si1−x Gex and strain ϵ∥ [24, 10]:

ωGe−Ge = 284 + 5x + 12x2 + bGe−Geϵ∥, (1)

ωSi−Ge = 400+29x −95x2+213x3−170x4 +bSi−Geϵ∥, (2)

provided the strain-shift coefficients b of the last terms of
equations (1), (2) are known. The generalized expression is

b = ω(x)(−K̃11α/2 + K̃12). (3)

In equation (3), K̃i j are the deformation potentials and
α = −ϵ⊥/ϵ∥ describes the strain field inside the dots.
It is generally assumed that the Ge islands are biaxially
strained [2] (α ≃ 0.75) like a flat pseudomorphic layer, but
this approximation might be inaccurate at least for capped dots
with steeper facets (domes) that should tend to an hydrostatic
strain field (α = −1) [33]. Typical experimental values for
bGe−Ge of Si1−x Gex alloys and Ge quantum dots reported in
the literature [40, 42, 43, 47] show considerable dispersion,
ranging from −400 to −1000 cm−1, remarkably matching the
values that can be obtained from equation (3), if we consider
the limiting cases of biaxial and hydrostatic strain (assuming
that the deformation potentials of Ge are K̃11 = −1.57 and
K̃12 = −2.07)Note 3. Since the values of b directly affect the
obtained ϵ∥, we conclude that the main source of uncertainty
in determining the strain in the dots comes from the lack of
consensus in choosing the proper elastic model to describe a
compressed island. Therefore, in table 1 we report two results
assuming both limiting cases of biaxial and hydrostatic strain
fields.

The dot compositions obtained from this detailed analysis
and reported in table 1 are compatible with the average
compositions determined above from the peak intensity ratio
between the Ge–Ge and Si–Ge modes. Uncapped samples
consist of Ge-rich islands (∼90%) and are almost fully relaxed.

3 Our measurement, unpublished.
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Figure 5. Second derivative with respect to energy of the dielectric
function (imaginary and real parts) of the Si cap layer as obtained
from the ellipsometry spectra. Arrows represent the fitted energies
for the electronic transition E1. The vertical line shows the E1 energy
for unstrained silicon, and a blue-shift (red-shift) corresponds to
compressive (tensile) strain.

Table 1. Composition and strain obtained from the peak positions of
the Ge–Ge and Si–Ge phonon modes. For capped samples the results
refer to both the high and low frequency contributions to the Raman
spectra. We calculate strain assuming both limiting cases of biaxial
and hydrostatic strain. In the last column we report as a reference the
maximum strain given by the lattice mismatch for each composition.

xGe (%)

ϵbiaxial
∥

(%)
ϵ

hydrostatic
∥

(%) ϵmax
∥ (%)

SK QDs 92 ± 2 −1.0 −0.4 −3.7
SK QDs + cap 77 ± 15 −3.0 −1.6 −3.0

89 ± 3 −1.1 −0.5 −3.5
C-QDs 92 ± 2 −0.8 −0.3 −3.7
C-QDs + cap 82 ± 15 −3.2 −1.9 −3.2

94 ± 2 −1.3 −0.6 −3.8

After capping, there are two distinct regions showing not only
different intermixing but also different strain. This means
that some of the islands, presumably the smaller dots, become
∼10% richer in silicon and are strongly compressed. In fact,
accepting that strain in small islands is well described by a
biaxial model [33], then they turn out to be fully compressed
upon capping. In contrast, the family of bigger islands remains
Ge rich and only slightly recompressed by the cap layer.
Results obtained by Raman spectroscopy confirm that the
intermixing process during capping is strain-driven and affects
mostly the smaller (Ps and TDs) coherent islands.

3.3. Structural properties of the cap layer

Characterization by spectroscopic ellipsometry, complement-
ing the results from RHEED and Raman, is useful in under-
standing the inhomogeneity of the strain field of the cap layer
in the regions above the islands and in between them [37, 48].

Spectroscopic ellipsometry represents a powerful comple-
mentary diagnostic tool allowing one, in particular, to probe
the thin layer of silicon covering the islands. From the ellipso-
metric measurement we determine the thickness of deposited

Figure 6. Sketch of the inhomogeneous strain field associated with a
C-QD. Relaxed islands induce a tensile strain in the thin cap layer.
Nevertheless, the presence of C-rich patches introduces compressive
strain in the region of cap layer surrounding the islands.

cap layer and extract its dielectric function with an accurate
fitting procedure and inversion algorithm, as discussed else-
where [10]. By fitting the second derivative spectra of the cap
layer dielectric function, we obtain the energy of the E1 elec-
tronic transition [49], indicated by vertical arrows in figure 5.
In the reference sample grown without carbon predeposition
the E1 transition is found to be slightly red-shifted compared
to bulk Si, indicating the presence of average tensile strain in
the cap layer induced by the Ge dots (see the sketch in figure 6).
Surprisingly, the E1 energy for the cap layer deposited on the
C-QD sample is blue-shifted, thus reflecting the presence of
average compressive strain, in spite of the presence of buried
Ge islands which are expected to induce local tensile strain in
the overgrown silicon. The structural information obtained by
ellipsometry is an areal average of all the sample surface and in
contrast to RHEED and Raman measurements does not provide
local information related only to the dots. The results indicate
that the silicon layer that grows on the C-alloyed surface which
surrounds the islands must be compressively strained.

4. Discussion

By using complementary surface science tools we were able to
study different aspects of the growth of strained Ge/Si islands.
RHEED was used to in situ monitor the evolution of the in-
plane lattice parameter, allowing us to determine the set in
of strain relaxation due to nucleation of 3D clusters. In the
absence of C, we observed the formation of a flat 2D layer
(WL), taking place before the gain in elastic energy becomes
dominant over the energetic term associated with the increase
of surface (SK growth). In this case, the first stage of island
growth accounts for the relaxation of less than 50% of the
lattice mismatch and it can be attributed to the nucleation of
small and shallow pyramids. When the islands get bigger,
they transform into domes or dislocated Ge clusters that can
efficiently relax the strain, so that after 10 MLs of coverage we
already measure a lattice parameter approaching the value of
bulk Ge.

The strain-relaxation pathway changes quite dramatically
when carbon is used to engineer the dot topography. In this
case, the presence of carbon-rich patches and the repulsive
Ge–C interaction prevent the formation of a WL, i.e., it
is energetically more convenient to increase the Ge surface
with nucleation of 3D clusters, rather than wetting the
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carbon-alloyed surface. As a result, the lattice parameter
relaxation associated with the 3D nucleation can be observed
starting from the very first stages of Ge deposition which
is experimental evidence of the growth mode change from
Stranski–Krastanow to Volmer–Weber. In the case of C-QDs,
we do not observe two regimes of strain relaxation (shallow
and steeper islands) but a continuous progressive evolution of
the lattice parameter, and this observation is consistent with the
AFM topography characterized only by dome-shaped clusters.
The density of domes is exceptionally high (∼1011 cm−2)

due to reduced mobility of Ge on a roughened carbon-alloyed
surface. Surprisingly, the smaller domes have volumes much
below the typical threshold value expected for the pyramid-
to-dome shape transition, i.e., the presence of carbon reduces
drastically the critical volume associated with the ‘anomalous’
coarsening. This experimental observation can be accounted
for by the enhanced effective mismatch between the substrate
and the overlayers [24], without the need to invoke differences
of the surface energy between shallower and steeper facets
related to the presence of carbon, since the carbon is arranged
in patches outside the islands. The reduced surface diffusion
that explains the high dot density is likely to be also responsible
for the quenching of Si intermixing in the islands. Both island
morphology and composition keep evolving while the growth
or annealing proceeds. Intermixing dynamics is thought to
be dominated by surface rather than bulk diffusion [5, 44],
especially at temperatures below 500 ◦C. Therefore, it is
possible that in the presence of C the process of Si intermixing
is kinetically limited. Then, capped C-QDs are less intermixed
and retain larger strain than SK-QDs, as experimentally
observed (see table 1). The limited intermixing as a partial
strain-reliever and the presence of local inhomogeneous strain
fields are both consistent with the extreme decrease of the
critical volume for the pyramid-to-dome transition, to the point
where only dome-shaped clusters can be observed.

As a result of the deposition of 12 MLs of Ge, the
dots completely relax their strain towards their apex, as can
be measured by RHEED probing the topmost atomic layers.
Raman spectroscopy becomes a useful tool to study instead the
average strain distribution inside the volume of the islands. The
relevant question arising when evaluating the Raman results
is to decide which is the adequate elastic model to describe
the strain status of a quantum dot. Once we have measured
the LO phonon frequency shift associated with the lattice
deformation, in order to quantify the strain, we need to know
the relation existing between the in-plane (ϵ∥) and out-of-
plane (ϵ⊥) components. A tiny shallow island is somehow
similar to a pseudomorphic 2D layer and its strain status
is likely described by a biaxial model (i.e., the lattice is
compressed in the in-plane direction and it is free to expand
in the out-of-plane direction, according to Hooke’s law). For
steeper islands embedded in a matrix (capped dots) [32, 33],
the strain status of dots can be rather described by a hydrostatic
model (ϵ⊥ = ϵ∥). According to the results listed in table 1 the
uncapped dots (both SK and C-QDs) retain only between 10%
and 30% of the strain, depending on whether we consider a
hydrostatic or biaxial model, respectively.

After capping with a 10 nm thick Si layer, the islands
are recompressed and we can clearly recognize in Raman
spectra features corresponding to two contributions from

portions of material with different composition and strain.
The experimental piece of evidence is that we are probing
regions of material with rather different structural properties;
thus, it is unlikely that they refer to different portions of
the same island. This argument leads us to ascribe the
contributions to two separate families of islands: the smaller
coherent islands are fully recompressed (according to the
biaxial model) whereas the bigger relaxed domes are less
affected by the thin cap layer [33]. Raman spectroscopy
turns out to be a powerful technique capable of pointing
out the presence of local structural inhomogeneities of the
quantum dots, complementing the information achieved by
RHEED analysis. When probing dot ensembles most of the
characterization tools are sensitive to the 3D clusters due to the
grazing incidence geometry and shadowing (this is the case of
RHEED) or for confinement of carriers in the islands and the
absence of a signal collectable from the WL (like in Raman
spectroscopy [24, 40]). In this context, ellipsometry provides
unique information on the average strain field of the silicon cap
layer, which indicates a local compressive strain in the regions
between islands associated with the carbon-rich patches.

5. Conclusions

In summary, we have studied the strain relaxation mechanism
during self-assembling of Ge QDs, comparing the conventional
Ge/Si heteroepitaxy with the carbon-engineered growth.
RHEED analysis permitted us to recognize three stages of
strain relaxation after the growth of a pseudomorphic WL,
corresponding to the nucleation of pyramids, the shape
transition to domes, and dislocation formation. For the
sample obtained after pre-depositing carbon on the silicon
substrate, we found instead experimental evidence for a growth
mode change from Stranski–Krastanow to Volmer–Weber. An
ellipsometric study of the silicon cap layer was helpful to point
out the presence of compressive strain associated with the local
strain field in proximity of the carbon-rich patches in between
the islands.

The topography of the quantum dot ensembles was
correlated to the structural properties (i.e., strain and
composition) measured by Raman spectroscopy. In particular,
the capping process put in evidence two distinct regions of the
sample with different local composition and elastic properties.
We interpreted our experimental results as signals coming from
two families of islands, i.e., smaller intermixed dots that get
highly recompressed and bigger domes only slightly affected
by the deposition of the silicon cap layer.

Optical techniques combined with RHEED and AFM
permit one to obtain an overall insight into the growth
mechanism of SK and C-QDs, with the possibility to capture
features which hint at the local structure of single quantum
dots. Nevertheless, in order to unravel the complete accurate
picture, single dot spectroscopy or experiments on perfectly
monomodal dot ensembles would be required.
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2.2 Growth	and	characterization	of	SiGe	nanostructures	
	
The	understanding	of	the	strain-relaxation	as	a	mechanism	to	drive	the	growth	of	
nanostructures	 and	 the	 discernment	 of	 strain	 from	 optical	 measurements	 was	
extended	to	several	SiGe	systems,	as	part	of	different	scientific	collaborations.	The	
main	contributions	of	the	author	of	this	thesis	are	the	growth	of	materials	and	the	
Raman	 spectroscopy	 analysis	 to	 determine	 strain	 and	 composition	 of	
nanostructures.		
	
	

2.2.1 Raman	characterization	of	SiGe	dots	under	high	pressure	
	
The	 built-in	 strain	 in	 self-assembled	 quantum	 dots	 has	 large	 impact	 on	 their	
physical	properties,	but	both	its	average	value	and	degree	of	anisotropy	are	often	
unknown.	 We	 demonstrate	 that	 the	 pressure	 coefficient	 (dω/dP)	 of	 optical	
phonons	might	be	used	as	probe	to	detect	the	strain	status	of	the	dots.	
	
Samples	 were	 grown	 by	 solid-source	 molecular	 beam	 epitaxy	 and	 the	 Raman	
spectra	were	collected	with	a	LabRam	HR800	system	in	backscattering	geometry	
at	room	temperature	using	different	lines	from	an	argon-ion	laser.	Measurements	
under	 pressure	 were	 carried	 out	 using	 the	 DAC3	technique.	 A	 4:1	 mixture	 of	
methanol	 and	 ethanol	 was	 employed	 as	 the	 pressure-transmitting	 medium.	
Pressure	was	monitored	in	situ	by	the	shift	of	the	ruby	R1	line.	The	samples	loaded	
in	the	DAC	were	previously	thinned	to	about	30	microns	by	mechanical	polishing.		
	

• The	 pressure	 coefficient	 obtained	 for	 the	 Ge	 mode	 of	 relaxed,	 uncapped	
islands	is	close	to	the	corresponding	value	in	bulk,	whereas	it	is	reduced	by	
∼20%	in	presence	of	a	Si	cap	layer.	This	result	can	be	understood	by	taking	
into	account	the	change	of	the	boundary	condition	imposed	to	the	Ge	lattice,	
which	is	constrained	to	match	that	of	the	silicon	matrix.		

		
• When	the	method	is	applied	to	the	case	of	Ge	dots	capped	with	Si	layers	of	

different	 thicknesses	we	observe	a	 transition	 from	a	 strictly	biaxial	 stress	
situation	 for	uncapped	dots	 to	 a	 status	of	quasihydrostatic	 strain	 for	 cap-
layer	thicknesses	larger	than	a	critical	value	of	the	order	of	the	dot	height.	

	
To	 explain	 this	behaviour	we	developed	a	 simple	 elastic	model	which	 takes	 into	
account	 the	 effects	 of	 the	wetting	 layer	WL	 and	dot	 capping	 on	 the	 dot	 residual	
strain.	We	consider	three	contributions	to	the	coefficient	dωs/dP.	The	obvious	one	
is	from	the	external	hydrostatic	pressure	and	the	other	two	arise	from	changes	in	
the	built-in	strain	of	the	QDs	indirectly	induced	by	the	applied	pressure	due	to	the	
different	 compressibility,	 i.e.,	 bulk	modulus	of	 the	dot	 and	 surrounding	material.	
From	the	 latter	contributions	one	corresponds	 to	 the	biaxial	deformation	caused	
by	 the	 wetting	 layer	 and	 the	 other	 comes	 from	 the	 recompression	 of	 the	 dots	
during	capping.	The	conclusion	is	that	there	is	an	abrupt	transition	from	a	strictly	
biaxial	 stress	 situation	 of	 uncapped	 dots	 to	 a	 fully	 hydrostatic	 isotropic	 three-
																																																								
3	Diamond	Anvil	Cell	
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dimensional	 compression	 state	 of	 the	 dots	 for	 cap	 layers	 thicker	 than	 a	 certain	
critical	value.		
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We compare results from Raman scattering for both capped and uncapped Ge quantum dots under hydro-

static pressure. The behavior of lattice vibrations and electronic transitions of the quantum dots are af-

fected by the presence or absence of a cap layer. The pressure coefficient obtained for the Ge mode of re-

laxed, uncapped islands is close to the corresponding value in bulk, whereas it is reduced by ∼20% in 

presence of a Si cap layer. This result can be understood by taking into account the change of the bound-

ary condition imposed to the Ge lattice, which is constrained to match that of the silicon matrix. Meas-

urements of the capped sample exhibit a resonant enhancement which is not appreciable for the uncapped 

dots. We relate this effect to the different lifetime of electronic states. 

© 2007 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim 

1! Introduction 

Self-assembled Ge quantum dots (QDs) on Si(001) might, in the future, be considered as a candidate for 

optoelectronic applications by controlling the built-in strain which, in turn, allows to tailor the optical 

properties of nanostructures [1]. Raman scattering represents a powerful diagnostic tool to gather infor-

mation on composition and strain in thin films and quantum dots. Moreover, due to the different com-

pressibility of Si and Ge, experiments under hydrostatic pressure [2, 3] can also be used to tune the strain 

induced by the silicon matrix on the embedded Ge dots and, as a result, a shift of their interband elec-

tronic transitions can be obtained [4, 5]. Previous works on Ge dots under pressure focused on samples 

capped with thick layers (∼200 nm) and reported pressure coefficients (dω/dP) for the optical Ge mode 

systematically lower than the value measured for the bulk material (3.9 cm
–1

/GPa) [6–8]. Such discrep-

ancy is discussed accounting for the different elastic properties of Ge and the surrounding silicon host 

matrix [9]. 

 In this work, we investigated the case of uncapped quantum dots and we demonstrate that if the com-

pression acting at the substrate/island interface (at the dot basis) is not affecting substantially the whole 

volume of the island, then the measured pressure coefficient tends to the value of bulk Ge. On the con-

trary, a really thin (10 nm) Si cap-layer is enough to achieve an important reduction (by ∼20%) of the 

pressure coefficient, in analogy with data of the literature obtained for much thicker cap layers. More-

over, the presence of a thin cap layer enables the resonant enhancement of Raman scattering intensity to 

be observed, when an interband electronic transition of the Ge QDs is brought into resonance with the 

laser line by applying pressure. This effect is otherwise not detectable in uncapped samples due to a 

reduced lifetime of electronic states. 
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2 Experimental details 

Samples were grown by solid-source molecular beam epitaxy according to the following procedure: after 

oxide desorption at 900 °C and 50 nm-thick Si buffer layer deposition, a 4Å∼  thick Ge wetting layer 

was grown before depositing 0.1 monolayers (MLs) of carbon. This surface modification allows for the 

control of shape and density (
9 2

3 10 cm∼

-

¥ ) of islands in the next growth step, when 6Å∼  of Ge are 

deposited at 500 °C. The resulting topography consists of dome-shaped dots 10–15 nm high [10]. For 

the capped sample, a 10 nm thick Si layer was subsequently grown at low temperature (300 °C) in order 

to avoid silicon intermixing and to preserve the island shape. 

 The Raman spectra were collected with a LabRam HR800 system in backscattering geometry at room 

temperature using different lines from an argon-ion laser. Measurements under pressure were carried out 

using the diamond anvil cell (DAC) technique. A 4:1 mixture of methanol and ethanol was employed as 

the pressure-transmitting medium. Pressure was monitored in situ by the shift of the ruby R1 line [12]. 

The samples loaded in the DAC were previously thinned to about 30 microns by mechanical polishing. 

3 Results and discussion 

3.1 Vibrational modes 
Figure 1 shows Raman spectra measured at various pressures up to ∼7 GPa in the capped sample. The 

Raman signal close to 
1

300 cm∼

-

 is ascribed to the Ge–Ge phonon mode of the Ge dots. We note that 

these spectra were measured in crossed polarization ( )z x y z, , where x, y, and z are the [100], [010], and 

[001] crystallographic directions of the Si substrate, in order to suppress the second-order Raman signal 

of the transverse acoustical phonons of the Si substrate, which would interfere with the Ge dot mode. 

The very strong signal at 
1

520 cm∼

-

 is attributed to the optical phonon of the Si substrate. Both modes 

shift to higher frequencies with increasing pressure and their intensities change due to resonance effects. 

The intensity decrease of the substrate mode is related to the shift of the 
1

E  electronic transition of Si to 

higher energies with increasing pressure. 

 The overall intensity of the spectra in the uncapped sample is much lower than for the capped one and 

no polarization analysis was made. However, the Ge–Ge mode and second order Si-2TA signal that al-

most overlap each other at 0P =  can be resolved under pressure, since they shift in opposite directions [7]. 

The frequency shift of the strong Si substrate signal at 
1

520 cm∼

-

 can be used as internal wavenumber ca-

libration of the spectra. The Raman shifts measured as a function of pressure are plotted in Fig. 2. A linear 

fit to the data gives the pressure coefficient 
1

d /d (3 9 0 1) cm /GPaPω

-

= . ± .  and the phonon frequency at 
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Fig. 1 Raman spectra of the capped QDs measured at 

different pressures. The peak at 
1

300 cm∼

-

 (ambient pres-

sure value) corresponds to the Ge–Ge phonon, whereas 

the very strong signal at 
1

520 cm∼

-

 comes from the Si 

substrate. 
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zero pressure 
1

0
301 5 0 2 cmω

-

= . ± .  for the uncapped sample, and 
1

d /d 3 30 0 02 cm /GPaPω

-

= . ± .  and 

1

0
303 94 0 04 cmω

-

= . ± .  for the capped sample. The values of 
0

ω  are different due to an increase in built-

in strain for the capped QDs with respect to the relaxed, uncapped ones. 

 The pressure coefficient obtained for the uncapped sample is in very good agreement with the ex-

pected Ge bulk value. However, for the sample capped with 10 nm of Si we obtain instead a lower coef-

ficient which is closer to the values reported for dots overgrown with much thicker Si cap-layers [7] or in 

superlattices [8]. 

 The carbon-induced Ge dots under investigation are Ge rich (>90%) dome-shaped islands [10, 11], 

whose enhanced aspect-ratio leads to an efficient relaxation of the strain originating at the is-

land/substrate interface due to the lattice mismatch between Ge and Si (∼4%). Raman scattering spec-

troscopy gives information on the average Ge content and mean strain of the islands. In particular, the 

Ge–Ge mode is likely to steam mainly from the Ge-rich core of the islands, where holes are better con-

fined. We thus expect that only a small contribution corresponds to the volume of material close and 

elastically coupled to the silicon substrate, for example, the wetting layer. 

 The different pressure coefficients obtained for samples with and without cap layer can be explained if 

we consider the boundary conditions applicable for each case. In general, the strain induced on the dot by 

applying external pressure can be decomposed in two terms: 

 
hydro matrix

( ) ( ) ( )P P Pε ε ε= + ,  (1) 

where the first term is the pure hydrostatic part of the Ge dot described by the Murnaghan equation of 

state (
Ge

0
B  is the bulk modulus of Ge) 

 

0

1

Ge Ge
3

hydro 0 0

Ge Ge Ge

0 0 0

( )

( ) 1 1 . . .

3

B

a P a B P

P P

a B B

ε

-
¢- ¢Ê ˆ= = + + @ - +Á ˜Ë ¯

 (2) 

 When the dot is constrained into a host material the additional term accounts for the strain originating 

from the different compressibility of the dot and matrix material. It depends on the boundary condition 

which we express in terms of a parameter 0 1ϕ< <  to describe the degree of relaxation of the dot accord-

ing to 

 

QD Ge

matrix

Ge

0

QD SiSi Ge Si Ge

Ge
QD Ge

0

( ) ( )

( )

0[ ( ) ( ( ) ( ))] ( )

1 .

a P a P

P

a

a aa P a P a P a P

a a a

ε

ϕϕ

ϕ

Ï
Ô
Ì
Ô
Ó

-
=

= , =+ - -
=

= , =

  

Fig. 2 Position of the Raman peaks observed in the two 

samples as a function of pressure. Open (closed) circles 

are results of the capped (uncapped) sample. Solid lines 

correspond to least-squares fits to the experimental data 

using a linear function. 

 

(3) 
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 Combining Eqs. (1)–(3) we can obtain a general expression for the expected Raman frequency shift 

under pressure, with a constant term representing the shift due to the built-in strain (at applied pressure 

P = 0) and a linear term on P, whose slope is the pressure coefficient of the phonon mode (here 
ij

K
!

 are 

the phonon deformation potentials for Ge): 

 

( ) ( ) ( ) ( )

( )

Si Ge

0 0 0 0

11 12 11 12 Ge

0

0

11 12 Si Ge Si

0 0 0

2 2 1

2 2

1 1 1

2 .

6

a a

K K P K K

a

K K P

B B B

ω ω

ω ε ϕ

ω

ϕ

! ! ! !

! !

-È ˘D = + ª + -Í ˙Î ˚
È Ê ˆ ˘- + + -Á ˜Í ˙Ë ¯Î ˚

  

 If we consider the sample with uncapped QDs and we assume that due to strain relaxation the average 

lattice parameter in the dot is 
QD Ge

a aª  (corresponding to the case 1ϕ ª ), then there is no built-in strain 

and the pressure coefficient is given by the pure hydrostatic term, dependent on the bulk modulus of Ge. 

When a cap layer is present, the dot is compressed to adjust its lattice parameter to that of the host mate-

rial, i.e. 
QD Si

a aª  (if the dot is fully compressed then 0ϕ ª ). In this second case, as deduced from 

Eq. (4), only the bulk value of silicon enters in the calculation of the pressure coefficient and a constant 

frequency shift is arising from the built-in strain. From Eq. (4) follows that ( ) ( )
capped uncapped

d /d / d /dP Pω ω  

Ge Si

0 0
/ 0 77B B= = . , in good agreement with the experimental value (0.84). 

3.2 Electronic states 
The influence of pressure on the 

1
E  and 

1 1
E ∆+  electronic transitions of the QDs can be studied by reso-

nant Raman measurements [13, 14]. When the energy of the exciting laser is close to that of the optical 

transitions, the resonance curve can be tuned by pressure. In our experiments we were able to measure a 

resonant enhancement of the Ge–Ge Raman phonon only on the sample with cap layer. The Raman 

intensity on the uncapped sample was rather low and remained constant within noise. This fact seems 

contradictory because these electronic transitions were measured by ellipsometry on the uncapped sam-

ple at 
1

2 23E = .  eV and 
1 1

2 43E ∆+ = .  eV and are in the suitable spectral range. According to these ener-

gies, the QDs have an average composition 0 92x = .  [10]. The Ge transition energies on the capped sam-

ple cannot be fitted clearly due to absorption by the Si cap, nevertheless, the QD composition should not 

be altered by the low T capping process. In order to understand the different resonance behavior 

with/without cap layer, we have modeled the shape and relative intensity of the two resonance curves by 

considering the expression of the Raman polarizability near the two-dimensional critical points 
1

E  and 

1 1
E ∆+  [15]: 

 

1 1 1 1 1 1

2
5

1 02 5

3 0

1 1

( )

| |

d4 2

E E E E

d d

a d

E

∆ ∆

χ χ χ χ

∆

+ +

,

,

Ê ˆ+ -µ - ,Á ˜Ë ¯
  

 

2
2

2

e ln 1 ,
j j

E i j

j

j j

E E

A

E E i

φ

χ

Γ

È ˘Ê ˆ
= -Í ˙Á ˜-Ë ¯Í ˙Î ˚

 

where
j

E

χ  is the electronic susceptibility and the critical-point parameters are the amplitude 
j

A , the width 

j
Γ  and the phase 

j
φ . The latter are obtained from analysis of ellipsometric spectra. The pressure-tuned 

resonance curve is obtained at fixed laser energy 
L

2 541E E= = .  eV. To introduce the dependence on 

pressure we take into account that both gaps shift with the same pressure coefficient α , that is, 

( ) (0)
j j

E P E Pα= + . In this way, the pressure coefficient α  can be evaluated from measurements using 

only one laser line. 

 The results for the resonant enhancement of the Ge-mode intensity for the capped sample are plotted 

in Fig. 3. Raman intensities are normalized relative to the maximum intensity at resonance and are given 

in arbitrary units. We fit the shape of the curve as a function of pressure having α  as fit parameter. The  

(5) 

(4) 
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actual transition energies are calculated from the known composition 0 92x = .  and with a best-fit built-in 

biaxial strain 0 6%ε! = - . . The rest of the needed quantities are taken from literature values for Ge [15]. 

In particular, the broadening of the gaps are taken as those of bulk Ge. For the uncapped sample, the 

broadening obtained from ellipsometry is about a factor of two larger. If we just calculate the resonance 

curve expected for the uncapped sample with larger broadening, the overall Raman intensity drops con-

siderably, as shown in Fig. 3 by the dotted curve. 

 The value of 40 5α = ±  meV/GPa obtained from the fit is similar to previous measurements in capped 

samples, reduced with respect to bulk Ge in the same way as the phonon pressure coefficient. It is likely 

that α  in the uncapped sample should be closer to the bulk value but, unfortunately, it was not possible to 

be evaluated. 

4 Conclusions 

In this work we compared Raman scattering from Ge QDs under hydrostatic pressure when the dots are 

uncapped versus the situation where they are covered with a Si cap layer. We demonstrated that if the 

dots are not embedded in the Si matrix, then the measured pressure coefficient tends to the value of bulk 

Ge. On the contrary, just a very thin 10 nm Si cap layer is sufficient to reduce the coefficient by ∼20% to 

values similar as previously obtained in literature for much thicker cap layers. 

 We considered the different boundary conditions to explain these two experimental situations, namely 

we dealt with the limiting cases of fully relaxed uncapped dots (highest d /dPω ) and fully compressed 

capped dots (lowest d /dPω ). Nevertheless, Eq. (4) also holds for a much more complex and generalized 

scenario, where an intermediate situation can be accounted for. Depending on the shape (aspect ratio) 

and on the size of the dots the degree of relaxation (ϕ ) is expected to vary considerably and the DAC 

technique for the determination of pressure coefficients turns out to be a powerful diagnostic tool for 

studying the mechanisms of relaxation in self-assembled nanostructures. 

 Moreover, we observed that in uncapped dots no significant resonant enhancement of Raman scatter-

ing intensity can be observed, an effect clearly seen in presence of a thin cap layer. The increased life-

time (smaller broadening) of electronic states in capped samples is considered as a plausible explanation 

for this observation. 
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Fig. 3 Resonant Raman intensities of the Ge–Ge mode as a 

function of pressure for the capped dot sample (symbols). The 

solid (dotted) line is the calculated resonance curve for the 

capped (uncapped) dots, as explained in the text. Arrows indi-

cate the pressure values for which the laser of energy 
L

E  coin-

cides with the corresponding optical transition. 
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Phonon pressure coefficient as a probe of the strain status
of self-assembled quantum dots
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The built-in strain in self-assembled quantum dots has large impact on their physical properties, but
both its average value and degree of anisotropy are often unknown. The authors demonstrate that the
pressure coefficient of optical phonons might be used as probe for the strain status of the dots. This
method was applied to the case of Ge dots capped with Si layers of different thicknesses. The
authors observe a transition from a strictly biaxial stress situation for uncapped dots to a status of
quasihydrostatic strain for cap-layer thicknesses larger than a critical value of the order of the dot
height. © 2007 American Institute of Physics. #DOI: 10.1063/1.2773958$

Self-assembled quantum dots !QDs" are fundamental
building blocks in optoelectronics nowadays1 for their elec-
tronic, optical, and transport properties can be tailored by
controlling dot parameters such as size, shape, and
composition.2 Another key parameter which is inherent to
self-assembled growth and which has large influence on the
optoelectronic properties of the dots is the residual built-in
strain. Unfortunately, the strain status of the dots in the ready
device is usually unknown. In this respect, Raman scattering
has been demonstrated to be a powerful tool for measuring
strain in compound semiconductor microstructures.3 For the
most frequent case of Raman measurements in backscatter-
ing geometry from the !001" surface, the strain is directly
determined from the frequency shift of the Raman-allowed
singlet component of the optical phonons according to4,5

!s!x ,""=!0+bs"%, where x is the alloy composition, "% is the
in-plane strain, and bs is the so-called strain-shift coefficient
given by

bs = !0!− K̃11#/2 + K̃12" . !1"

Here, !0 is the frequency of the unstrained phonon mode, K̃ij
are the dimensionless phonon deformation potentials, as de-
fined in Ref. 3, and "!=−#"% is the relation between in-plane
strain and that in the growth direction.

Equation !1" was deduced for the case of a strictly biax-
ial stress like that in quantum wells, for which #
=2C12/C11&1, where Cij are the elastic constants of the
material. It also holds for a purely hydrostatic strain just by
setting #=−1, because in this case all three strain compo-
nents along the principal axes are the same. In the general
case of dealing with a mixed stress tensor containing a hy-
drostatic and a biaxial component, one might, in principle,
still be using Eq. !1" but with an unknown value of the pa-
rameter # lying between ±1. Such is too often the situation
for self-assembled QDs depending on the aspect ratio and
cap-layer thickness. Thus, it is not surprising to find in the
literature a wide spread of values for the strain-shift coeffi-
cient bs. For Ge/Si thin films and/or QDs, for instance, bs
ranges from about −400 to −800 cm−1.5–12 The conclusion is
that in order to obtain sound quantitative results from Raman

scattering for the residual strain in QD systems, it is crucial
to know the strain situation, i.e., which is the pertinent value
for #.

In this letter, we show that the pressure coefficient of the
longitudinal optical phonon !d!s /dP" can be regarded as a
probe of the strain status of quantum dots. The main reason
for using the pressure derivative of the phonon frequency
instead of the frequency itself is that the former is to a very
good approximation only sensitive to the strain distribution
rather than QD composition, size, or even the presence of
dislocations. For that purpose we have studied systematically
the hydrostatic pressure coefficient of the optical phonon of a
series of carbon-induced Ge dots capped with a layer of Si
with different thicknesses ranging from 0 to 200 nm. With
increasing cap-layer thickness we observe a steep decrease of
the phonon-pressure coefficient followed by saturation.
Based on the results of a simple elastic model which ac-
counts for the pressure dependence of the phonon frequency,
we interpret this behavior as indication of a transition from a
purely biaxial stress situation for uncapped dots to a status of
quasihydrostatic compression for dots embedded in the Si
matrix.

Samples were grown by molecular beam epitaxy on
Si!001" substrates according to the following sequence: after
deposition of a 100-nm-thick Si buffer layer, a 4.8 Å thick
Ge wetting layer was grown before depositing 0.1 ML of
carbon to control the shape and density of the QDs.13–15 In
the next step, 15 Å of Ge were grown at 500 °C leading to
dot formation. Finally, the Ge QDs were capped with either
0, 3, 10, 50, or 200 nm of Si also at 500 °C. The reference
sample without cap layer was used to determine the dot
shape and density using atomic force microscopy !AFM". As
shown in Figs. 1!a" and 1!b", the average dot height is about
h=14 nm, the base length is b=120 nm, and the areal den-
sity is about 40 dots/$m2. In Fig. 1!c", we show a represen-
tative transmission electron microscopy !TEM" image of a
Ge dot. The cap layer can be easily identified, as it copies the
QD shape.

Raman spectra were collected with a LabRam HR800
system in backscattering geometry at room temperature us-
ing the 514.5 nm line of an Ar+ laser. Raman peak positions
are determined with an error of less than 0.5 cm−1. Measure-
ments under pressure were carried out using the diamonda"Electronic mail: sebareparaz@hotmail.com
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anvil cell !DAC" technique. A 4:1 mixture of methanol and
ethanol was employed as the pressure-transmitting medium.
Pressure was monitored in situ by the shift of the Si longi-
tudinal optical phonon, which was previously calibrated us-
ing the pressure shift of the ruby R1 line.16 Samples loaded
into the DAC were previously thinned to about 30 !m by
mechanical polishing.

Figure 2 displays the dependence on hydrostatic pressure
of the frequency of the Raman peak corresponding to the Ge
optical phonon for five samples with cap-layer thickness, as
indicated in the legend. We show only data in the pressure
range up to 5 GPa, in which the pressure dependence of "s is
well described by a straight line. The solid lines in Fig. 2
represent the results of least-squares fits to the data points
using a linear relation.17 The fit results are listed in Table I.
The phonon pressure coefficient !d"s /dP" obtained from the
fitted slopes exhibits a clear decreasing trend with increasing
cap-layer thickness.

In Fig. 3 we have plotted the tabulated values of the
phonon pressure coefficient as a function of cap-layer thick-
ness. A fast exponential reduction of d"s /dP is observed for
thicker Si caps. Preliminary results on smaller Ge QDs were
published elsewhere.18 To explain this behavior we devel-
oped a simple elastic model which takes into account the
effects of the wetting layer !WL" and dot capping on the dot
residual strain. We consider three contributions to the coef-
ficient d"s /dP. The obvious one is from the external hydro-
static pressure and the two arise from changes in the built-in
strain of the QDs indirectly induced by the applied pressure
due to the different compressibilities, i.e., bulk modulus of

the dot and surrounding material which we labelled hereafter
B and A, respectively. From the latter contributions one cor-
responds to the biaxial deformation caused by the wetting
layer and the other comes from the recompression of the dots
during capping.

For hydrostatic pressures up to a few gigapascals, the
reduction in relative volume is proportional to the applied
pressure, #V /V#−P /B0, where B0 is the bulk modulus. The
corresponding contribution to the phonon pressure coeffi-
cient is simply given by

d"s
!P"

dP
= −

a

B0
B , with a =

"0

6
!K̃11 + 2K̃12" , !2"

the hydrostatic phonon deformation potential.3 For B$Ge is
−a /B0

Ge#4 cm−1 /GPa,19 which constitutes an upper bound
for the phonon pressure coefficient of the dots.

Although the residual QD strain is not known a priori,
the way it varies by applying hydrostatic pressure due to the
different elastic properties of the dot and surrounding mate-
rial is readily estimated as d$% /dP=1/3!1/B0

B− !1/B0
A"". In

the present case, we have A$Si with B0
Si=98 GPa and B

$Ge with B0
Ge=75 GPa.20 Let us first consider the case of

uncapped dots, for which there is a strictly biaxial stress
situation due to the constraint of isomorphism to the Si sub-
strate. Since such stress is transduced to the dot through the
wetting layer, we call it the WL contribution. The dot, how-
ever, relaxes its strain by expanding laterally, as it grows in
height h. Thus, the measured blueshift of the QD phonon
would be smaller by a phenomenological factor % than is
mandatory after Eq. !1". This factor is expected to depend on
aspect ratio and WL composition but not on pressure. Hence,
the contribution of the biaxial stress to the phonon pressure
coefficient can be written as

TABLE I. Coefficients describing the pressure dependence of the Raman-
allowed optical phonon of Ge dots capped with a Si layer of different thick-
nesses t obtained from fits of a linear expression "s="0+ !d"s /dP" · P to the
experimental data. Error bars are indicated in parenthesis.

Cap !nm" "0 !cm−1" d"s /dP !cm−1 /GPa"

0 301.4!1" 3.72!4"
3 302.4!2" 3.54!3"
10 304.2!2" 3.29!3"
50 305.2!2" 3.16!3"
200 304.7!2" 3.20!3"

FIG. 2. Dependence on pressure of the frequency of the Ge longitudinal
optical phonon mode for five samples with cap layer thicknesses of 0, 3, 10,
50, and 200 nm. Solid lines are results of least-squares fits to the data points
using linear relations.

FIG. 3. Phonon pressure coefficient of Ge optical mode of the dots vs cap
layer thickness as obtained from the slopes of the fits in Fig. 2. The solid
curve represents the result of a fit to the data points using Eqs. !2", !3", and
!5" with & as adjustable parameter.

FIG. 1. !a" Topographic image by AFM of the uncapped sample and !b" line
scan across a representative carbon-induced Ge quantum dot. !c" TEM im-
age of the sample with 10-nm-thick cap layer showing one Ge dot in cross
section.
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d!s
!WL"

dP
= "bs

d##

dP
=

"bs

3
$ 1

B0
B −

1

B0
A% . !3"

The effect of capping the dots with a layer of thickness t
is twofold: On the one hand, the cap layer produces a hydro-
static recompression of the dots and, on the other hand, the
expansion in the growth direction due to the biaxial compres-
sion induced by the WL is gradually suppressed with increas-
ing t. The latter supposes for the parameter " a phenomeno-
logical dependence on t, "="0e−t/$, with $ a critical cap-
layer thickness. The amount of recompression caused by
capping is a function of the ratio of the cap layer volume Vc
to the volume of the dot Vd, in order to minimize the total
elastic energy of the dot/cap system. Inspired by TEM pic-
tures like that of Fig. 1!c" we consider for the calculation of
the elastic energy a dot shape of a half revolution ellipsoid
with an aspect ratio f =b /h surrounded by a Si layer of thick-
ness t !g= t /h". The minimum energy is attained for a dot
strain of

#d =
##

1 + !Vd/Vc"!B0
B/B0

A"
,

Vd

Vc
=

f2

!f + g"2

!1 + g"2

!1 + g"3 − 1
.

!4"
Considering this strain as hydrostatic, it yields for the con-
tribution of the cap layer to the phonon pressure coefficient
the term

d!s
!cap"

dP
=

a

1 + !Vd/Vc"!B0
B/B0

A"$ 1

B0
B −

1

B0
A% . !5"

The solid line in Fig. 3 is the result of a least-squares fit
to the experimental data of d!s /dP using the function which
consists of the three terms given by Eqs. !2", !3", and !5".
Here, $ is the only adjustable parameter, since "0 is deter-
mined by comparing the value of d!s /dP for the uncapped
dots to that of bulk Ge. In spite of the crudeness of the
model, we obtain a good description of the behavior of the
phonon pressure coefficient with cap-layer thickness for $
=8 nm. Even more important is the fact that the model pro-
vides further insight into the strain status of self-assembled
dots, leading to a deeper understanding of the high pressure
results. For example, the meaning of the saturation value of
the pressure coefficient is the following: When t→%, "
→0 and Vd /Vc→0 too. The term d!s /dP!WL" vanishes and
the other two yield d!s /dP=−a /B0

A&3.2 cm−1 /GPa !A
'Si", which is the pressure coefficient calculated with the
hydrostatic deformation potential of Ge but using the bulk
modulus of the Si matrix. In fact, a similar pressure coeffi-
cient has been reported by Teo et al. for a sample with Ge
QDs capped with 200 nm of Si.21 This led us to the conclu-
sion that there is an abrupt transition from a strictly biaxial
stress situation of uncapped dots to a fully hydrostatic !iso-
tropic" three-dimensional compression state of the dots for
cap layers thicker than the critical value $ !8 nm in the
present case". We emphasize that this result is independent of
the model; the latter is helpful to understand the underlying
physics.

Obviously, $ depends on f . For very flat dots one ex-
pects $→%, thus, the dots, capped or uncapped, are always
in a state of biaxial compression like the wetting layer. In
fact, Raman measurements from the cleaved edge of a QD
sample containing very flat dots !h&2 nm" exhibit a clear
singlet-doublet splitting,6,8 which is evidence of biaxial

strain. On the contrary, our sample with a 200-nm-thick cap
layer does not display any splitting, being indicative of a
hydrostatic !isotropic" compression of the Ge dots.

The practical importance of this work is to provide a
means to infer the proper strain situation which applies for a
given quantum dot structure, independent of the material sys-
tem. Our pressure experiments indicate that for QDs with
heights larger than about 5 nm or with steep facets like
dome-shaped dots, if the cap layer is of the order of the dot
height or above, then to consider a quasihydrostatic strain
status is appropriate. On the contrary, for very flat or un-
capped dots their deformation is better accounted for using a
biaxial stress tensor. This would allow for the proper use of
Eq. !1" with the correct value of the parameter & for the
determination of the mean dot strain by Raman scattering.
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 1 Introduction Quantum dot (QD) systems have been 

widely studied during the last decade due to their potential 

applications in the optoelectronic industry [1, 2]. In par

ticular, Ge/Si dots have attracted much attention due to 

their possible integration with the Si based technology. 

Different dot morphologies such as pyramids, domes, and 

super domes were systematically grown and studied due to 

their distinct physical properties [3 ñ 5]. High pressure 

measurements as well as Raman scattering have proved to 

be powerful tools in strain and compositional characteriza

tion of these systems, as is shown in recent work [6 ñ 8]. 

Nevertheless, in several cases a confusing situation is 

found in literature concerning the assignment of certain 

quantum dot vibrational modes such as the Ge ñ Ge and 

Si ñ Ge optical phonons. A double peak structure at the fre

quencies of the Ge ñ Ge as well as the Si ñ Ge vibrations 

was in some cases observed [7, 9], leading to the so called 

core-shell model as a possible interpretation [9]. Within 

this model a single dot is divided in two regions, a core 

surrounded by a shell, each of which is considered respon

sible for one peak of the observed double peak structure. 

This model is in clear contrast with the results presented by 

Bernardi et al. [7], where the doublet is suggested to origi

nate form dots of different morphology. 

 In this work we intend to clarify this situation by show

ing that, in fact, the doublets originate from dots with dif

ferent aspect ratio and strain status. By combining polar

ized Raman scattering with high pressure measurements 

we have investigated a specially designed sample which 

contains a bimodal distribution of dots (domes and pyra

mids). We have found that the doublets of both, the  

Ge ñ Ge and Si ñ Ge vibrational modes, exhibit pairwise dif

ferent Raman polarization selection rules. Moreover, each 

peak of the Ge ñ Ge doublet displays a slightly different 

dependence on hydrostatic pressure. Results from a previ

ous high pressure study [6] tell us that this is indicative of 

a different strain status for pair. Our findings led us to the 

conclusion that each pair Ge ñ Ge and Si ñ Ge Raman peaks 

arises from different QDs, in contrast with the proposed 

core-shell model in which the doublets are explained as 

arising from dots with a single morphology (pyramids). 

  2 Experiments Samples were grown by molecular 

beam epitaxy on Si(001)  substrates  according to the fol  

We have studied the correlation between the morphology of

Si-capped Ge islands grown on Si substrates and their vibra-

tional properties as measured by Raman scattering at ambient

and under high hydrostatic pressure. For this study we have

grown by molecular beam epitaxy a sample that exhibits a

size distribution with two distinct island types having differ-

ent aspect ratios called pyramids and domes. In accordance,

Raman spectra show a double-peak structure at the frequen-

cies of the Ge–Ge vibrational mode (∼300 cm
–1

) as well as

for the Si–Ge mode (around 400 cm
–1

). Pairwise, different

selection rules have been found for these modes depending

 upon the Raman polarization configurations, suggesting a

correlation between both Ge dot sizes and the double peak

structure in the Raman spectra. Finally, a different strain

status of the dots was observed by studying the pressure coef-

ficient of the Ge–Ge phonon mode, resulting in a value of

3.3 and 3.6 cm
–1

/GPa for pyramids and domes, respectively.

The main conclusion of our work is that the double-peak

structure observed in Raman spectra is indicative of a bi-

modal dot size distribution in contrast with what is proposed

in previous work within the so-called core-shell model

[M. Y. Valakh et al., Nanotechnol. 16, 1464 (2005)]. 
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100 nm 
 

Figure 1 (online colour at: www.pss-b.com) Topographic im-

ages of uncapped Ge/Si QDs. The grey scale indicates surface in-

clination (darker colour islands have steeper facets and higher as-

pect ratio). Labels refer to pyramids (P) and domes (D). 

 

lowing sequence: After oxide desorption at 900 ° C and 

100 nm thick Si buffer layer deposition, the substrate tem

perature was set to 500 ° C. In the next step, 12 ML of Ge 

were grown leading to dot formation in the standard Stran

ski ñ Krastanow (SK) growth mode. Finally, part of the 

sample was capped with a 10 nm thick Si layer in order to 

avoid oxidation of the dots. The cap layer was deposited at 

low temperature (300 ° C) in order not to significantly alter 

the shape and composition of the dots. Growth was moni

tored in situ by reflection high energy electron diffraction 

(RHEED). The uncapped region was used to study the 

sample topography using atomic force microscopy (AFM), 

as shown in Fig. 1, where the grey scale stands for facet 

inclination (steeper facets correspond to darker colour). 

Dots with different aspect ratio, named as pyramids (P) 

and domes (D) in the figure, were found to be of approxi

mately 10 nm and 20 nm in height with aspect ratios of 0.1 

and 0.2, respectively. 

 Raman spectra were collected with a LabRam HR800 

system equipped with confocal microscope in backscat

tering geometry at room temperature using the 514.5 nm 

line of an Ar ion laser. Light was focused onto the sample 

with a spot size of about 1 µm and a laser power of 4 mW. 

Polarized measurements were performed in ñ z(x, y) z and  

ñ z(x ′, y ′) z, where x, y, z are the [100], [010] and [001] 

crystallographic directions, and x ′, y ′ are axes rotated by 

45°  with respect to x, y ones. Measurements under pressure 

were carried out using the diamond anvil cell (DAC) tech

nique. A 4:1 mixture of methanol and ethanol was em

ployed as the pressure transmitting medium. Pressure was 

monitored in situ by the shift of the Si longitudinal optical 

phonon, which was previously calibrated using the pres

sure shift of the ruby R1 line [10]. Samples loaded into the 

DAC were previously thinned to about 30 µm by mechani

cal polishing. 

  3 Results and discussion Figure 2 shows the Raman 

spectra of the capped sample for two different polarization 

configurations. The ñ z(x, y) z configuration (upper spec

trum) exhibits  four peaks distributed in  two spectral  re  
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Figure 2 Raman spectra of the QDs sample using two different 

polarization configurations: –z(x, y) z (upper), and –z(x ′, y ′) z 

(lower). The spectra in the region of the Si–Ge mode are multi-

plied by the given factors. Dashed lines represent the deconvolu-

tion of the spectral line shape using Gaussians. 

 

gions around 300 cm
–1

 and 400 cm
–1

. The Raman peaks of 

the first and second region are attributed to Ge ñ Ge and 

Si ñ Ge vibrational modes of the quantum dots, respectively 

[11]. The observation of Si ñ Ge phonons is a consequence 

of a process of interdiffusion during growth. The over

whelming signal of the Si substrate is not shown in Fig. 2 

for the sake of clarity in the discussion of the QD features. 

Since for all the cases we have used crossed polarization 

configurations, the signal from the second order Raman 

scattering by acoustic phonons of Si substrate is widely 

suppressed in the spectra. The line shape analysis of the 

spectra was performed using four Gaussians. The dashed 

lines in Fig. 2 are an example of the deconvolution of the 

300 cm
–1

 feature into two contributions. A preliminary as

signment of the four peaks pairwise to domes and pyra

mids, as indicated in Fig. 2, is possible by considering the 

peak positions. A comparative study of the properties of 

conventional and carbon induced self assembled Ge QDs 

before and after capping [7] shows that domes are better 

able to relax strain elastically and exhibit less Si interdiffu

sion after capping than pyramids. Hence, the correspond

ing Raman features are expected to be blueshifted for pyra

mids with respect to domes. 

 For cubic materials the Raman selection rules state that 

in backscattering from the (001) crystal surface the longi

tudinal optical zone centre phonon is allowed in the  

ñ z(x, y) z but forbidden in the ñ z(x ′, y ′) z polarization con

figuration, as can be found elsewhere [12]. As illustrated in 

Fig. 2, when the z(x ′, y ′) z polarization configuration is ap

plied the peaks at 310 cm
–1

 and 420 cm
–1

 vanish with an 

extinction ratio of about 1:100. in contrast, the peaks at 

300 cm
–1

 and 390 cm
–1

 decrease in signal only by a 1:5  

ratio. 
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 The behaviour of these double peak structures with po

larization provides a clue to understand their origin. Elastic 

strain relaxation by formation of domes is much more effi

cient than for pyramids. As a result, the parent cubic lattice 

is much more distorted within a dome. Besides, only 

pyramids are easily recompressed by the cap layer, remain

ing pseudomorphic to the substrate [13]. It is then expected 

that pyramids follow better the polarization selection rules 

than domes, since the cubic/tetragonal symmetry is locally 

distorted by strain within the domes, leading to the ob

served relaxation of the Raman selection rules. It follows 

that the pair of peaks at 300/390 cm
–1

 most likely arises 

from the domes, whereas the pair at 310/420 cm
–1

 origi

nates from the pyramids. 

 We rule out that this depolarization effect arises from 

refraction of the incident light entering the sample, which 

is slightly deviated from normal incidence due to the fact 

that the surface of the sample is not flat, particularly above 

the larger islands, i.e., domes. For this purpose we have 

grown a sample with similar domes but a much thicker cap 

layer of approximately 300 nm. In this case the sample sur

face is completely flat, thus, no deviation of the incident 

beam can occur. However, we obtained a similar depolari

zation in this case too, implying that the observed effect is 

intrinsic to the domes. 

 As previously shown [14], the QD strain status can a 

be also studied by applying hydrostatic pressure and meas

uring the pressure coefficient of the Ge ñ Ge mode arising 

from both types of dots. In Fig. 3 we show three represen

tative spectra for different pressures. As clearly observed, 

with increasing pressure the separation between both  

Ge ñ Ge peaks (domes and pyramids) decreases. In order to 

obtain the pressure coefficient of each dot ensemble type, 

we have restricted ourselves to the range between 0 GPa 

and 2 GPa where the pressure dependence of the phonon 

frequency is essentially linear. In the inset to Fig. 3 we dis

play the obtained results to determine the pressure coeffi

cients. The points represent the position of the maximum 

of the Ge ñ Ge peak for the domes and pyramids and the 

straight line is a linear fit to the experimental data. Unfor

tunately, it was not possible to obtain the pressure coeffi

cients of the Si ñ Ge modes because inside the DAC the sig

nal was too low to distinguish these peaks (see Fig. 3). In 

addition, it should be pointed out that the pressure experi

ments were performed in strict backscattering configura

tion, so that the strong Raman signal from the diamond at 

1332 cm
–1

 affects more the measurement of the Si ñ Ge 

than the Ge ñ Ge mode. 

 The obtained linear pressure coefficients of the Ge ñ Ge 

mode are 3.30(20) cm
–1

/GPa and 3.60(5) cm
–1

/GPa for 

pyramids and domes, respectively. Numbers in parentheses 

represent error bars. Although these values are quite simi

lar, the difference is beyond experimental uncertainty. As 

shown by Reparaz et al. [14] the pressure coefficient of 

dots decreases in magnitude as the dot to cap layer volume 

ratio decreases. Since the cap layer is the same for all dots 

in our sample, we expect  that  pyramids which are  much  
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Figure 3 (online colour at: www.pss-b.com) Pressure coefficient 

determination for the Ge–Ge mode for pyramids and domes. In-

set: The points indicate the position of the measured peaks and 

the solid line is a linear fit of the data. 

 

smaller than domes have a lower pressure coefficient. 

Hence, the pressure results confirm the assignment of the 

Raman peaks already made based on the polarization be

haviour. 

 Our observations are not compatible with the interpre

tation of the double peak structures as arising from the 

same QD ensemble but from different regions of the same 

dot, as proposed by Valakh et al. [9], within the so called 

core shell model. In this model it is considered that every 

QD consists of two distinct regions; a Ge rich core and an 

outer intermixed shell, giving rise to two peaks in the  

Raman spectra. The lower frequency Ge ñ Ge component is 

ascribed to the intermixed shell together with the most 

prominent Si ñ Ge peak at higher frequency. Our measure

ments demonstrate, however, that these peaks display dif

ferent polarization behaviour, invalidating the assignment 

to the dot shell. Moreover, the same pressure coefficient is 

expected for core and shell region of the same dot because 

at high Ge contents the pressure coefficient is independent 

of composition [8]. 

  4 Summary We have combined polarized Raman 

spectroscopy with high pressure measurements to establish 

the origin of the double peak structures at the frequencies 

of the Ge ñ Ge and Si ñ Ge modes very often observed in 

self assembled Ge/Si dot samples. We have shown that the 

lower frequency peaks and the higher frequency ones of 

the Ge ñ Ge and Si ñ Ge doublets are coupled to each other 

and that each of these pairs can be attributed to different 

dot types, domes and pyramids, indicating the existence of 

a bimodal size distribution. Our results are relevant for the 

interpretation of Raman spectra of quantum dot samples in 

general since they are valid for any material system besides 

Si/Ge. 
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2.2.2 SiGe	alloys:	measurement	of	phonon	strain-shift	coefficients	
	
For	 the	 spectroscopic	 determination	 of	 strain	 one	 needs	 to	 know	 the	 so-called	
strain	shift	coefficient,	defined	as	the	ratio	of	the	phonon	frequency	shift	over	the	
strain	 that	 induces	 the	 shift:	!! = Δ!/Δϵ.	 For	 the	 most	 frequent	 case	 of	 Raman	
measurements	 in	 backscattering	 geometry	 from	 the	 (001)	 surface,	 the	 strain	 is	
directly	 determined	 from	 the	 frequency	 shift	 of	 the	 Raman-allowed	 singlet	
component	 of	 the	 optical	 phonons	 using	 the	 expression	 for	 the	 strain	 shift	
coefficient	given	by:		

	
!! = !! −!!! ∙

!
2 + !!" 	

	
Here,	 ω0	 is	 the	 frequency	 of	 the	 unstrained	 phonon	 mode,	 !!" 	are	 the	
dimensionless	 phonon	 deformation	 potentials,	 and	∈!= −! ∈∥ 	represents	 the	
relation	between	the	strain	in	growth	direction	and	in	the	growth	plane. 
	
A	 series	 of	 samples	 containing	 a	 strained	 Si1−xGex	 alloy	 layer	 was	 grown	 by	
molecular	 beam	 epitaxy	 on	 Si(001)	 substrates	 at	 a	 temperature	 of	 400	 °C.	 The	
growth	 sequence	 consists	 of	 deposition	 of	 a	 100-nm-thick	 Si	 buffer	 layer,	 fol-	
lowed	 by	 the	 SiGe	 alloy	 layer	 with	 thickness	 below	 critical	 to	 ensure	
pseudomorphism	 and,	 finally,	 a	 300	 nm-thick	 Si	 cap	 layer.	 A	 thick	 cap	 layer	 is	
crucial	to	avoid	elastic	strain	relaxation	of	the	SiGe	layer	after	cleavage	for	micro-
Raman	measurements	from	the	cleaved	edge.	The	nominal	thicknesses	of	the	alloy	
layers	with	a	Ge	concentration	x	=	0.73,	0.55,	0.38,	and	0.26	were	7,	10,	7,	and	15	
nm,	respectively.	For	the	lowest	Ge	content	of	0.10,	a	multilayer	SiGe/Si	structure	
with	a	total	alloy	thickness	of	200	nm	was	deposited	to	increase	the	Raman	signal	
without	exceeding	the	critical	 thickness.	The	strain	and	composition	of	the	alloys	
were	 determined	 by	 x-ray	 reciprocal	 space	mapping	 along	 the	 (224)	 diffraction	
direction	using	the	relationship	between	lattice	constant	and	composition	given	in	
the	 literature.	 All	 alloys	 showed	 good	 pseudomorphic	 growth	 onto	 Si.	 Raman	
spectra	were	collected	in	backscattering	geometry	at	room	temperature	using	the	
514.5	 nm	 line	 of	 an	 Ar+	 laser.	 Raman	 peak	 positions	 were	 determined	 with	 an	
error	of	 less	 than	0.5	cm−1.	Special	care	was	taken	to	keep	 laser	power	as	 low	as	
possible	 to	 avoid	 laser	 heating	 and	 the	 consequent	 but	 spurious	 redshift	 of	 the	
Raman	peaks,	mainly	when	exciting	at	the	cleaved	edge.	A	laser	power	density	of	
1.5	 kW/cm2	 turned	 out	 to	 be	 adequate.	 Measurements	 under	 pressure	 were	
carried	out	using	the	diamond	anvil	cell	DAC	technique.	A	4:1	mixture	of	methanol	
and	 ethanol	 was	 employed	 as	 the	 pressure-transmitting	 medium.	 Pressure	 was	
monitored	in	situ	by	the	shift	of	the	Si	longitudinal	optical	phonon.	
	
The	threefold	degeneracy	of	the	optical	phonon	modes	at	the	Brillouin-zone	centre	
is	 lifted	at	the	alloy	 layer	due	to	the	tetragonal	distortion	of	the	 lattice	caused	by	
the	biaxial	 stress	 induced	by	 its	 lattice	mismatch	 to	Si.	The	zone-centre	phonons	
split	 into	 a	 singlet	 (s,	 vibrations	 in	 growth	 direction)	 and	 a	 doublet	 (d,	 in-plane	
vibrations	 component)	 which	 are	 apparent	 in	 Raman	 spectra	 with	 different	
linearly	polarized	 light	 configurations	owing	 to	 the	 following	 selection	 rules:	 the	
singlet	 component	 is	 observed	 in	 backscattering	 from	 the	 growth	 direction,	
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whereas	 the	 doublet	 component	 appears	 in	 spectra	measured	 in	 backscattering	
from	the	cleaved	edge.	
	
By	measuring	 the	hydrostatic	strain-induced	shift	of	 the	phonon	 frequencies	and	
the	singlet-doublet	splitting,	we	obtain	the	phonon	deformation	potentials	for	the	
different	alloys.	
	

• The	resulting	deformation	potentials	for	all	SiGe	alloy	modes	are	essentially	
constant,	exhibiting	a	slight	tendency	to	decrease	(!!!)	or	increase	(!!")	in	
absolute	value	with	increasing	Ge	content.	
 

• The	main	conclusion	is	that	the	strain	shift	coefficients	of	the	Ge–Ge	and	Si–
Si	modes,	to	a	good	approximation,	depend	only	slightly	on	Ge	composition	
(x)	 following	 the	 phenomenological	 expression	 bs=b0+b4(x-1)4.	 The	 strain	
shift	 coefficient	 of	 the	 Si–Ge	 mode	 is	 just	 the	 arithmetic	 average	 of	 the	
coefficients	 of	 the	 other	 two	 modes.	 The	 results	 are	 of	 great	 practical	
importance	since	they	provide	accurate	values	for	the	strain	shift	coefficient	
of	 the	 optical	 phonons	 of	 Si1−xGex	 alloys	 to	 be	 used	 for	 the	 proper	
determination	 of	 the	 strain	 status	 of	 SiGe	 nanostructures	 by	 Raman	
scattering.		
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By combining Raman scattering from the cleaved edge and under hydrostatic pressure, we have
accurately determined the tetragonal phonon deformation potentials of strained Si1−xGex alloys in
the entire compositional range for the Ge-like, Si-like, and mixed Si–Ge optical modes. A known
biaxial strain is induced on thin alloy layers by pseudomorphic epitaxial growth on silicon and
subsequent capping. We also determine the strain shift coefficient of the three modes, which are
essentially independent of Ge content between 0.4 and 1. This is key information for an effective use
of Raman scattering as strain-characterization tool in SiGe nanostructures. © 2008 American
Institute of Physics. #DOI: 10.1063/1.2884526$

A precise knowledge of the phonon deformation poten-
tials !DPs", i.e., the derivative of the optical phonon fre-
quency with respect to an elastic deformation of the lattice, is
crucial for an effective use of Raman scattering as powerful
strain-characterization tool in compound semiconductor
microstructures.1 In particular, for the SiGe material system,
there is a great deal of discrepancy between different litera-
ture sources about the exact values of the DPs mainly for
intermediate Ge concentrations.2–7 There might be many rea-
sons for such differences !up to a factor of 2" such as strain
relaxation effects for epitaxial layers exceeding the critical
thickness,3 the use of polycrystalline samples,4 or, as pointed
out in Ref. 5, due to large uncertainties in the determination
of the phonon frequency for the unstrained alloy as com-
pared with literature data obtained for bulk materials.8,9 Such
disappointing state-of-the-art is surprising in view of the
technological importance of strained SiGe /Si heterostruc-
tures and the great potential of Raman scattering to measure
built-in strain in nanostructured materials such as
superlattices,2 self-assembled quantum dots,10–13 and
complementary metal-oxide semiconductor devices.14

In practice, for the spectroscopical determination of
strain one needs to know the so-called strain shift coefficient,
defined as the ratio of the phonon frequency shift over the
strain that induces the shift: bs=!" /!#. For the most fre-
quent case of Raman measurements in backscattering geom-
etry from the !001" surface, the strain is directly determined
from the frequency shift of the Raman-allowed singlet com-
ponent of the optical phonons using the expression for the
strain shift coefficient given by2,6

bs = "0!− K̃11 · $/2 + K̃12" . !1"

Here, "0 is the frequency of the unstrained phonon mode, K̃ij
are the dimensionless phonon deformation potentials, as de-
fined in Ref. 1, and #!=−$#% represents the relation between
the strain in growth direction and in-plane strain. For the
case of a strictly bisotropic stress like in epitaxially grown
pseudomorphic layers holds $=2C12 /C11, where Cij are the
elastic constants of the material. A confusing situation is
found in the literature for the accepted values of the strain
shift coefficient of the optical phonons in Si1−xGex alloys:2–7

For intermediate Ge concentrations in the range of 0.3%x
%0.8, the values of bs for the Ge–Ge and the Si–Si mode are
twice as large and about 50% higher than for the pure mate-
rials, respectively. This is not only counterintuitive but re-
cently appeared theoretical evidence15 for bs being fairly
constant over the whole concentration range, holding this for
the three optical modes of the SiGe alloy.

In order to clarify this inconsistency, we have grown a
set of five strained epitaxial SiGe layers on Si with Ge con-
centrations between 0.1 and 0.75 and measured the shift and
splitting of the optical phonons caused by the strain due to
the lattice mismatch between alloy and substrate. From these
measurements and that of the pressure coefficient of the sin-
glet, we were able to accurately determine two phonon de-
formation potential constants, K̃11 and K̃12, as a function of
alloy composition. We obtained for the strain shift coefficient
of the Ge–Ge, Si–Ge, and Si–Si alloy modes the same flat
dependence on Ge content from pure Ge down to x&0.4,
followed by a slight increase for lower concentrations. Our
results are in good qualitative agreement with the calcula-
tions of Ref. 15, based on a modified Keating model.

A series of samples containing a strained Si1−xGex alloy
layer was grown by molecular beam epitaxy on Si!001" sub-
strates at a temperature of 400 °C.16 The growth sequence
consists of deposition of a 100-nm-thick Si buffer layer, fol-
lowed by the SiGe alloy layer with thickness below critical
to ensure pseudomorphism and, finally, a 300 nm-thick Si
cap layer. A thick cap layer is crucial to avoid elastic strain
relaxation of the SiGe layer after cleavage for micro-Raman
measurements from the cleaved edge. The nominal thick-
nesses of the alloy layers with a Ge concentration x=0.73,
0.55, 0.38, and 0.26 were 7, 10, 7, and 15 nm, respectively.
For these layer thicknesses, we estimate an upper bound of
0.2 cm−1 for the frequency shift due to phonon-confinement
effects,17 which is negligible compared to other error
sources. For the lowest Ge content of 0.10, a multilayer
SiGe /Si structure with a total alloy thickness of 200 nm was
deposited to increase the Raman signal without exceeding
the critical thickness. The strain and composition of the al-
loys were determined by x-ray reciprocal space mapping
along the !224" diffraction direction and for the lattice con-
stant dependence on composition, we used the relation given
elsewhere.18,19 All alloys showed good pseudomorphic
growth to Si.a"Electronic mail: sebareparaz@hotmail.com.
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Raman spectra were collected in backscattering geom-
etry at room temperature using the 514.5 nm line of an Ar+

laser. Raman peak positions are determined with an error of
less than 0.5 cm−1. Special care was taken to keep laser
power as low as possible to avoid laser heating and the con-
sequent but spurious redshift of the Raman peaks, mainly
when exciting at the cleaved edge. A laser power density of
1.5 kW /cm2 turned out to be adequate. Measurements under
pressure were carried out using the diamond anvil cell
!DAC" technique. A 4:1 mixture of methanol and ethanol
was employed as the pressure-transmitting medium. Pressure
was monitored in situ by the shift of the Si longitudinal
optical phonon. Samples with similar alloy composition but
without cap layer were grown for the Raman experiments
under pressure. Samples loaded into the DAC were previ-
ously thinned to about 30 !m by mechanical polishing.

The threefold degeneracy of the optical phonon modes at
the Brillouin-zone center is lifted at the alloy layer due to the
tetragonal distortion of the lattice caused by the bisotropic
stress induced by its lattice mismatch to Si. The zone-center
phonons split into a singlet !s, vibrations in growth direction"
and a doublet !d, in-plane vibrations" component which are
apparent in Raman spectra with different linearly polarized
light configurations owing to the following selection rules:
the singlet component is observed in backscattering from the
growth direction using the geometry z!xy"z̄, whereas, the
doublet component appears in spectra measured in back-
scattering from the cleaved edge x!!zy!"x!, where x, y, z, x!,

and y! are the #100$, #010$, #001$, #110$, and #1̄10$ crystal-
lographic directions, respectively. Figure 1 shows two repre-
sentative spectra of the alloy with 0.55 Ge content. Geom-
etries with crossed linear polarization were chosen on
purpose in order to suppress contributions from second-order
Raman processes by acoustic phonons in Si, which would
have hampered the precise determination of the peak posi-
tion mainly for the Ge–Ge mode. The position of all Raman

peaks was determined by a conventional least-squares fitting
procedure using asymmetric Gaussians for the alloy modes
and a Lorentzian for the Raman peak of the Si layers. The
frequency splitting between peaks measured using both scat-
tering geometries is indicative of a tetragonal strain in the
alloy layer. Splitting values of the three alloy modes are plot-
ted as a function of alloy composition in the inset of Fig. 1.
The Ge–Ge mode splitting increases linearly with Ge con-
centration, whereas, for the other modes, the increase of the
splitting is sublinear.

The hydrostatic strain-induced shift of the phonon fre-
quencies and the singlet-doublet splitting, which are linear
on the strain "#= !aSi−a0!x"" /a0!x" given by the lattice mis-
match, can be written in terms of the adimensional phonon
deformation potentials as1,20

$s + 2$d

3$0
= 1 +

2 − %

6
!K̃11 + 2K̃12""# , !2"

$s − $d

$0
= −

1 + %

2
!K̃11 − K̃12""# . !3"

Using these equations, one should be able to determine the
phonon DPs of the alloys from the measured frequencies of
the singlet and doublet components. This method, however,
presents a major drawback which concerns large uncertain-
ties derived from the estimation of the unstrained frequency
$0 from literature data.5,8 As an alternative, we propose to
get rid of $0 by division of Eq. !2" by Eq. !3", adding a third
equation which corresponds to the hydrostatic pressure coef-
ficient of the singlet frequency. For that purpose, we have
performed Raman measurements using the DAC for every
concentration. The logarithmic derivative of the phonon fre-
quency over pressure is readily calculated as:13

6
d ln $s

dP
= −

K̃11 + 2K̃12

B0
SiGe + !2K̃12 − %K̃11"% 1

B0
SiGe −

1

B0
Si& , !4"

where B0 is the bulk modulus of the corresponding material.
For the alloys, B0 was obtained by linear interpolation be-
tween the values of the pure elements. The second term in
Eq. !4" represents the correction to the phonon pressure co-
efficient due to the different elastic properties of alloy and Si
substrate, which tends to reduce the lattice mismatch strain
with increasing pressure. This correction amounts up to 15%
for high Ge concentrations, hence, it has to be taken into
account for an accurate determination of the phonon DPs.
The key point is that $0 does not appear explicitly in Eq. !4".

We obtain a system of two linear equations with two
unknowns, which is easily solved to obtain the phonon de-
formation potentials K̃11 and K̃12 plotted in Fig. 2 as a func-
tion of Ge concentration for the three optical modes of the
SiGe alloy. The values corresponding to the pure materials
are the ones tabulated in Ref. 1, but for Ge, they were in-
creased in absolute value by 13.5% in order to account for
the correct Grüneisen parameter &= !K̃11+2K̃12" /6 obtained
from hydrostatic pressure experiments.21 As already per-
formed for GaAs !Ref. 22" and Si,23 such a correction is
necessary because of a systematic underestimation of the ap-
plied stress due to surface strain relaxation in the uniaxial-
stress Raman experiments performed with a laser energy
above the band gap of the material. Despite the relatively
large error bars for Si rich alloys, the overall picture that

FIG. 1. Representative Raman spectra of a strained alloy layer with Ge
content x=0.55 measured at room temperature in different scattering con-
figurations with crossed linearly polarized light. Peak assignment to the
optical modes of the alloy is indicated. Solid lines represent the results of
least-squares fits to the spectra using asymmetric Gaussians. The inset
shows the values of the singlet-doublet splitting for the three optical alloy
modes as a function of Ge concentration.
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comes out of Fig. 2 is that both deformation potentials for all
SiGe alloy modes are essentially constant, exhibiting K̃11 and
K̃12, a slight tendency to decrease or increase in absolute
value with decreasing Ge content, respectively.

Using Eq. !2" and the values for the DPs of Fig. 2, one
can calculate !0, and hence, the strain shift coefficient bs for
all phonon modes of the alloy. The resulting values are plot-
ted in Fig. 3 as a function of the composition of the SiGe
alloy. The curves represent the results of a least-squares fit to
the experimental data using for all modes the same phenom-
enological expression given by bs=b4!x−1"4+b0,where x is
the Ge content and b4 and b0 are adjustable parameters. In-
terestingly, b4=−190!15" cm−1 has a common value for all
three optical modes, whereas, b0 are −460!20" cm−1,
−555!15" cm−1, and −650!20" cm−1 for the Ge–Ge, Si–Ge,
and Si–Si phonon mode, respectively. Numbers in parenthe-
sis are the corresponding error bars. These values are in good

agreement with the ones obtained by Volodin et al.9 for high
Ge content.

A comparison between our bs values and the collection
of data in Fig. 3 of Ref. 15 suggests a much better agreement
with the calculations within the modified Keating model,
which predict constant strain shift coefficients. This settles
the issue about the discrepancies between the different ex-
perimental and theoretical reports of the literature. The main
conclusion is that the strain shift coefficients of the Ge–Ge
and Si–Si modes, to a good approximation, depend only
slightly on composition. The strain shift coefficient of the
Si–Ge mode is just the arithmetic average of the coefficients
of the other two modes. Thus, the results of Fig. 3 are of
great practical importance for they provide accurate values
for the strain shift coefficient of the optical phonons of
Si1−xGex alloys to be used for the proper determination of the
strain status of SiGe nanostructures by Raman scattering.
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represent the results of a fit to the data points using the same phenomeno-
logical polynomial function.
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 1 Introduction Raman scattering has demonstrated to 

be a powerful strain-characterization tool in compound 

semiconductor microstructures [1]. The accuracy of such a 

determination, though, depends much on the precise 

knowledge of the phonon deformation potentials (DPs), i.e., 

the derivative of the optical phonon frequency with respect 

to an elastic deformation of the lattice. In this respect, the 

situation found in the literature for the SiGe material sys-

tem is particularly disappointing. There is a great deal of 

discrepancy between different sources about the values of 

the DPs mainly for intermediate Ge concentrations [2–7]. 

As pointed out in Ref. [5] the most probable reason for 

such differences arises from the fact that the actual value 

of the phonon frequency for the unstrained alloy is ob-

tained from the literature data for bulk materials [8, 9] al-

though it appears to be sample dependent. In a recent paper 

[10], however, we demonstrate that it is possible to cir-

cumvent the problem posed by the exact knowledge of 
0

ω , 

the unstrained frequency of any particular phonon mode, 

by using its hydrostatic pressure coefficient as an addi-

tional input parameter. In this way, we were able to com-

plement information about shifts and splitting of the pho-

non modes measured from the cleaved edge in samples 

containing strained SiGe alloy layers of different composi-

tions to obtain a linear system of two equations with two 

unknowns, which is solved for a precise determination of 

the dimensionless phonon deformation potential constants, 

11
K
!

 and 
12
,K

!

 as defined in Ref. [1]. Needless to say that 
0

ω  

does not appear explicitly in these equations. 
 In this work we present the results on the hydrostatic 

pressure coefficient of the three optical modes of SiGe al-

loys in the entire range of compositions used for the pre-

cise determination of the DPs reported in Ref. [10]. For 

that purpose we have grown a set of seven thick, partially 

For an effective use of Raman scattering as strain characteri-

zation tool in SiGe nanostructures a precise knowledge of the

phonon deformation potentials (DPs) is strictly necessary.

The optical phonon DPs can be determined by means of Ra-

man scattering measurements from the cleaved edge of a bi-

axially strained SiGe alloy layer grown pseudomorphically on

silicon and subsequently capped. Due to uncertainties in the

literature values of the unstrained phonon frequencies it turns

out that the desired degree of accuracy is only attained by

complementing the Raman measurements from the edge with

that of the hydrostatic pressure coefficient of the optical pho-

nons. For that purpose we have grown by molecular beam

epitaxy up to seven partially strained Si
1–x

Ge
x

alloys on Si

spanning the entire compositional range and measured the

 dependence on hydrostatic pressure of the frequency of the

Ge-like, Si-like and mixed Si–Ge optical modes. After cor-

recting for the pressure dependent biaxial stress induced by

the Si substrate on the alloy layer and taking into account the

dependence on alloy composition of the bulk modulus we ob-

tain a fairly constant value of the Grüneisen parameter around

1.0 for all three optical modes in the whole range of Ge con-

tents. We also determined the strain shift coefficients for the

three modes, which are essentially independent of Ge content

between 0.4 and 1. Our results are in very good agreement

with recentcalculations of the SiGe phonon deformation po-

tentials using a modified Keating model, which settles the

longstanding issue about the large discrepancies between re-

sults from different experiments. 
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strained epitaxial SiGe layers on Si with Ge concentrations 

between 0.1 and 1.0 and used the diamond- anvil cell tech-

nique to measure the pressure-induced shift of the optical 

phonons by Raman scattering. We found that the Grün-

eisen parameter (the logarithmic derivative of the fre-

quency with respect to volume) for all three phonon modes 

is close to 1.0, being independent of the Ge content. In this 

way and using the results of Ref. [10], we obtained for the 

Ge–Ge, Si–Ge and Si–Si alloy modes the value of the so-

called strain shift coefficient, defined as the ratio of the 

phonon frequency shift over the strain that induces that 

shift, as a function of alloy composition. Our results are in 

good qualitative agreement with recent calculations based 

on a modified Keating model [11]. 

 

 2 Experimental A series of samples containing a 

thick, partially relaxed Si
1–x

Ge
x

 alloy layer with 0 19x = . ,  

0.26, 0.39, 0.47, 0.55, 0.74 and 1.00 was grown by mo-

lecular beam epitaxy on Si(001) substrates at a temperature 

of 400 °C. The growth sequence consists of deposition of a 

100 nm thick Si buffer layer followed by the SiGe alloy 

layer with thickness ranging between 100 nm and 500 nm. 

Such large values which are in most cases beyond the criti-

cal thickness for the given Ge content [12] were necessary 

to attain reasonable signal-to-noise ratios for Raman scat-

tering inside the pressure cell. Thus, partial or even total 

strain relaxation of the SiGe layers is unavoidable, mainly 

for the higher Ge concentrations. Nevertheless, we point 

out that within the linear approximation (constant bulk 

modulus independent of pressure) the amount of strain re-

laxation is irrelevant for the determination of the pressure 

coefficient of the phonon frequency. We performed, how-

ever, the correction due to the presence of the Si substrate 

which has a different bulk modulus than the alloy layer 

grown pseudomorphically on top. Finally, the composition 

of the alloys was determined by X-ray reciprocal space 

mapping along the (224) diffraction direction. 
 Raman spectra were collected with a LabRam HR800 

system equipped with a large working distance microscope 

objective in backscattering geometry at room temperature 

using the 514.5 nm line of an Ar
+

 laser. Raman peak posi-

tions are determined with an error of less than 0.5 cm
1-

. A 

laser power density of 1.5 kW/cm
2

 turned out to be ade-

quate to avoid laser heating and the consequent but spuri-

ous redshift of the Raman peaks. Measurements under 

pressure were carried out using the diamond anvil cell 

(DAC) technique. A 4:1 mixture of methanol and ethanol 

was employed as the pressure-transmitting medium. Pres-

sure was monitored in situ by the shift of the Si longitudi-

nal optical phonon, which was previously calibrated using 

the pressure shift of the ruby R1 line [13]. Samples loaded 

into the DAC were previously thinned to about 30 µm by 

mechanical polishing. 

  

 3 Results and discussion The three-fold degeneracy 

of the optical phonon modes at the Brillouin-zone center is 

lifted at the alloy layer due to the tetragonal distortion of 

the lattice caused by the bisotropic stress induced by its lat-

tice mismatch to Si. The zone-center phonons split into a 

singlet (s, vibrations in growth direction) and a doublet (d, 

in-plane vibrations) component. For the case of Raman 

measurements in backscattering geometry from the (001) 

surface the shift of the frequency 
s

ω  of the Raman-allowed 

singlet component of the optical phonons is linear on the 

strain 
Si 0 0

( ( ))/ ( )a a x a xεD = -  given by the lattice mis-

match according to 
s 0 s

bω ω ε= + ◊D . (1) 

The expression for the strain shift coefficient as a function 

of the DPs is given by [2, 6] 

s 0 11 12
( 2 )b K Kω α

! != ◊  ◊ / + . (2) 

For the case of a strictly bisotropic stress like in epitaxially 

grown pseudomorphic layers holds 
12 11

2 / ,C Cα =  where 
ij

C  

are the elastic constants of the material. 

 In addition, the frequency shift induced by the external 

hydrostatic pressure in the diamond anvil cell can be also 

written in terms of the phonon deformation potentials as  

[1, 14] 

s 0 SiGe

0

1

P

B

γ

ω ω

  à= ◊ + ,¡ òÀ Ø
 (3) 

11 12
2

6

K K

γ

! !+
= - , (4) 

where γ  is the mode Grüneisen parameter. By adding the 

contributions from Eqs. (1) and (3) one readily obtains for 

the logarithmic derivative of the phonon frequency over 

pressure following expression [15] 

s s

SiGe SiGe Si

0 0 0 0

d ln 1 1

d 3

b

P B B B

ω γ

ω

  à= + ◊  .¡ òÀ Ø
 (5) 

The second term in Eq. (5) represents the correction to the 

phonon pressure coefficient due to the different elastic 

properties of alloy and Si substrate, which tends to reduce 

the lattice mismatch strain with increasing pressure. This 

correction amounts up to 15% for high Ge concentrations, 

hence, it has to be taken into account for an accurate de-

termination of the Grüneisen parameters. 

 Figure 1 shows two representative spectra of the alloy 

with a Ge content of 0.47 measured at pressures of 0.9 GPa 

and 3.8 GPa. The assignment of the optical modes corre-

sponding to the Ge–Ge, Si–Ge and one of the Si–Si alloy 

vibrations is indicated [8]. To increase the signal-to-noise 

ratio in the DAC detection is not polarized. Thus, it is not 

possible to suppress contributions from second-order Ra-

man processes by acoustic phonons in the Si substrate. 

This gives rise to the features around 300 cm
–1

 and 450 cm
–1

, 

which sometimes might interfere with the precise determi-

nation of the peak position mainly for the Ge–Ge mode 

[16]. The position of all Raman peaks was determined by a 

conventional  least-squares  fitting procedure using  asym- 
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Figure 1 Two representative Raman spectra of an alloy layer 

with Ge content 0 47x = .  measured at hydrostatic pressures of 

0.9 GPa and 3.8 GPa. Peak assignment to the optical modes of 

the alloy is indicated. The inset shows, as an example, the values 

of the logarithm of the frequency for the Ge–Ge optical alloy 

mode as a function of pressure. The straight line represents a 

least-squares fit through the data points. 

 

metric Gaussians for the Ge–Ge and Si–Ge alloy modes 

and a Lorentzian for the Si–Si ones. All alloy modes shift 

to higher frequencies with increasing pressure. As an ex-

ample, we plot in the inset to Fig. 1 the logarithm of the 

Ge–Ge mode frequency as a function of pressure. A great 

advantage of this representation is that in the pressure 

range up to 5 GPa 
s

ln ( )ω  exhibits for all optical modes a 

totally linear dependence on pressure irrespective of alloy 

composition. Thus, the slope 
s

d ln /dPω  fully characterizes 

the pressure behavior of the phonon modes. In contrast, a 

parabolic dependence is very often encountered within the 

conventional practice of plotting frequency against pres-

sure, which leads to different results for the linear pressure 

coefficient depending on the criteria used to account for 

the curvature. 

 Using the slopes determined from linear fits to the 

s

ln ( )ω -vs.-P  data points and the frequency values for zero 

pressure we obtained the linear pressure coefficients of the 

optical phonons of the alloys plotted in Fig. 2 (closed sym-

bols) as a function of Ge content. The solid curves are 

guides to the eye. These data were used to complement the 

Raman measurements from the cleaved edge of fully 

stressed alloy layers for the precise determination of the 

phonon deformation potentials 
11

K
!

 and 
12
,K

!

 as previously 

reported in Ref. [10]. With this knowledge of the DPs we 

make use of Eq. (5) to calculate the correction to the linear 

pressure coefficient due to the pressure-induced changes in 

the biaxial strain caused by the Si substrate. The resulting 

coefficients, which are plotted in Fig. 2 as open circles, 

correspond to the values that would be obtained for the 

bulk alloy material, i.e. for free-standing alloy samples. As 

pointed out  before,  the higher  the Ge concentration,  the  
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Figure 2 (closed symbols) Dependence on Ge concentration of 

the phonon linear pressure coefficient of the Ge–Ge, Si–Ge, and 

Si–Si optical modes for the SiGe material system. Open circles 

correspond to the values of the pressure coefficient after correc-

tion for the effect of the biaxial stress caused by the Si substrate. 

Solid lines are guides to the eye. 

 

larger is the correction due to the significant difference in 

bulk modulus between alloy and Si substrate. We empha-

size that whereas for the Ge–Ge and Si–Ge modes at in-

termediate Ge concentrations the pressure coefficients ob-

tained in Ref. [4] are about 30% larger than ours, we find 

very good agreement with the results of calculations within 

a modified Keating model [11]. We believe that in the for-

mer case the discrepancy is likely due to the polycrystal-

line character of the samples employed in Ref. [4]. 

 The mode Grüneisen parameters γ  are thus extracted 

from the corrected values of the linear pressure coefficients 

using Eq. (5). For the alloys the bulk modulus 
0

B  was ob-

tained by linear interpolation between the ones of the pure 

elements [17]. Figure 3 shows the resulting γ  values of the 

optical phonon modes of the alloys for the whole range of 

compositions. A striking result concerns the fact that the 

Grüneisen parameters of all three modes are almost con-

stant and very similar in absolute value, being its average 

equal to 1.00 ± 0.05. This is in clear contrast with several 

literature sources, where γ  values as large as 1.3 to 1.4 are 

reported for intermediate Ge concentrations [4, 6]. Fur-

thermore, a constant γ  implies that the observed variation 

of the phonon pressure coefficient with alloy composition 

(see Fig. 2) is due only to a change in bulk modulus. This 

is actually very intuitive since the Grüneisen parameters of 

the pure materials differ only by 5%, thus, no appreciable 

dependence on composition is to be expected. 

 Due to its practical importance it is very instructive to 

compare our results for the strain shift coefficient 
s

b  for all 

phonon modes of the alloy with the available literature data. 

s

b  is readily obtained from the values for the DPs of 

Ref. [10] using Eq. (2). Results are plotted in Fig. 4 (full 

data points) as a function of composition. The dot-dashed  
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Figure 3 Mode Grüneisen parameter γ  of the Ge–Ge (full cir-

cles), Si–Ge (half-filled circles) and Si–Si (open circles) optical 

phonons of Si
1–x

Ge
x

 alloys as a function of composition. 

 

curves represent the results of a least-squares fit to the ex-

perimental data using for all modes the same phenomenol-

ogical expression given by 

4

s 4 0
( 1)b b x b= ◊  + , 

where x  is the Ge content and 
4 0
b b,  are adjustable param-

eters. Interestingly, 
1

4
190(15) cmb

-

= -  has a common 

value for all three optical modes, whereas 
0
b  is 

1

460(20) cm ,
-

-  
1

555(15) cm
-

-  and 
1

650(20) cm
-

-  for the 

Ge–Ge, Si–Ge and Si–Si phonon mode, respectively. 

Numbers in parentheses are the corresponding error bars. 
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Figure 4 Phonon strain shift coefficient 
s

b  of the Ge–Ge, Si–Ge 

and Si–Si optical modes of Si
1–x

Ge
x

 alloys as a function of com-

position. Closed symbols and dashed-dotted curves represent our 

results [10], open circles correspond to the experimental results of 

Refs. [2, 7, 11, 18, 19] and solid curves are the results of the Ke-

ating-model calculations [11]. The solid straight lines with the 

small diamonds represent the experimental results of Ref. [9]. 

 Until very recently, a confusing situation was found in 

the literature for the accepted values of the phonon strain 

shift coefficients in Si
1–x

Ge
x

 alloys [2–7]. As illustrated in 

Fig. 4, for intermediate Ge concentrations in the range 

0 3 0 8x. £ £ .  the values of 
s

b  are 50% to 100% higher than 

for the pure materials, respectively. This is not only coun-

terintuitive but recently appeared theoretical evidence [11] 

for 
s

b  being nearly constant over the whole concentration 

range, holding this for the three optical modes of the SiGe 

alloy. In fact, our data are in fairly good agreement with 

these calculations within the modified Keating model. The 

agreement is also good with the 
s

b  values of the Ge–Ge 

mode obtained by Volodin et al. [9] for high Ge content 

(solid straight line with small diamonds in Fig. 4). Al-

though we cannot point to a unique and clear reason for the 

large discrepancies observed among the different experi-

mental and theoretical results, we suggest that one mayor 

source of error in the determination of the phonon defor-

mation potentials is the precise knowledge of the un-

strained frequency 
0

ω  which is typically taken from litera-

ture data but appears to be strongly sample dependent. We 

circumvent this problem by making use of the phonon 

pressure coefficient, hence, being able to obtain accurate 

values for the phonon strain-shift coefficient. 

  

 4 Conclusions The measurements of the linear pres-

sure coefficient for the optical phonon modes in the entire 

compositional range of SiGe alloys were crucial for the 

precise determination of the corresponding strain shift co-

efficients. In this way, we have settled the issue about the 

discrepancies between the different experimental and theo-

retical values for 
s

.b  Hence, these results are of great prac-

tical relevance for they provide accurate strain shift coeffi-

cients for the optical phonon modes to be used for the 

proper determination of the strain status of SiGe nanostruc-

tures by Raman scattering. 
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2.2.3 Multilayers	of	Ge	quantum	dots	
	
Self-assembled	 dot	 multilayers	 usually	 exhibit	 long-range	 ordering	 across	 the	
multiple	 layers.	 Such	 a	 coherent	 dot	 growth	 is	 driven	 by	 the	 strain	 field	
surrounding	a	dot,	hence	producing	a	vertical	alignment	of	the	dots	from	one	layer	
to	the	next.	Only	sufficiently	large	Si	spacers	between	dot	layers	are	able	to	erase	
this	 strain	 memory,	 suppressing	 any	 interlayer	 correlation.	 Here,	 we	 are	
particularly	 interested	 in	 the	possibility	of	designing	quantum-dot	multiple-layer	
structures	with	uncorrelated	dots	independent	of	the	Si	spacer	thickness	by	adding	
C	 to	 the	 system.	 Since	 C	 is	 roughly	 speaking	 about	 50%	 smaller	 than	 Si,	 the	
deposition	of	a	submonolayer	of	C	on	the	nucleation	surface	for	the	Ge-dot	growth	
induces	 locally	 strong	 strain	 fields	 upon	C	 incorporation.	 These	 inhomogeneities	
drastically	 reduce	 the	mobility	of	 the	oncoming	Ge	atoms,	which	neutralizes	 any	
seeding	 effect	 for	 QD	 nucleation	 due	 to	 the	 presence	 of	 a	 dot	 in	 the	 underlying	
layer.	
	
We	designed	two	multiple-layer	structures	grown	by	solid-source	molecular	beam	
epitaxy	on	the	same	Si(001)	wafer	under	identical	conditions,	except	for	the	way	C	
was	 used	 to	 influence	 the	 dot	 nucleation	 in	 each	 heterostructure.	 A	 different	 C-
deposition	sequence	was	readily	achieved	by	shuttering	half	of	 the	wafer	area	 in	
certain	 C	 evaporation	 steps.	 The	 layer	 structure	 consists	 of	 an	 eightfold	 stack	 of	
self-assembled	 Ge	 dots	 separated	 by	 a	 20	 nm	 thick	 Si	 spacer.	 This	 thickness	
ensures	 that	 in	 the	 absence	 of	 C,	 the	 Ge	 dots	 are	 vertically	 correlated.	 The	 first	
period	was	 identical	 in	 the	two	samples:	a	4	Å	thick	Ge	wetting	 layer	was	grown	
before	depositing	0.1	monolayer	of	carbon	to	control	the	shape	and	density	of	the	
quantum	dots.	 In	 the	next	step,	7	Å	of	Ge	was	deposited	 for	 the	dots	 to	nucleate,	
which	was	capped	with	the	20	nm	thick	Si	spacer,	completing	the	period.	Adopting	
this	 procedure,	 a	 typical	 dot	 shape	 of	 6	 nm	 height	 and	 40	 nm	 base	 size	 with	 a	
density	 of	 about	 40	 dots/µm2	 is	 obtained.	 The	 remaining	 seven	 periods	 were	
grown	using	 the	shutter	 to	cover	half	wafer	during	C	deposition.	 In	 this	way,	we	
obtain	two	samples	with	similar	dot	parameters	such	as	size	and	density	but	in	the	
region	where	 no	 C	 is	 present,	 an	 almost	 perfect	 vertical	 correlation	 is	 expected,	
whereas	 in	 the	area	with	C	deposited	 in	 each	period,	 such	 correlation	 should	be	
totally	destroyed.	The	vertical	arrangement	of	the	Ge	dots	in	each	case	was	further	
confirmed	by	transmission	electron	microscopy.		
			
We	 employed	 Raman	 scattering	 to	 probe	 the	 effect	 of	 disorder	 in	 the	 vertical	
alignment	 of	 Ge	 quantum	 dots	 of	 the	 multilayered	 structure.	 For	 stacks	 with	
perfect	dot	correlation	in	the	growth	direction,	the	interaction	of	acoustic	phonons	
with	 the	 ensemble	 of	 electronic	 states	 confined	 to	 the	 dots	 gives	 rise	 to	 well	
defined	Raman	interferences.		
	

• From	the	position	of	the	interference	maxima	and	the	relative	intensities,	it	
is	 possible	 to	 extract	 by	 simulation	 of	 the	 Raman	 spectra	 important	
structural	parameters	of	 the	dot	stacks	such	as	 the	spacer-layer	 thickness	
and	average	dot	height.		
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• It	 was	 also	 confirmed	 that	 such	 Raman	 interferences	 blur	 almost	
completely	by	total	loss	of	coherence	between	dots	of	subsequent	layers.	In	
our	work,	a	strong	piling	disorder	was	introduced	by	means	of	C	deposition	
prior	to	the	QD	growth	in	each	layer.		

	
• The	 resulting	 spectra	 exhibit	 a	 smooth	 envelope	 in	 the	 form	 of	 a	 broad	

band,	with	maximum	position	 and	width	 related	 to	 the	mean	 dot	 size.	 In	
this	way,	 acoustic-phonon	 Raman	 scattering	 provides	 us	with	 a	 powerful	
analytical,	 fast,	 and	 non-invasive	 tool	 for	 the	 characterization	 of	 the	
structural	properties	of	QD	multilayers.	

	
• Using	 carbon	 as	 a	 route	 to	 engineer	 the	 fabrication	 of	 uncorrelated	 Ge	

QDSLs	is	also	an	effective	strategy	to	obtain	a	twofold	decrease	in	thermal	
conductivity,	 as	 compared	 to	 ordered	 structures	 with	 the	 same	 spacer	
thickness.		
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We have probed the effect of disorder in the vertical alignment of Ge quantum dots of a multilayered
structure by means of Raman scattering. Despite of using a thin Si spacer of 20 nm between dot layers, the
coherent piling up of Ge dots one on top of the other is fully suppressed by the deposition of a submonolayer
of carbon prior to the dot growth in each layer. For stacks with perfect dot correlation in the growth direction,
the interaction of acoustic phonons with the ensemble of electronic states confined to the dots gives rise to well
defined Raman interferences. The interference contrast almost vanishes when carbon is introduced on the
dot-nucleation surfaces. Instead, a strong and decreasing background is observed at small Raman shifts. These
drastic changes in the Raman spectra of dot multilayers with and without C are very well reproduced by
simulations based on the interference model of Cazayous et al. #Phys. Rev. B 62, 7243 !2000"$.
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I. INTRODUCTION

Self-assembled Ge quantum dots !QDs" attracted a lot of
attention in recent years because of their great potential as
building blocks in semiconductor nanodevices, which are
compatible with Si-based technology. In particular, Ge-dot
multiple-layer structures have been widely studied for their
promising engineering possibilities, for example, in thermo-
electric applications and even optoelectronics.1–4 To achieve
materials with improved thermoelectric properties, a precise
control of the morphology and the spatial distribution of the
quantum dots is required. For the Si/Ge material system, a
possible pathway consists in the deposition of a small
amount of carbon, which is known to induce drastic changes
in the dot formation mechanism.5–8 In this way, one has a
handle not only on the dot morphology but also on its density
and, what is of crucial importance for our work, on the ver-
tical correlation of the dots among different layers. The latter
is because self-assembled dot multilayers exhibit long-range
ordering across the multiple layers. For a review on the pos-
sible arrangements of QDs in stacks, we refer to the work of
Stangl et al. and references therein.9 Such a coherent dot
growth is driven by the strain field surrounding a dot that
propagates, hence producing a vertical alignment of the dots
from one layer to the next.10,11 Only sufficiently large Si
spacers between dot layers are able to erase this strain
memory, suppressing any interlayer correlation. Here, we are
particularly interested in the possibility of designing
quantum-dot multiple-layer structures with uncorrelated dots
independent of the Si spacer thickness by adding C to the
system. Since C is roughly speaking about 50% smaller than
Si, the deposition of a submonolayer of C on the nucleation
surface for the Ge-dot growth induces locally strong strain
fields upon C incorporation. These inhomogeneities drasti-
cally reduce the mobility of the oncoming Ge atoms, which
neutralizes any seeding effect for QD nucleation due to the
presence of a dot in the underlying layer.6

In order to address the vertical coherence in C-induced
Ge-dot multilayers, we performed Raman scattering experi-
ments in the acoustic-phonon region. The photoelastic model
has been typically used to describe the inelastic light scatter-
ing by acoustic phonons in superlattices.12,13 A correct de-
scription of both the photoelastic and the acoustic modula-
tion is necessary in order to properly outline the features in
Raman spectra of multilayered systems.14 Variations of this
model were developed for the case of resonant and out-of-
resonance Raman scattering. Whereas an assignment of a
photoelastic constant to each material of the superlattice is
enough to describe systems out of resonance, the electron-
phonon interaction and thus the distribution of electronic
states must be taken into account explicitly in the resonant
case. Ruf et al. addressed this problem when studying the
effects of thickness fluctuations in quantum wells, giving a
microscopic description of the photoelastic Raman-scattering
mechanism by considering the interaction between acoustic
phonons and confined electronic states explicitly.15–17 The
importance of finite sample effects and a precise calculation
of the phonon modes in superlattices and quasiperiodical
systems were discussed in subsequent works.18–21 The con-
cept of Raman interferences by acoustic-phonon scattering,
however, was introduced by Giehler et al.22 Finally, Cazay-
ous et al. clearly demonstrated how acoustic phonons can
interact with the ensemble of electronic confined states in
multiple layers of dots, thus giving rise to pronounced Ra-
man scattering interferences.23–27 Within this model, the Ra-
man intensity results from a real interference of the inelasti-
cally scattered photons by acoustic phonons in processes
mediated by electrons confined to different quantum dots.
Hence, the spatial arrangement of the quantum dots might
play a crucial role. In fact, as discussed in previous
works,23–27 we show here both experimentally and theoreti-
cally that making use of the sensitivity of Raman scattering
to the spatial ordering of quantum dots in multilayered sys-
tems, we are able to unravel the strong randomization in-
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duced by C deposition on QD nucleation, which cares less
about the strain field extending from layer to layer.

II. EXPERIMENTAL DETAILS AND SPECTRA

We designed two multiple-layer structures grown by
solid-source molecular beam epitaxy on the same Si!001"
wafer under identical conditions, except for the way C was
used to influence the dot nucleation in each heterostructure.
A different C-deposition sequence was readily achieved by
shuttering half of the wafer area in certain C evaporation
steps. First, a 100 nm thick Si buffer layer was deposited.
Then, the temperature was set to 500 °C to proceed with the
layer structure. It consists of an eightfold stack of self-
assembled Ge dots separated by a 20 nm thick Si spacer.
This thickness ensures that in the absence of C, the Ge dots
are vertically correlated. The first period was identical in the
two samples: a 4 Å thick Ge wetting layer was grown before
depositing 0.1 monolayer of carbon to control the shape and
density of the quantum dots.7,8 In the next step, 7 Å of Ge
was deposited for the dots to nucleate, which was capped
with the 20 nm thick Si spacer, completing the period.
Adopting this procedure, a typical dot shape of #6 nm
height and #40 nm base size with a density of about
40 dots/!m2 is obtained.7,8 The remaining seven periods
were grown using the shutter to cover half wafer during C
deposition. In this way, we obtain two samples with similar
dot parameters such as size and density but in the region
where no C is present, an almost perfect vertical correlation
is expected, whereas in the area with C deposited in each
period, such correlation should be totally destroyed.6 Here-
after, we will refer to the multilayers as “without C” and
“with C,” respectively. The vertical arrangement of the Ge
dots in each case was further confirmed by transmission elec-
tron microscopy.

Raman spectra were collected at room temperature with a
Jobin-Yvon T64000 triple spectrometer in subtractive mode.
The spectral resolution was about 2 cm−1. The scattering
configuration was close to the backscattering geometry. We
used the lines of an Ar-Kr laser ranging from 2.18 eV !red"
to 2.54 eV !blue" for excitation. Figure 1 shows measured
Raman spectra of both multilayers with and without C for
different laser lines with photon energies around that of the
E1 interband transition of the Ge quantum dots. Due to the
large energy width of the resonance curve for this
transition,28 resonance conditions are easily fulfilled for the
whole dot ensemble. The spectra of the two samples are
qualitatively different, revealing the drastic effect of C depo-
sition on the vertical alignment of the dots. The Raman spec-
trum of the multilayer without C displays a clear interference
pattern, whereas the one with C shows a decaying signal
slightly modulated when exciting at 2.54 eV. For the
multilayer without C, the maximum interference contrast is
attained for blue excitation at 2.5 eV, slowly decreasing as
one moves away from the resonance to completely disappear
at around 1.91 eV. A similar resonant behavior is observed
for the intensity of the decaying signal in the spectra of the
multilayer with C.

III. ANALYSIS

A. Raman interference model

We simulated Raman spectra of our QD stack samples
using the three-dimensional model proposed by Cazayous et
al.23–25 The analysis of the Raman spectra in many studies of
periodic heterostructures was performed on the basis of the
photoelastic model and the folding of the phonon dispersion
curve due to the superimposed periodicity of the
structure.29–31 However, the validity of this model for finite,
low-dimensional systems such as quantum-dot multilayers is
arguable. First of all, the Brillouin minizone formation would
strictly require an infinite periodical modulation of the
acoustical impedance, which is not the case in many studied
multiple-layer structures with low number of periods. The
finite size of the dots, for instance, is also neglected in such
calculations. Moreover, a strictly two-dimensional photoelas-
tic model is completely unable to describe the spatial coher-
ence of the dots from layer to layer. Thus, this kind of simu-
lations would never meet the requirements to distinguish
between vertically aligned and randomly distributed dots, as
shown below to be the case in Raman scattering experi-
ments.

In the model of Raman interferences, the energy of the
measured peaks is only related to the fact of having a con-
structive interference between photons scattered by acoustic
phonons, which interact with the three-dimensional ensemble
of electronic states confined to the dots. The interference
model takes explicitly into account the effect of electronic
confinement since its spectral envelope in the Raman spec-
trum, i.e., the intensity modulation of the interference peaks,

FIG. 1. Raman spectra in the acoustic-phonon region of Ge
quantum-dot multilayers !a" with and !b" without carbon deposition
prior to the dot nucleation measured at room temperature with dif-
ferent laser excitation energies.
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is determined by the Fourier transform of the electronic wave
function and its spatial extension. In our simulations, the
quantum dots are treated as identical quantum disks with
!n,lp

!z" and "m,lp
!r!" denoting the electronic wave function in

the growth direction and the in-plane component, respec-
tively, for confined states with subindices !n ,m". The sym-
bols lp and p denote the layer index and the dot index within
that layer, respectively. The lack of translation invariance
breaks the wave-vector conservation rules and, therefore, all
acoustic phonons may scatter in the Raman process. Consid-
ering the deformation potential as the main electron-phonon
interaction mechanism between an acoustic phonon with
wave vector q and displacement field uq and the ensemble of
electronic states, the Raman intensity is proportional to16,17,24

IR # #$
p,lp

q! · u!q% "m,lp
* !r!"ei!$k&

! −q&
! "·r!"m̌,lp

!r!"d2r

%% !n,lp
* !z"ei!$kz−qz"·z!ň,lp

!z"dz#2

, !1"

where $kz !$k&" is the difference between the incident and
scattered photon wave vector in the growth !in-plane" direc-
tion. Identical dots hold that !n,lp

!z"=!!z−zp" and "m,lp
!r!"

=&!r!−rp
! " where zp and rp

! are the spatial coordinates of the
dot with index p. Hence, Eq. !1" can be simplified to

IR # #% "*!r!""!r!"e−iq&
! ·r!d2r% !*!z"!!z"e−iqzzdz#2

F

%#$
p,lp

uq,lp
e−i!qz−$kz"zlpe−i!q&

! −$k&
! "·r!lp,p#2

S !2"

where F and S are the form and structure factor, respectively.
F depends only on the electronic confinement within the dots
and determines the spectral envelope, whereas S represents
the interference pattern coming from the interaction of the
extended phonon with the dot ensemble. Periodical oscilla-
tions of the Raman signal coming from S are expected if the
dot layers are regularly spaced, being the oscillation period
inversely proportional to the spacer thickness. A random
number generator algorithm is used to determine the in-plane
positions of the quantum dots in the first layer of the struc-
ture. The obtained in-plane dot distribution is repeated for
the subsequent layers in the case of ordered multilayers. On
the contrary, a random in-plane distribution for each layer is
considered in the case of disordered structures. In order to
have sufficient statistics in the calculation, each Raman spec-
trum is simulated by summing over 200 different configura-
tions.

B. Results and discussion

Figure 2 shows two series of simulated spectra in the case
of a sample with vertically correlated dots. All the QD mul-

tilayers consist in a stack of eight periods. An effective re-
fractive index of 4.4 and a laser energy of 2.54 eV were used
in the calculations. In the first series, the dot parameters are
fixed and only the spacer thickness varies. From the form
factor in Eq. !2", we infer that the degree of confinement in a
specific direction determines the weight of the contribution
from phonons traveling in that direction. Since the dot height
is about seven times smaller than the base diameter, we are
mainly dealing with plane waves with in-plane wave vectors
close to zero. In the calculations, we consider for the sake of
simplicity that the phonon displacements uq!z" are solely a
function of z. Hence, to a good approximation, the physical
picture is that of two counterpropagating plane waves with
crystal momentum ±qz and sound velocity Vef f traveling si-
multaneously. The condition to obtain a maximum in the
interference pattern is qz±$kz=2'n /L, where L and n are
the spacer thickness and an integer, respectively. Doublets of
order n with a fixed energy separation of 2$kzVef f are ex-
pected. In the upper part of Fig. 2, the dotted lines indicate
the shift of the doublets of orders 1 and 2. The separation
between different doublets diminishes as the spacer thickness
increases. Since the shift of the peaks is proportional to n,
contributions from doublets with different n can merge to
form new doublets, as is the case of the spectrum for L
=20 nm.

In the lower panel of Fig. 2, we display the simulated
Raman spectra of multilayers with a Si spacer of 20 nm but
where the height and the base diameter of the dots were
varied at a fixed aspect ratio. We note that the width of the
spectral envelope which modulates the intensity of the inter-
ference peaks increases with decreasing dot size, i.e., for
stronger confinement of the electronic states. The model is
not only clearly sensitive to the spatial distribution of the

FIG. 2. Series of simulated Raman spectra of an ordered Ge-dot
multilayer as a function of the spacer thickness !top panel" and the
dot dimensions !bottom panel". The former dots of 4 nm height and
27 nm base size were considered. In the latter case, a fixed spacer
thickness equal to 20 nm and an aspect ratio of 0.15 were used.
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dots but also to the extent of the electronic wave functions.
Figure 3 displays two spectra calculated for the same

multilayer consisting in QD stacks of eight periods, which
differ only in the vertical ordering of the dots, as described
before. The upper one has randomly distributed dots within
the first dot layer but exactly the same dot pattern is repeated
in the subsequent layers, leading so to perfect stacking in the
growth direction. The spectrum exhibits high-contrast inter-
ferences. The lower spectrum corresponds to the case of ran-
domly distributed dots in every layer without interlayer cor-
relation. The interferences blur almost completely, giving a
continuum contribution modulated by the form factor enve-
lope. Nevertheless, faint interference peaks on top of the en-
velope remain visible even for the disordered dot distribu-
tion. These effects are thus expected to show up in resonant
Raman spectra in the acoustic-phonon region, allowing us to
study the spatial correlation of dots in multilayered systems.

For comparison, both measured and calculated Raman
spectra of the samples with and without C are plotted to-
gether in Fig. 4. In order to avoid the background signal
coming from Rayleigh scattering, a reference spectrum mea-
sured on a Si wafer has been subtracted from the experimen-
tal spectra. The stray light coming from the laser made im-
possible to work below 8 cm−1 in backscattering geometry
because of the surface roughness of the samples. For the
simulations, we considered a density of 40 dots/!m2 and we
summed over many dot distributions to prevent finite-size
effects of the ensemble. We also performed a convolution
using a Gaussian with a width of 2 cm−1 in order to account
for the experimental line broadening. The calculations are in
very good agreement with the experiment, as far as the peak
positions and relative intensities are concerned. However, the

most compelling evidence that C deposition effectively sup-
presses the vertical coherence of the dot growth is the strik-
ing similarity of the measured and simulated Raman spectra
of the stack with C.

The spectrum of the multilayer without C displays clear
periodic oscillations coming from the constructive interfer-
ences between dot layers. The oscillation period is well ac-
counted for by the simulation, when performed with a spacer
thickness of 20 nm. This is in excellent agreement with the
nominal growth parameters. The interference contrast is a
clear indicator of the spatial correlation between dots in the z
direction. In randomly distributed dot stacks, the interfer-
ences vanish. This is again well demonstrated by the spec-
trum of the C-induced Ge dot multilayer, where the deposi-
tion of C in each layer has erased the strain memory
responsible for a coherent growth of the dots from layer to
layer. The simulation with a random distribution across the
stack also reproduces the spectral features in this case. We
note a slight modulation interference coming from the struc-
ture factor contribution on top of an exponential decaying
signal. A closer inspection to the structure factor of Eq. !2"
reveals that the interferences appear when the contribution
from the dots add up coherently. This is determined by the
phase which is given by

!qz − "kz"zlp
+ !q#

! − "k#
! " · r!lp,p. !3"

Both terms in Eq. !3" are independent. The former leads
always to interferences since the QD stacks exhibit good
periodicity in the z direction regardless of the existence or
loss of interlayer correlations due to the introduction of C.
The interference blurring comes from the second term

FIG. 3. Simulated Raman spectra of two Ge-dot multilayer
structures both with the same parameters but differing only in the
spatial correlation of the dots in the growth direction. The lower and
upper curves were calculated with vertically correlated !aligned"
and uncorrelated !random" dots, respectively.

FIG. 4. !Solid curves" Measured Raman spectra of Ge-dot
multiple-layer samples with and without carbon. The dashed curves
represent the corresponding spectra simulated using the Raman in-
terference model !see text for details".
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q!
! ·r!lp,p, which introduces a dephasing if the dots are not
aligned in the growth direction. The q!

! that participate in the
scattering process are defined by the lateral extension of the
dot. Since the diameter of the dot is about 60 times the lattice
constant of the material, the q!

! that contribute the most are
close to zero. Thus, the values of the dephasing term are
large enough to blur the interferences but not completely, as
observed also in the experimental spectra.

It is important to notice that although a 20 nm thick
spacer has been chosen for our samples, the disordering ef-
fect of C should be effective for even thinner spacers. Verti-
cally uncorrelated Ge-dot stacks with such thinner spacers
would be impossible to achieve with conventional self-
assembled dot growth. Unfortunately, it was not possible to
study intermediate cases between aligned and randomly dis-
tributed dots in the z direction because of the drastic effect
that very small amounts of C have on the dot-nucleation
mechanism.

We now turn to the discussion of the spectral envelope. As
we mentioned before, this envelope depends on the form
factor F, which is determined by the electronic density asso-
ciated with the confined dot states, i.e., it depends on dot
dimensions. The envelope for the multilayer without C is
well reproduced by the simulations considering dots with
4 nm height and 27 nm base size. In contrast, slightly bigger
dots with a height of 6 nm and a base length of 40 nm ac-
count better for the envelope in the case of the C-induced
quantum dots. This is actually closely related to the QD-
growth mechanism itself, which is different in both cases.
When carbon is deposited, the nucleation of the Ge dots
proceeds immediately, leading to an effective reduction of
the critical thickness for the Stranski-Krastanow growth
mode.5–8 If no C is deposited, part of the Ge coverage is used
to achieve that critical thickness; hence, the resulting dots are
smaller in size compared to those grown using C deposition.
As illustrated by the calculated Raman spectra of Fig. 2

"lower panel#, the position of the envelope maximum shifts
to larger Raman shifts for smaller dot sizes. Such shift is
extremely sensitive to changes as small as 1 nm in the height
of the dots, which is the dimension leading to the strongest
confinement.

IV. CONCLUSIONS

In summary, the multiple-peak structure observed in the
spectra of Raman scattering by acoustic phonons of Ge QD
stacks with ordered dots along the growth direction is well
explained within the model of Raman interferences. From
the position of the interference maxima and the relative in-
tensities, it is possible to extract by simulation of the Raman
spectra important structural parameters of the dot stacks such
as the spacer-layer thickness and average dot height. It was
also confirmed that such Raman interferences blur almost
completely by total loss of coherence between dots of sub-
sequent layers. In our work, a strong piling disorder was
introduced by means of C deposition prior to the QD growth
in each layer. The resulting spectra exhibit a smooth enve-
lope in the form of a broad band, with maximum position
and width related to the mean dot size. In this way, acoustic-
phonon Raman scattering provides us with a powerful ana-
lytical, fast, and noninvasive tool for the characterization of
the structural properties of QD multilayers for specific appli-
cations in SiGe-based thermoelectrical nanodevices.
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A drastic reduction in temperature dependent cross-plane thermal conductivity !! occurs in Ge
quantum dot superlattices !QDSLs", depending on the vertical correlation between dots.
Measurements show at least a twofold decrease of !! in uncorrelated dot structures as compared to
structures with the same Si spacer of 20 nm but good vertical dot alignment. The observed impact
of disorder on the conductivity provides an alternative route to reduce the thermal conductivity of
QDSLs. The results of this work have implications for the development of highly efficient
thermoelectric materials and on-chip nanocooling devices. © 2008 American Institute of Physics.
#DOI: 10.1063/1.2957038$

SiGe nanostructures are very promising for thermoelec-
tric cooling of microelectronic devices and high-temperature
thermoelectric power generation. The thermal conductivity !
is significantly reduced in superlattices1–5 !SLs" and quantum
dot SLs !QDSLs".6–10 Previous studies by Lee et al. on short
period 3–7 nm Si /Ge SLs unveiled a decrease of !! with
decreasing SL period.1 A minimum value of about 3 W /mK
was measured at 300 K. For larger periods, L"13 nm, they
unexpectedly observed a decrease of !! which was attrib-
uted to the existence of extended defects. On the contrary,
Borca-Tasciuc et al.2 measured symmetrically strained
Si0.5Ge0.5 SLs with periods of 4–14 nm without observing a
clear dependence of !! on the SL period. Huxtable et al.3

have shown the influence of the acoustic interface mismatch
!AIM" in the thermal conductivity of Si /Si0.7Ge0.3 and
Si0.84Ge0.16 /Si0.76Ge0.24 SLs. Further nanostructuring and
phonon confinement may result in enhanced figures of merit
and therefore Ge QDSLs have also been analyzed by a num-
ber of authors.6–10 Liu et al.6,7 measured !! in Ge QDSLs
with Ge content from 7% to 20% and a Si spacer of 20 nm.
They reported values as low as 6.2 W /mK for samples
grown at 500 °C with an average composition of Si0.93Ge0.07
and dot surface coverage about 10%. Bao et al.8 and
Shamsa et al.9 analyzed QDSLs grown by molecular beam
epitaxy !MBE" at 550 °C with average Ge concentrations
from 6% to 9% and a Si spacer of 20 nm and found values
between 8–12 W /mK at 300 K. More recently, Lee and
Venkatasubramanian10 measured !! in QDSLs grown by
metal organic chemical vapor deposition at 750 °C and con-
cluded that low values of !! can be attained either by using
low SL periods or by increasing the dot coverage. They re-
ported values between 2–2.7 W /mK at short periods of
4 nm and areal densities around 20%.

All these studies deal with vertically correlated QDSLs.
The vertical correlation between Ge dots can be modified by
a proper selection of the spacer layer thickness. A larger
thickness results in a lower correlation function. However,
there is a serious drawback of this approach to increase the

figure of merit in thermoelectric materials, since the electri-
cal conductivity is expected to diminish with increasing Si
spacer width. To circumvent this situation, one can use a
seed layer of C to counteract stress memory between layers.
Several authors11–13 have shown that adding submonolayer
amounts of C drastically affects the dot-nucleation mecha-
nism, which can be successfully employed to grow uncorre-
lated nanostructures without an additional increase of the Si
spacer.

In this letter, we report on the temperature-dependent
thermal conductivity measured on Ge QDSLs grown simul-
taneously on the same Si wafer, which differ only in the
degree of vertical correlation of the dots. We observe a de-
crease of the cross-plane conductivity for the uncorrelated
samples in excess of a factor of 2. We interpret such a drastic
impact of disorder on !! by using a theoretical approach
based on a modification of the Fourier transport equation.

Samples were grown by solid-source MBE on Si !001"
substrates as described elsewhere.13 By shuttering half of the
wafer area in each deposition, it was possible to grow two
multilayer structures on each Si wafer. In the area with C
only in the seed layer, there is perfect vertical dot correlation
between layers, whereas in the area with C deposited in each
layer the correlation is almost completely suppressed. The
growth temperature was fixed at 500 °C and the Si spacer at
20 nm for both samples. Table I shows the main parameters
of sample 52. The vertical arrangement of the Ge dots in
each case was confirmed by transmission electron micros-
copy and Raman scattering.14 The cross-plane thermal con-
ductivity was measured with the differential 3# method in
the temperature range 77–300 K.15 A thin film of 10 nm
Ti /100 nm Pt is deposited onto a 200 nm thick SiO2 insulat-
ing layer previously grown on both the sample surface and

a"Author to whom correspondence should be addressed. Electronic mail:
javier.rodriguez@uab.es.

TABLE I. Main characteristics of the MBE samples.

Sample Period
Ge layer

thickness !A"
Si layer

thickness !nm"
Dot height,

diameter !nm"
dot density

!cm−2"

52 Corr 8 7 20 4, 30 5$109

52 Unc 8 7 20 7, 40 5$109
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the Si wafer used as reference. The thin film heater defined
by photolithography and lift-off is 1 mm long!15 "m wide.
The thermal contribution of the SiO2 /Si is measured inde-
pendently and subtracted from the measurements on the
SiO2 /QDSL /Si stack. The heater-width-to-film thickness
and the film/substrate thermal conductivity ratios are 75 and
about 0.05–0.1 at 300 K, respectively. Based on these values
the heat spreading in the parallel direction of the film is very
small, thus, the cross-plane thermal conductivity of the film
calculated from the one-dimensional steady-state heat con-
duction model would be within 5% close to the true value for
the film.16 Figure 1 illustrates the temperature rises in the
correlated and uncorrelated QDSLs and the reference sample
as a function of the modulation frequency. The input power
was 35 mW at 300 K. The temperature drop across the un-
correlated film is constant at 0.090 K over a wide frequency
interval. The thermal conductivity values derived for the un-
doped Si substrate and the 200 nm SiO2 film yield
150 W /mK and 1.36 W /mK at 300 K, respectively, which
closely agree with literature values.15,17,18

Figure 2!a" shows the thermal conductivity as a function
of temperature for sample 52 which is representative of a
series of Ge QDSLs, being this particular one also studied by
Raman scattering. The equivalent Ge fraction of the QDSL is
estimated to be 3%. The thermal conductivity of an undoped
Si0.97Ge0.03 alloy at 300 K is about 17 W /mK,19 slightly
above the value measured for the correlated sample,
14.5 W /mK. This value can be qualitatively compared to
results of Refs. 8 and 9 which obtained 12 W /mK at 300 K
for a QDSL of overall composition Si0.94Ge0.06 grown by
MBE at 550 °C. However, in general it is slightly larger than
previously published data for QDSLs.6–10 The Ge content
and the total surface coverage of the dots in our QDSLs !see
Table I" are below those reported in earlier studies rendering
difficult a direct comparison. If we extrapolate data from
Lee et al.10 to 4%–5% coverage and 20 nm Si period, a value
about 20 W /mK may be inferred. The lower value that we
obtain may be due to the lower growth temperature which
favors a high Ge content within the dot and therefore in-
creases the AIM of the SL. At low temperatures, the cross-
plane thermal conductivity increases monotonically with
temperature remaining then at a relatively constant value be-
tween 200 and 300 K. This behavior is in frank contrast to
that of bulk Si which exhibits maximum conductivity at
40 K but decreases to a value of #150 W /mK at 300 K. The

striking result of this work is the further reduction of the
room-temperature thermal conductivity by a factor in excess
of 2, which is attained just by destroying the vertical corre-
lation between dots. In this respect, it is very instructive to
compare the results of thermal transport with those from Ra-
man scattering. As illustrated in Fig. 2!b", in QDSL struc-
tures, there is a close relationship between the magnitude of
the thermal conductivity and the spectral features of light
scattering by acoustic phonons.14 For the multilayer sample
with perfect dot correlation in the growth direction, the in-
teraction of the acoustic phonons with the ensemble of elec-
tronic states confined to the dots gives rise to well-defined
Raman interferences. The interference contrast almost van-
ishes when carbon is introduced on the dot-nucleation sur-
faces in each layer. Instead, a strong and decreasing back-
ground is observed at small Raman shifts $bottom spectrum
in Fig. 2!b"%. These drastic changes in the Raman spectra of
dot multilayers with and without carbon are directly related
to the existence or lack of vertical correlation between Ge
dots, as confirmed by calculations within the Raman interfer-
ence model reported in Ref. 14.

To understand the observed thermal conductivity reduc-
tion, we compute #! by an approach based on an extension
of the Fourier heat transfer equation that yields an analytical
expression for the thermal conductivity of nanosystems of
given size,20

#Si,Ge =
#0L2

2$2!2&'1 + 4($!

L
)2

− 1* , !1"

where #0 is the material bulk thermal conductivity, ! is the
mean phonon free path,21 and L is the size of the system in
the direction of propagation. The ordered !disordered"
sample is formed by QDs which are vertically correlated
!uncorrelated", as schematically illustrated in the inset to Fig.
2!a". Using an average dot base diameter of 30–40 nm and
dot densities about 5!109 cm−2 !see Table I", the surface
fraction covered with dots fdots, in the eight-period stacks of

FIG. 1. Temperature rise as a function of modulated frequency at 300 K for
the correlated and uncorrelated 160 nm Ge QDSL and the reference sample.

FIG. 2. !Color online" !a" Measured thermal conductivity as a function of
temperature for sample 52 with vertically aligned dots !solid blue symbols"
and without vertical correlation !open red symbols". Also shown are results
of calculations using the extended Fourier heat transport equation !solid
line". The inset shows sketches of the QDSL nanostructures with and with-
out vertical correlation. Black squares represent the Ge dots, whereas gray
regions correspond to the Ge wetting layer. White regions represent the Si
spacer. !b" Measured Raman spectra !Ref. 14" of the corresponding samples
in !a".
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the !un"correlated samples amounts 0.5 and 0.05, respec-
tively. The effective thermal conductivity is written as the
weighted sum of two parallel thermal processes,

!! = fdots · !B1 + !1 − fdots"!B2, !2"

where !B1 represents the thermal conductivity contribution
due to the presence of QD !region B1" and !B2 is the thermal
conductivity contribution in the regions without Ge dots !re-
gion B2". !B2 is the dominant thermal path in the correlated
sample. To model !! we use the two elementary building
blocks of Fig. 2!a". Block 1 is formed by a dot of height Ld
and a silicon spacer of width Ls1. The resistance is given by
the sum of four series resistors, i.e., the resistance of the dot
rd, the resistance of the spacer rs1, and two interface thermal
resistances ri !Kapitza resistances", due to the difference of
acoustic properties and interface quality at the dot/matrix
interface. The resistance of the block is not dependent on the
height of the dot due to the linearity of Eq. !1" in the low size
regime. Therefore, the variation of the Ge dot height plays a
minor role on the effective thermal conductivity compared to
disorder. Block 2 is mainly composed of Si, with a width
Ls2=Ls1+Lw. and the resistance is the sum of the resistance
of the silicon spacer rs2 and the interface thermal resistance
imposed by the wetting layer rw. In all cases, the thermal
conductivity is readily obtained by substituting the lengths
and mean free paths in Eq. !1". We use Eq. !2" to calculate
the !! across the sample #solid lines in Fig. 2!a"$. The
thermal boundary resistances !TBRs" at 300 K that
provide a good fit are ri=3"10−8 m2 K /W and rw=2.5
"10−11 m2 W /K for the dot/matrix interface and the wetting
layer, respectively. We have assumed that the temperature
dependence of the TBR follows predictions of the diffusive
mismatch model !DMM".22 The value obtained at 300 K for
the dot/matrix resistance is of the same order of magnitude
as previously reported for other systems23,24 and larger by an
order of magnitude to the value of 3"10−9 W /m2 K derived
from DMM at 300 K. However, the value associated with the
thermal resistance of the wetting layer is significantly
smaller probably due to phonon tunneling effects across it.

Despite its simplicity, the agreement between the model
based on Eqs. !1" and !2" and the experimental data rein-
forces the concept that the reduction of thermal conductivity
between correlated and uncorrelated samples is entirely due
to the strong randomization of the dot spatial distribution
induced by the presence of C in every layer. It is expected
that lower thermal conductivities could be attained by doping
and by reducing the Si spacer thickness which leads to an
effective increase of the number of interfaces per unit length
in the growth direction. Therefore, we anticipate that a com-
bination of a short period with a random stacking of the dots
in the vertical direction may lead to Ge QDSLs with even
smaller values of !!, which in combination with a high elec-
tron mobility Si-rich nanostructures may lead to unprec-
edentedly large figures of merit.

In conclusion, we have shown that at room-temperature
uncorrelated Ge QDSLs with a thin Si spacer of 20 nm ex-
hibit at least a twofold decrease in thermal conductivity, as

compared to ordered structures with the same spacer thick-
ness. A model that incorporates the microstructure of the
sample shows very satisfactory agreement with the experi-
ment. This work provides an alternative route to reduce the
cross-plane thermal conductivity. Thus, our results are im-
portant for the development of a different strategy to attain
improved figures of merit for thermoelectric applications of
nanostructured materials based on stacks of Si /Ge QDs.
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2.2.4 Ge	nanostructures	via	PLD	nanostencilling		
	
So	 far	we	 showed	 results	 related	with	 the	 study	of	 the	 growth	dynamics	 in	 self-
assembling	 of	 QDs	 by	 molecular	 beam	 epitaxy	 (MBE).	 We	 explored	 different	
scenarios,	from	the	effect	of	the	pre-deposition	of	carbon	(2.1.1),	to	the	growth	on	
strained	 SiGe	 layers	 (2.1.2)	 or	 the	 fabrication	 of	 a	 multistack	 of	 quantum	 dots	
(1.1.1).		An	alternative	technique	to	grow	high-quality	epitaxial	Ge	nanostructures		
is	 the	 pulsed	 laser	 deposition	 (PLD).	 In	 particular	 we	 investigated	 an	
unconventional	 patterning	 approach	 based	 on	 direct,	 selective	 PLD	 of	 materials	
through	 solid-state	 nanostencils, i.e. masks with hexagonal arrays of circular 
apertures opened in freestanding, low-stress SiN membranes. 
 
These miniature shadow masks were mechanically clamped onto the Si(100) 
substrate and the substrate-stencil assembly mounted in front of a rotating Ge 
solid target. Ge deposition was performed in high vacuum (∼10−5 mbar), using a 
KrF excimer laser (λ= 248 nm), at a repetition rate of 10 Hz and laser fluence on 
the target of 4 J/cm2. The substrate temperature was set at 600 °C. 
 
With	 increasing	Ge	 thickness,	 the	 shapes	 of	 the	 obtained	 structures	 evolve	 from	
the	flat	“two-dimensional	(2D)-mound”	to	three-dimensional	(3D)	nanocrystalline	
agglomerations	 (10–100	 nm	 in	 lateral	 size)	 formed	 on	 top	 of	 these	 mounds,	
undergoing	 further	 a	 transition	 to	 a	 “coffee-bean-like”	 grained	 structure,	 and	
finally	 coalescing	 into	 single	 nanocrystals,	 as	 shown	 my	 SEM/AFM	 topographic	
imaging.	
	
Micro-Raman	 spectroscopy	was	 used	 to	 provide	 a	 structural	 characterization	 of	
the	Ge	clusters.	The	spectral	position	and	shape	of	the	Ge–Ge	phonon	mode	reveals	
that	 the	 Ge	 clusters	 are	 crystalline,	 and	 the	 absence	 of	 the	 Si–Ge	 phonon	 band	
around	400	cm−1	clearly	indicates	that	there	is	no	Si	intermixing.	
	

• Spectra	recorded	after	the	initial	stages	of	growth	exhibit	a	blueshifted	Ge–
Ge	phonon	frequency	303	cm−1	attributed	to	compressive	strain	(ε<−1%)	at	
the	island-substrate	interface.	The	strain	is	progressively	relieved	for	taller	
clusters	 i.e.,	 higher	 Ge	 coverage	whose	 phonon	 frequency	 approaches	 the	
value	 expected	 for	 bulk	 Ge	 300.8	 cm−1.	 The	 presence	 of	 built-in	 strain	
suggests	 that	 the	Ge	nanostructures	match	 the	Si	 substrate	 lattice.	 In	 fact,	
they	retain	 the	substrate	crystallographic	orientation,	as	confirmed	by	the	
phonon	selection	rules	in	polarized	Raman	measurements.	
	

• The	2D	mounds	are	 reminiscent	of	 the	 thin	WL,	which	normally	precedes	
islanding	 in	 classical	 SK	 growth.	 AFM	 topographies	 indicate	 that	 the	 2D	
mounds	 grow	 to	 a	maximum	height	 of	 6–7	nm,	 roughly	 ten	 times	 thicker	
than	 the	 critical	 value	 for	 a	 conventional	 Ge	 WL.	 The	 anomalous	 critical	
thickness	 for	 the	onset	of	3D	nucleation	can	be	explained	by	 invoking	 the	
finite	 size	 of	 the	 deposited	 areas:	 the	 2D	mounds,	 acting	 as	 a	WL,	 relieve	
strain	 at	 their	 periphery,	 delaying	 the	 strain-induced	 3D	 nucleation	 of	
structures.		
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• The	dots	that	initially	nucleate	on	top	of	the	2D	mounds	are	round	shaped	
and	 their	 aspect	 ratios	 defined	 as	 the	 dot’s	 height	 divided	 by	 the	 square	
root	of	the	base	area	range	from	0.16	to	0.20.	These	dots	are	reminiscent	of	
the	dome-shaped	islands	observed	in	Ge	/	Si(001)	heteroepitaxy. 
 

• With	 increasing	coverage,	we	observe	a	 shape	 transition	 from	rounded	 to	
“coffee-bean”	 dots.	 At	 this	 stage	 of	 growth,	we	detect	 both	 coalescence	 of	
grains	 and	 the	 formation	 of	 a	 depletion	 region	 at	 the	 centre	 of	 the	
underlying	2D	mounds,	where	we	expect	higher	elastic	compression.	

	
• 	Finally,	 at	 higher	 Ge	 coverage	 above	 1000	 ablation	 pulses,	 the	 depletion	

region	disappears	and	is	replaced	by	a	single	rounded	cluster.		
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The authors combine nanostenciling and pulsed laser deposition to pattern germanium !Ge"
nanostructures into desired architectures. They have analyzed the evolution of the Ge morphology
with coverage. Following the formation of a wetting layer within each area defined by the stencil’s
apertures, Ge growth becomes three dimensional and the size and number of Ge nanocrystals evolve
with coverage. Micro-Raman spectroscopy shows that the deposits are crystalline and epitaxial. This
approach is promising for the parallel patterning of semiconductor nanostructures for optoelectronic
applications. © 2007 American Institute of Physics. #DOI: 10.1063/1.2783473$

The growth of germanium !Ge" thin films and structures
on silicon !Si" surfaces has been the subject of extensive
study due to the prospective device applications1,2 and the
fundamental research importance vis-à-vis the understanding
of growth processes.3–7 In the quest to expand integrated
silicon technology, in particular, to applications in optoelec-
tronics, Ge/Si nanoheterostructures8 with engineered band
structures have come under intense investigation as impor-
tant candidates for light-emitting quantum dot !QD" based
devices.

Abundant research efforts have been dedicated to the
exploration of “dotlike” structures obtained via the Stranski-
Krastanov !SK" growth mode, which comprises the forma-
tion of a wetting layer !WL" followed by three-dimensional
island !“dot”" formation that relaxes the strain induced by the
4.2% lattice mismatch between Ge and Si. To control the
size, shape, and density, but mostly the spatial positioning of
Ge dots, many strategies including combinations of
lithography-based !top down" and spontaneous self-
organization approaches !bottom up" have been pursued.9–14

Much work has focused on the assisted organization of Ge
dots grown on prepatterned Si or SiO2 substrates either by
chemical vapor deposition15,16 !CVD" or molecular beam ep-
itaxy !MBE".17–19

While CVD and MBE have been extensively used,
pulsed laser deposition !PLD" emerged just recently20 as a
versatile tool to study the structural21 and functional22 prop-
erties of self-assembled Ge QDs on silicon substrates. A
well-established technique developed mainly to grow high-
quality epitaxial films of complex materials,23 PLD offers
additionally the possibility of fine tuning and controlling
deposition parameters rather easily in the case of elemental
materials. We previously investigated a promising unconven-
tional patterning approach based on direct, selective PLD of
functional materials at room temperature through solid-state,
reusable nanostencils. This strategy leads to the organization

of nanostructures without any pre patterning or complemen-
tary invasive process prior applied to the substrates.24

In this letter we describe the patterning of Ge/Si semi-
conductor heterostructures via PLD nanostenciling at high
temperature !600 °C". The intent of this approach is two-
fold: first, to investigate the kinetic processes of PLD of Ge
nanodots and ultimately to compare it with more studied
processes such as MBE or CVD, and, second, to demonstrate
a flexible approach to gain control over the positioning of
ordered arrays of nanostructures with potential applications
in device engineering.

To achieve precise positioning of Ge on Si!100", we
used nanostencils with hexagonal arrays of circular apertures
opened in freestanding, low-stress SiN membranes.25 These
miniature shadow masks were mechanically clamped onto
the substrate and the substrate-stencil assembly mounted in
front of a rotating Ge solid target !99% purity" #Fig. 1!a"$.
Prior to deposition, Si!100" substrates !n type, Sb doped re-
sistivity of 0.015 ! cm" were cleaned in ultrasound solvent
baths. The native oxide layer was chemically removed in a
5% HF solution. Ge deposition was performed in high
vacuum !%10−5 mbar", using a GSI Lumonics KrF excimer
laser !"=248 nm, #=15.4 ns" at a repetition rate of 10 Hz
and laser fluence on the target of 4 J /cm2. The substrate
temperature was set at 600 °C and the same stencil was used
in consecutive depositions.26

Swift fabrication of ordered arrays of Ge structures was
achieved in a single deposition step #Fig. 1!b"$. In the initial
stages of growth !up to 250 laser ablation pulses" ordered
arrays of Ge structures are formed as flat circular mounds,
350 nm in diameter and with a 700 nm periodicity #Fig.
1!c"$, i.e., the replica of the design defined by the sieve’s
apertures. In Fig. 2, scanning electron microscopy !SEM"
micrographs for four samples illustrate the patterned Ge is-
lands obtained on Si!100" by varying the number of laser
pulses between 250 and 1500 with an estimated rate of
%0.28 Å/pulse. SEM micrographs show that with increasing
Ge thickness, the shapes of the obtained structures evolvea"Electronic mail: rosei@emt.inrs.ca
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from the flat “two-dimensional !2D"-mound” type #Fig. 2!a"$
to three-dimensional !3D" nanocrystalline agglomerations
!10–100 nm in lateral size" formed on top of these mounds
#Fig. 2!b"$, undergoing further a transition to a “coffee-bean-
like” grained structure #Fig. 2!c"$, and finally coalescing into
single nanocrystals #Fig. 2!d"$. Atomic force microscopy
!AFM" and SEM images from Figs. 1 and 2 show that all
islands are perfectly separated and well defined. The lateral
extent of the deposits is always restricted to the range of the
aperture areas defined in the stencil.

Micro-Raman spectroscopy was used to provide a struc-
tural characterization of the Ge clusters. The optical mea-

surements were carried out by probing the patterned area
with the 514.5 nm line of an Ar+ ion laser focused with a
spot size of about 1 !m, i.e., each Raman spectrum !Fig. 3"
is collected from the region of two to three apertures. The
spectral position and shape of the Ge–Ge phonon mode re-
veal that the Ge clusters are crystalline, and the absence of
the Si–Ge phonon band around %400 cm−1 !inset in Fig. 3"
clearly indicates that there is no Si intermixing. Further, the
Ge–Ge phonon peak becomes more intense with increased

FIG. 1. !Color online" Experimental setup used for stencil deposition and further characterization of Ge ordered arrays: !a" schematic drawing of the
PLD-based Ge direct patterning process achieved at high temperature through SiN stencils attached to the Si!100" substrates; !b" SEM micrograph showing
an AFM tip scanning across the Ge patterned area in a JEOL-4500 UHV AFM-STM-SEM microscope. The inset shows a detail of a perforated freestanding
SiN membrane built in the stencil chip; !c" AFM topography and Ge mound height profile obtained for 250 pulses deposited at 600 °C using a stencil with
the architecture shown in the inset !b".

FIG. 2. Coverage dependence of Ge morphology: SEM micrographs show-
ing ordered Ge nanostructures replicated on Si!100" by PLD at 600 °C, for
!a" 250, !b" 750, !c" 1250, and !d" 1500 laser pulses with a fluence of
4 J /cm2, for a target-substrate distance of 6.5 cm.

FIG. 3. !Color online" Raman spectra acquired by probing the Ge patterned
areas with the 514.5 nm line of an Ar+ ion laser. The absence of the Si–Ge
phonon band around %400 cm−1 !see inset" indicates no trace of Si
intermixing.

113112-2 Cojocaru et al. Appl. Phys. Lett. 91, 113112 !2007"

 This article is copyrighted as indicated in the article. Reuse of AIP content is subject to the terms at: http://scitation.aip.org/termsconditions. Downloaded to IP:
158.109.18.157 On: Thu, 08 Oct 2015 12:16:08



Ge coverage. Spectra recorded after the initial stages of
growth exhibit a blueshifted Ge–Ge phonon frequency
!"303 cm−1# attributed to compressive strain !!"−1% # at
the island-substrate interface.27 The strain is progressively
relieved for taller clusters !i.e., higher Ge coverage# whose
phonon frequency approaches the value expected for bulk Ge
!300.8 cm−1#. The presence of built-in strain suggests that
the Ge nanostructures match the Si substrate lattice. In fact,
they retain the substrate crystallographic orientation, as con-
firmed by the phonon selection rules in polarized Raman
measurements !not shown here#.

The 2D mounds are reminiscent of the thin WL which
normally precedes islanding in classical SK growth. AFM
topographies indicate that the 2D mounds grow to a maxi-
mum height of 6–7 nm, roughly ten times thicker than the
critical value for a conventional Ge WL.28 The anomalous
critical thickness for the onset of 3D nucleation can be ex-
plained by invoking the finite size of the deposited areas: the
2D mounds, acting as a WL, relieve strain at their periphery,
delaying the strain-induced 3D nucleation of structures.
Similar phenomenology was discussed in the case of self-
assembling of Ge on lithography-patterned windows opened
in ultrathin silicon oxide layers.29

The dots that initially nucleate on top of the 2D mounds
$Fig. 2!b#% are round shaped and their aspect ratios !defined
as the dot’s height divided by the square root of the base
area# range from "0.16 to "0.20. These dots are reminiscent
of the dome-shaped islands observed in Ge/Si!001#
heteroepitaxy.30 The average aspect ratio of the dots in-
creases with coverage to allow for more efficient strain re-
laxation. Above 500 pulses, we observe a shape transition
from rounded to “coffee-bean” dots $Fig. 2!c#%. At this stage
of growth, we detect both coalescence of grains and the for-
mation of a depletion region at the center of the underlying
2D mounds, where we expect higher elastic compression.
Finally, at higher Ge coverage !above 1000 ablation pulses#,
the depletion region disappears and is replaced by a single
rounded cluster.

The number of Ge dots is of the order of tens per aper-
ture for the samples deposited from 250 up to 500 pulses.
For samples deposited up to 1000 pulses, the dots are larger
and less numerous $e.g., three to five dots/aperture as shown
in Fig. 2!b#%. This implies a feasible control over the number
of dots per nominal location and thus their density in the
whole patterned area.31

In summary, we showed that combining nanostenciling
with PLD provides a flexible approach to grow and pattern
crystalline Ge/Si nanostructures. The location of the Ge
clusters is entirely controlled by the pattern of the nanosten-
cil, and the density and physical dimensions of the dots can
be further adjusted by varying the deposition parameters.
The morphological evolution of the structures with coverage
follows a modified Stranski-Krastanov growth mode due to
the finite size of the WL in each aperture location. Raman
spectroscopy indicates that the nanostructures are crystalline
Ge and that they follow the substrate’s crystallographic ori-
entation. In future work we will establish a correlation be-
tween the deposition parameters such as laser fluence, sub-
strate orientation and temperature, and the Ge dots’ density
per deposited site.
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Abstract
The combination of nanostenciling with pulsed laser deposition (PLD) provides a flexible, fast
approach for patterning the growth of Ge on Si. Within each stencilled site, the morphological
evolution of the Ge structures with deposition follows a modified Stranski–Krastanov (SK)
growth mode. By systematically varying the PLD parameters (laser repetition rate and number
of pulses) on two different substrate orientations (111 and 100), we have observed
corresponding changes in growth morphology, strain and elemental composition using
scanning electron microscopy, atomic force microscopy and µ-Raman spectroscopy. The
growth behaviour is well predicted within a classical SK scheme, although the Si(100) growth
exhibits significant relaxation and ripening with increasing coverage. Other novel aspects of
the growth include the increased thickness of the wetting layer and the kinetic control of Si/Ge
intermixing via the PLD repetition rate.

S Online supplementary data available from stacks.iop.org/Nano/23/065603/mmedia

(Some figures may appear in colour only in the online journal)

1. Introduction

Despite advances in organic electronics and other novel
approaches, group IV semiconductors continue to constitute
the foundation of modern microelectronics. The controlled
positioning of nanoscale semiconductor structures is of
paramount importance to their continued use, leading to
extensive studies of the self-directed formation of dot-
like structures via the Stranski–Krastanov (SK) growth
mode [1–4]. The possibility for novel optoelectronic devices
arises with the miniaturization of device components down
to the nanometre length scale, including quantum dots for

5 Present address: NRC Industrial Materials Institute, 75 de Mortagne
Boulevard, Boucherville, QC, J4B 6Y4, Canada.

single-electron transistors, light-emitting diodes, quantum
cellular automata, etc. In this context, the SK self-assembly
of Ge/Si dots in epitaxially grown germanium overlayers on
silicon has attracted interest due to its bottom-up parallel
profile. Various features of the morphological evolution of
this system have been explored in detail, including studies
of the influence of kinetics versus thermodynamics [5–8]
and the influence of intermixing (alloying) on growth
phenomena [9–13]. Ordering and strict spatial registration of
structures is essential for electronic applications, but in most
cases SK islands exhibit poor lateral ordering since island
nucleation is statistical in nature [14].

The growth of high-quality crystalline arrays of
semiconductor nanostructures, homogeneously shaped and
sized, and precisely registered on the substrate of choice, is
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an intricate problem that has not been satisfactorily addressed
via self-assembly alone, although efforts have capitalized
on the influence of strain fields on the island nucleation or
the kinetics of the growth process [15–25]. To some extent,
order can be imposed on the SK growth process through
the use of patterned substrates. Vicinal surfaces [26–28] and
cleaved samples (cleaved edge overgrowth) [29] have been
used to control nucleation. Extensive work has also been done
using top-down techniques to pre-pattern surfaces for SK
growth. Templates for growth have included mesas [19, 20]
and holes [30, 31]. This hybrid combination of top-down
pre-patterning and bottom-up SK growth provides an efficient
methodology for the controlled positioning of semiconductor
nanostructures. Among its drawbacks, however, is the
invasiveness and increased processing time associated with
the pre-patterning step, which rapidly rise with the desired
precision and may reduce the potential for scale-up, such as
in the case of electron or ion beam lithography [14].

In this paper we describe an alternative hybrid top-
down/bottom-up approach for controlling deposition via
nanostenciling, a method which selectively deposits Ge
directly onto sites of predefined geometry and spacing without
the need for pre-patterning the surface. Pulsed laser deposition
(PLD) of Ge onto both Si(001) and (111) substrates results
in the confinement of 3D island growth within predefined
locations on the surface [32]. Herein, we describe a systematic
study of the nanostenciled Ge/Si system. We find that the
PLD-deposited Ge structures are confined exclusively to the
stencil region and that the Ge nanostructures exhibit very little
silicon intermixing.

2. Experimental details

A schematic of the experimental geometry is shown in
figure 1. PLD was performed in vacuum (⇡10�5 mbar),
using a GSI Lumonics KrF excimer laser unit (� = 248 nm,
⌧ = 15.4 ns pulse FWHM) and a rotating solid Ge target
(99.9% purity). Ge was deposited through the stencil onto
either Si(100) (n-type, Sb-doped, resistivity of 0.015 � cm)
or Si(111) (n-type, As-doped, 0.001–0.005 � cm). Prior
to deposition, substrates were degreased and cleaned in
ultrasonic solvent baths. To passivate the (100) surface, the
native oxide layer was chemically removed in an aqueous
HF (5%) solution, after which the samples were rinsed in
deionized water and rapidly mounted in the chamber. On
the Si(111) samples, a modified Shiraki cleaning method
(H2SO4: H2O2 = 4 : 1 by volume) was applied prior to oxide
stripping in a 5% HF solution.

Ge deposition was performed with a laser fluence of
4 J cm�2 and a repetition rate of either 1 or 10 Hz. The
size of the laser spot on the Ge target had an average
lateral dimension of 2 mm. The substrate temperature was
set at 600 �C, as measured with a K-type thermocouple on
the heating block supporting the stencil–substrate assembly.
The amount of material deposited by PLD can be easily
controlled by varying the number of laser pulses for a
certain target–substrate distance. The nominal deposition
rate for all samples was ⇡0.28 Å/pulse, based on atomic

Si
sample

stencil

Ge target
(rotating)

plume

pulsed laser

Figure 1. Simplified sketch of the sample geometry, showing the
Ge target, the stencil and the Si sample.

force microscopy (AFM) measurement of the wetting layer
thickness for samples near the critical thickness for 3D island
growth (see supporting information, available at stacks.iop.
org/Nano/23/065603/mmedia).

The stencil6 comprised a hexagonal pattern of circular
apertures 350 nm in diameter with a pitch of 700 nm. The
hexagonal pattern is contained in trenches 2 mm ⇥ 100 µm
with an aspect ratio of approximately 4:1 (depth/width),
housed in a silicon support frame. This geometry results
in a thickness gradient on the structures patterned within
the 100 µm wide stripe, i.e. lower-coverage structures were
formed towards each edge of the patterned stripe area due to
shadowing effects [33]. All data presented in this paper reflect
the growth characteristics at the centre of the patterned stripe,
where these shadowing effects are negligible.

The actual size of the sites patterned onto the silicon
surface is dictated by the geometry of the experiment, and
depends strongly on the spacing between the stencil and the
sample [34]. The gap between the stencil and sample should
be as small as possible, but this spacing can vary due to
substrate or stencil irregularities, particulates or distortion
of the stencil. In these experiments, the sample and stencil
were both carefully cleaned prior to use, the stencil was held
as firmly as possible against the sample and the resulting
separation was inferred from the size of the stencilled features.
The spacing between the substrate and the sample was not
directly measured.

The same stencil was used in consecutive depositions
for various numbers of ablation pulses. With repeated use,
the accumulation of Ge on the stencil caused a reduction in
aperture size. After ten successive depositions, corresponding
to a total deposited thickness of about 300 nm, the lateral size
of the deposited sites was reduced by ⇡10%. The deposited
Ge could be removed by dipping the stencil in warm hydrogen
peroxide (H2O2) and subsequently rinsing in water. In trials
using a similar stencil with smaller openings, we were able to
produce a pattern of 96 nm germanium circles on the silicon

6 Stencils fabricated at Aquamarijn Filtration (The Netherlands).
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Figure 2. SEM images of patterned Ge structures formed at 600 �C via PLD through a nanostencil. Samples were fabricated on Si(100) and
(111) with different numbers of PLD pulses, n, and a laser repetition rate of 10 Hz, and on Si(111) at a laser repetition rate of 1 Hz. A
500 nm scale bar is indicated in white in the lower right corner of each image.

surface using stencil openings of 85 nm diameter. However,
these small openings were extremely prone to clogging,
making the type of variable-coverage study described here
untenable [33].

Structural characterization of the patterned Ge islands
was performed via contact-mode AFM, using a Veeco
Nanoprobe equipped with a general purpose cantilever
(Si3N4, tip apex radius 20 nm) and scanning electron
microscopy (SEM), using a JEOL JSM-6300F. SEM and
AFM images were calibrated via the 700 nm pitch of
the stencilled sites. Further information was obtained from
micro-Raman spectroscopy, a surface-sensitive technique
particularly suitable to extract information about elemental
composition and strain inside group IV semiconductor
nanostructures [35, 36]. The Raman measurements were
carried out at room temperature by probing the patterned area
with the 514.5 nm line of an Ar+ ion laser focused with a spot
size of about 1 µm, i.e. each spectrum is collected from a few
stencil sites.

3. Results

To systematically investigate the growth processes of
stencilled Ge on Si, a number of samples were prepared under
different conditions. Figure 2 shows SEM images obtained
from each of the samples.

At low Ge coverage, smooth 2D mounds are formed
on both Si(100) and (111). The SEM images in figure 2
illustrate this growth at 250 laser ablation pulses (equivalent
deposited thickness ⇡7 nm). AFM measurements indicate
typical thicknesses for the smooth wetting layer of 6–7 nm
on the (100) surface and 3–5 nm on the (111) surface. The
substrate region between the stencil sites remains flat and
uniform.

Beyond the critical (wetting layer) thickness, growth
proceeds through the formation of three-dimensional islands.
The morphology of these islands is markedly different

between the Si(100) and (111) surfaces: whereas each stencil
site on Si(100) hosts a small number of large islands that
gradually coalesce with increasing Ge coverage, the islands
on (111) are smaller and remain discrete to at least 2000
laser pulses, corresponding to a nominal thickness of 56 nm.
AFM measurements (not shown) do not reveal well-defined
faceting on the 3D islands on either substrate but indicate that
the maximum height of the islands increases with coverage.
The maximum island height, measured from the wetting layer,
increases from 32 ± 4 nm at 750 pulses to 53 ± 4 nm at 1250
pulses on Si(100), and from 20 ± 4 nm at 1000 pulses to
42 ± 5 nm at 2000 pulses on Si(111) (1 Hz). Variation in the
laser repetition rate was also found to affect the island growth.
For the structures grown on Si(111), 1000 pulses at 1 Hz
(figure 2) produced fewer larger dots than in the counterpart
sample prepared at 10 Hz.

Statistical analysis of the SEM images confirms these
qualitative trends, as shown in figure 3. On Si(100) the
distribution in the number of dots per site shows an average of
⇡3, with a standard deviation of ⇡1, for 750 pulses. The mean
number of islands converges towards unity with increasing
coverage of Ge. Conversely, the statistics for the 1 Hz samples
on (111) show less sensitivity to coverage. The distributions
have means of ⇡11, for both 1000 and 2000 pulses, with
the standard deviation slightly increasing from 2.1 to 2.5,
respectively. The distribution for the sample grown at 10 Hz
has a higher mean number of islands, ⇡24, with a relatively
small standard deviation of 2.2.

The corresponding major axis lengths for the 3D islands
are shown in figure 4. The samples prepared on Si(100) have
much larger islands than the samples prepared on Si(111). The
(100) islands sizes are broadly distributed after 750 pulses,
with an average size of 115 nm, and a standard deviation of
49 nm. Increasing the Ge coverage to 1250 pulses increases
the average island size to 315 nm, with the distribution
narrowing to a standard deviation of 40 nm. Finally, at 1500
pulses, the island size converges towards 274 nm, with a
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Figure 3. Number of 3D islands per stencil site for samples similar
to those shown in figure 2. The mean and standard deviation for
each of the normalized distributions is shown in the figure.

standard deviation of 25 nm. The increase in lateral size
with coverage is less pronounced on the Si(111) substrate. In
going from 1000 to 2000 pulses, the mean size increases from
28 nm to 53 nm, accompanied by a broadening of the size
distribution.

The average diameters for the stencilled sites are also
shown in figure 4. The site size varied from ⇡410 nm for the
samples grown on Si(111) at 1 Hz, as well as the 1500 pulse
Si(100) sample, to 490 nm for the 1250 pulse, Si(100) sample.

The µ-Raman spectra are shown in figure 5. The
spectra are consistent with those expected for Si/Ge hybrid
structures [37], and we assign the dominant phonon peaks

Figure 4. Major axis length distributions of 3D islands for samples
similar to those shown in figure 2. The mean and standard deviation
for each of the normalized distributions is shown in the figure. The
dashed lines indicate the average diameter of the stencilled sites for
each sample.

accordingly: Ge–Ge at ⇡300 cm�1, Si–Si at 520 cm�1 and
Ge–Si at ⇡400 cm�1. The spectra from the samples grown on
Si(100) do not contain a Si–Ge peak, indicating no detectable
intermixing. On these samples, the Ge–Ge peak shifts down in
frequency as the number of pulses increases, consistent with
a progressive relaxation of strain with increasing coverage.
Notable features of the spectra obtained from Si(111) include
the presence of a Ge–Si peak for the samples prepared at 1 Hz,
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Figure 5. µ-Raman spectra for Ge patterned onto Si(100) (top) and
Si(111) (bottom). The approximate locations of the Ge–Ge, Ge–Si
and Si–Si peaks are identified with grey shading. The traces have
been offset from one another for clarity.

indicating Si–Ge intermixing, and the separation of the Ge–Ge
peak into two components, which is particularly marked in the
2000-pulse sample. As in the case of the Si(100) samples, no
intermixing is detected in the sample prepared at 10 Hz.

The phonon peaks in figure 5 were fitted with Lorentzian
functions, and the spectral positions obtained for the Ge–Ge
and Si–Ge peaks (in cm�1) were used to calculate the
composition (x) of the Si1�x

Ge
x

alloy and the in-plane strain
(✏k) by applying the empirical relations from [36]:

!Ge�Ge = 284 + 5x + 12x

2 + bGe�Ge✏k (1)

!Si�Ge = 400 + 29x � 95x

2 + 213x

3 � 170x

4 + bSi�Ge✏k.
(2)

For samples grown on Si(100) we used the values of the
phonon strain-shift coefficients bGe�Ge(100) ⇡ �460 cm�1

and bSi�Ge(100) ⇡ �555 cm�1, determined by Reparaz et al

[38]. For samples grown on Si(111) the biaxial strain splits

Table 1. In-plane strain (✏k) and composition (x) of the Si1�x

Ge
x

alloy extracted from µ-Raman data.

Sample
!Ge�Ge
(cm�1)

!Si�Ge
(cm�1) ✏k x

Si(100)

10 Hz, 250 pulses 302.7 — �0.4% ± 0.2% 1
10 Hz, 750 pulses 302.4 — �0.3% ± 0.2% 1
10 Hz, 1250
pulses

301.0 — 0% ± 0.2% 1

10 Hz, 1500
pulses

301.4 — �0.1% ± 0.2% 1

Si(111)

1 Hz, 1000 pulses 304.7 396.4 �1.2% ± 0.2% 0.93 ± 0.2
1 Hz, 2000 pulses 300.9 — 0 1

305.7 395.5 �1.4% ± 0.2% 0.94 ± 0.2
10 Hz, 1000
pulses

304.4 — �0.7% ± 0.2 1

the triply degenerated LO–TO optical phonon branches into
two components: a singlet LO and a doublet TO branch. We
calculated the phonon strain-shift coefficients for these modes
as explained in [39] using the phonon deformation potentials
p and q from [38]. The two different notations are related
by e

K11 = p/!2
0, e

K12 = q/!2
0. The component e

K44 = r/!2
0

was taken to be that of Ge for the Ge–Ge mode and the
average of the Si and Ge values for the Si–Ge mode [38].
The resulting strain-shift coefficients are bGe�Ge(111, d) ⇡
�668 cm�1, bGe�Ge(111, s) ⇡ �152 cm�1, bSi�Ge(111, d) ⇡
�835 cm�1 and bSi�Ge(111, s) ⇡ �307 cm�1, where d

and s stand for doublet and singlet, respectively. Although
one of the samples on Si(111) showed a double peak,
cf figure 5, this splitting is not attributed to these two
components. In fact, in the experiments we could not resolve
the singlet because the observed peak positions were almost
insensitive to polarization. Therefore, the Raman modes
that we observe on the Si(111) samples must correspond
to the more intense doublet TO modes only [39]. Using
the strain-shift coefficients given above we obtained the
composition and strain values as tabulated in table 1.

4. Discussion

4.1. Stencilling as a methodology

The circular profile of the deposited regions of Ge directly
reproduces the shape of the apertures in the stencil. This
fidelity may be linked to a combination of effects: (i) a
strong confinement of the PLD-generated Ge flux, (ii) limited
diffusion across the substrate (see below) and (iii) enhanced
corner diffusion, observed to take place when highly energetic
species arrive at the substrate [40], which promotes circular
structures. The confinement of the Ge flux is further indicated
by the lack of observable structures on the substrate between
the stencil sites. This is seen to occur despite the fact that
typical Ge diffusion lengths [41] on clean Si at 600 �C should
range from ⇡2 ⇥ 102 nm (Si(111), 250 pulses) to as much as
⇡2⇥104 nm (Si(100), 1750 pulses). The lack of island growth

5



Nanotechnology 23 (2012) 065603 J M MacLeod et al

between the stencil sites may be due to inhibition of either
diffusion or nucleation in these regions, which could occur
due to the presence of an oxide layer, as has been observed, for
example, in nanostructured oxide patterns [42]. We note that
under ultrahigh vacuum conditions, where oxide formation is
negligible, Sn and Ag are observed to diffuse hundreds of
nanometres from similar stencil sites on Si(100) [34]. In our
experiments, the presence of O2 in the relatively high chamber
background pressure leads to the dynamic development of
the oxide at high temperature, which appears to passivate the
regions of the Si substrate between the aperture sites against
Ge growth. This effect is suppressed within the stencil sites by
the direct flux of energetic Ge impinging on the surface.

For all samples, the size of the patterned regions on
the substrate was larger than the 350 nm opening in the
stencil. This spreading is a geometrical consequence of the
experimental geometry, and for our fixed source–sample
spacing, depends on two variables: the size of the source, i.e.
the size of the laser spot on the target and the spacing between
the stencil and the sample (see supporting information,
available at stacks.iop.org/Nano/23/065603/mmedia). Taking
the average laser spot size of 2 mm, the corresponding
sample–substrate spacings were estimated to be between 1.8
and 4.2 µm, although it is not obvious whether the variation
in the size of the patterned sites is solely due to differences in
the stencil positioning, or whether fluctuation in the laser spot
size also contributed.

4.2. Growth mechanisms

Wetting layer. The stencilled growth of Ge on Si can
be described as a modified Stranski–Krastanov process. In
conventional SK growth, typically observed critical values are
2–3 atomic bilayers (0.63–0.95 nm) for Ge on Si(111) [43]
or 3–5 monolayers (0.4–0.68 nm) for Ge on Si(001) [44].
Our observed values are about five times larger for the (111)
surface and about ten times larger for the (100) surface.
These anomalously high critical thickness for the onset of
3D nucleation can be explained by invoking the small size
of the deposited areas. The discrete sites may benefit from
mechanisms for lateral strain relief at their periphery, thus
delaying the strain-induced 3D nucleation of islands [45]. The
fact that we see a thicker wetting layer on (100), as opposed to
(111), may indicate that dislocation nucleation is more facile
on the (100)-oriented stencil sites.

Island nucleation and growth. In traditional SK growth
of Ge on Si, the nucleation of the 3D islands occurs nearly
simultaneously across the substrate [46]. Nucleation is a
statistical process which requires a critical density of mobile
atoms. In turn the density of mobile atoms results from
the competition of deposition and capture from the growing
islands. Therefore nucleation ends when the separation
between the islands becomes a fraction of the diffusion length
of the mobile atoms, with the exact value depending on factors
such as the deposition rate, diffusivity and critical size of
stable nuclei [14]. After nucleation, the islands continue to
grow at constant density at least until ripening begins.

Consistent with this picture, the histograms in figure 3
show that, at 1 Hz, the density of 3D islands per site has
nearly identical values for 1000 and 2000 pulses. Evaluation
of the size distribution for the same samples (figure 4) shows
a fairly narrow distribution in the case of the sample prepared
for 1000 pulses with a mean value of 28 nm, whereas a mean
value of 53 nm (major length) and a broader distribution is
found for the islands grown at 2000 pulses. This broader size
distribution at 2000 pulses is not an immediate consequence
of growth kinetics, and may point to the onset of Ostwald
ripening. The increase in average size with deposition is
clearly associated with SK growth at constant island density.
However, the increase of island width occurs significantly
faster than expected for expansion occurring exclusively
from the deposited material (i.e. the size does not scale as
expected with the number of pulses beyond the wetting layer),
suggesting the possibility of additional material sources for
island growth, such as from the erosion of the wetting
layer [47, 48].

The higher density of islands for the same substrate at
a PLD repetition rate of 10 Hz is clearly associated with a
higher incidence of nucleation, which results from the higher
supply of mobile atoms at constant diffusivity feeding their
density. The increased deposition rate also has a direct impact
on the nucleation density. As shown in figure 3, for samples
prepared on Si(111) at 1000 pulses, a laser repetition rate of
1 Hz produces roughly half the density of dots produced at a
rate of 10 Hz. This is consistent with the power law increase in
nuclei density with deposition rate, which occurs as a general
consequence of SK kinetics [49–52].

The nucleation behaviour on the Si(100) surface is
markedly different, as shown by the small number of islands
on the 750-pulse sample. This decreased nucleation density
may be due to an enhanced diffusion and possibly a larger
critical size for the stable nuclei under the specific conditions
imposed by nanostenciling. Contrary to the Si(111) samples,
which do not show a marked change in island density with
coverage, islands on the (100) samples are observed to ripen
and coalesce with increasing coverage, finally converging
to a single island per stencil site at 1500 pulses. This is
also consistent with increased diffusivity, and may also be
influenced by the nearly complete strain relaxation (see below
for further discussion).

Island crystallinity, composition and strain. The Raman data
for these samples provide more insight into the mechanisms
underlying the observed morphologies. The spectral shape
and position of the Ge–Ge phonon mode (figure 5) indicates
that all patterned structures are crystalline. The blueshifting
of the peak away from the bulk value at around 301 cm�1

indicates the presence of compressive strain, a hallmark of
Ge/Si epitaxial growth. Another important feature of the
recorded spectra is the Si–Ge peak, observed for the samples
prepared at 1 Hz, which implies Si–Ge intermixing. Table 1
tabulates the calculated intermixing and strain based on
the locations of these peaks. The 1000-pulse sample has
x = 0.93 ± 0.2 and is compressively strained by �1.2 ±
0.2%. The 2000-pulse peak contains two components. The
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low-frequency component indicates slightly less intermixing
(x = 0.94 ± 0.2) than the 1000-pulse sample, as well as
a slight increase in strain (�1.4 ± 0.2%). However, most
of the intensity in the Ge–Ge peak for the 2000-pulse
sample is contributed by an unstrained, pure Ge component7.
The emergence of this component may be due to the
rearrangement of the strained islands indicated at 1000 pulses,
e.g. due to the nucleation of misfit dislocations above a critical
island size and/or a feature of the additional material deposited
onto the islands, which may or may not maintain the epitaxial
relationship to the substrate.

The unusually large thickness of the wetting layer in these
experiments precludes some of the conventional mechanisms
for the relaxation of Ge dots on Si, which rely on the
sourcing of Si from the substrate [53], so the relaxation
of these islands must depend heavily on the formation of
dislocations. It is also interesting to note that, using traditional
growth methodologies, it can be difficult to produce Ge-rich
structures in Ge/Si growth, since energetics favour the
intermixing of Si into Ge (but not vice versa) [54]. Hence,
this growth methodology provides access to a stoichiometric
regime not normally achieved.

The Si–Ge peak is absent from the Raman spectra for all
the samples prepared on (111) at 10 Hz, suggesting that the
Si–Ge intermixing is kinetically suppressed. This is confirmed
through the lack of intermixing observed for the Si(100)
samples, all of which were prepared at 10 Hz.

According to table 1, an almost complete relaxation of
the misfit strain occurs for the samples grown on Si(100).
This relaxation plays a critical role in the growth and
ripening of the islands and enables large lateral sizes and
coalescence, with the structure evolving to a single island
per site on the samples grown at 1500 pulses. Interestingly
the coalescence of these islands is accompanied by some
anomalous behaviour, with the mean length decreasing and
the misfit strain increasing slightly in going from 1250 to
1500 pulses. Together, these changes indicate ripening, which
smooths asperities that may have contributed to the size and
very efficient strain relief for the 1250-pulse sample. The
lateral width of the wetting layer correspondingly decreases
between the 1250- and 1500-pulse samples, further suggesting
that these large, ripened islands are directly size-constrained
according to the diameter of the patterned sites.

5. Conclusions and outlook

The stencilled PLD growth of Ge on Si provides new
opportunities for controlling the growth of nanoscale group
IV structures. The stencil used in this study produced a pattern
of circular structures, each ⇡15–40% larger than the 350 nm
stencil openings. Since this spreading depends on both the
evaporation source size and the distance between the stencil

7 This interpretation rests on the association of the observed Si–Ge peak
with the higher-frequency component of the Ge–Ge peak and the assumption
that the lower-frequency Ge–Ge component is not associated with any
intermixing. Although the frequency of the corresponding singlet would be
300.7 cm�1, both the high intensity of the observed peak and the absence of
a split Si–Ge peak reinforce the given interpretation.

and the sample, it can presumably be minimized by reducing
the size of the laser spot on the PLD target, while at the same
time taking care to ensure good sample–stencil contact.

Within each stencil site, the growth process is largely
consistent with SK growth, and begins with the formation
of a thick wetting layer. The layer thickness was slightly
larger for (100) samples than (111), suggesting that strain
relief via dislocation formation occurs more easily on the
former. The completion of the wetting layer is followed by
the nucleation of three-dimensional islands. On Si(111), the
island density is found to be higher for a 10 Hz PLD repetition
rate than for a 1 Hz rate, and the density does not change with
coverage, as expected within the SK regime. On Si(100), the
initial nucleation density is much lower than on (111), and the
evolution of growth with coverage is strongly dominated by
coalescence and ripening. For the highest-coverage samples
studied, the final structure evolved to a single island, the size
of which appeared to be directly related to the size of the
stencilled site. The µ-Raman measurements indicate that the
structures on Si(100) are nearly fully relaxed, whereas more
strain is present in all of the samples on (111).

This approach produces novel growth characteristics
when compared to its conventional counterparts. The
anomalously thick wetting layer may suppress Si intermixing
into the 3D islands and the PLD repetition rate can further
be adjusted to suppress intermixing. The oxide-covered
substrate regions between the stencil sites did not exhibit
any Ge accumulation, providing for excellent fidelity in the
transfer of the stencil pattern. These factors could make this
method attractive for the production of Si–Ge islands with a
Ge-rich stoichiometry, which provides a counterpoint to other
patterning methods that promote silicon intermixing [55].
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2.2.5 Optical	characterization	of	Ge	nanocrystals	
	
A	promising	way	to	synthesize	Ge	nanocrystals	within	a	SiO2	matrix	film	is	by	high-
temperature	annealing	of	SiO2/a-Ge/SiO2	trilayer	structures.	The	ability	to	obtain	a	
suitable	 distribution	 of	 nanocrystals	 with	 a	 specific	 size	 relies	 on	 a	 deep	
knowledge	 of	 the	 kinetics	 and	 thermodynamics	 involved	 in	 the	 nucleation	 and	
growth	process.	Scanning	nanocalorimetric	characterization	at	temperatures	up	to	
1300	 K	 was	 used	 to	 obtain	 results	 on	 ultrafast	 heating	 of	 a	 trilayer	 structure	
formed	 by	 a	 3-nm	 amorphous	 Ge	 (a-Ge)	 layer	 sandwiched	 between	 10	 nm	 SiO2	
thin	films.		
 
Within	 this	 collaboration	 the	 author	 of	 the	 thesis	 performed	 structural	
characterization	by	micro-	Raman	spectroscopy.		
	

• The	micro-Raman	spectrum	of	the	as-deposited	sample	shows	a	broad	peak	
centred	near	270	cm-1,	which	corresponds	to	a-Ge.	
	

• 	After	heating	to	800	K,	the	Raman	spectrum	remains	as	for	a-Ge,	however,	
the	 low-frequency	shoulder	at	220	cm-1	disappears.	Comparing	 this	 result	
with	the	apparent	heat	capacity	data,	we	can	associate	this	change	with	the	
broad	 exothermic	 peak	 of	 the	 a-Ge	 which	 corresponds	 to	 an	 irreversible	
structure	 relaxation	 of	 the	 a-Ge,	 characteristic	 of	 non-equilibrium	
amorphous	phases.	After	 the	 rapid	heating	 to	955	K	 the	Ge	 layer	 remains	
amorphous.	No	changes	were	observed	in	the	Raman	spectra,	which	agrees	
with	 the	monotonic	 behaviour	 of	 the	 first	 calorimetric	 scan	 between	 803	
and	955K.		

	 	
• Heating	to	1010	K,	slightly	above	the	onset	of	the	endothermic	calorimetric	

peak	of	the	first	scan,	induces	some	changes	in	the	structure	of	the	film	and	
the	 micro-Raman	 indicates	 now	 a	 partially	 nanocrystalline/amorphous	
structure.	 The	 Raman	 spectrum	 exhibits	 a	 sharp	 peak	 at	 296	 cm-1,	
associated	to	the	optical	Raman	mode	of	crystallized	Ge	on	top	of	the	broad	
band	of	a-Ge.		

	
• The	shift	of	 the	Ge	peak	 frequency	with	respect	 to	 the	value	 for	bulk	c-Ge	

(301	cm-1),	might	be	due	to	confinement	effects	in	the	Ge	nanocrystals.	By	
inspection	 of	 the	 phonon	 dispersion	 in	 Ge	we	 infer	 that	 a	 shift	 of	 5	 cm-1		
corresponds	to	an	average	nanocrystal	size	of	at	most	10	nm.		

	
• The	absence	of	a	Si–Ge	phonon	mode	reflects	no	interdiffusion	nor	mixing	

in	spite	of	the	high	temperatures.		
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 1 Introduction Considerable attention is continu-

ously devoted to the study of the optical and electronic 

properties of semiconductor quantum dots. Growing inter-

est in Ge nanostructures is mainly due to their promising 

applications in advanced electronic devices. In particular, 

possible application of Ge nanocrystals in optoelectronics 

is based on quantum size effects on the optical gap and on 

the photoluminescence [1, 2]. Quantum size effects on 

higher interband transitions are in general less studied, al-

though this is a subject of fundamental interest. In this 

work we have used spectroscopic ellipsometry to measure 

the dielectric functions of Ge nanocrystals and to study the 

quantum confinement effects in the optical response. 

2 Experimental 
 2.1 Samples The samples were obtained by annealing 

of structures where a-Ge was sandwiched between SiO
2
 

layers to minimize heterogeneous nucleation at the inter-

faces. The complete structures were SiO
2
(cap)/a-Ge/SiO

2
 

(buffer)/Si(substrate), all sequentially deposited by e-beam 

evaporation on a 4″ Si wafer. Several a-Ge film thick-

nesses between 2 nm and 50 nm were obtained with help 

of a sliding shutter. To study the crystallization after dif-

ferent heating treatments, the wafer was cut and each piece 

was annealed in vacuum only once. The setpoint tempera-

tures were reached in 80 s and samples kept hot during 

30 min. 

We studied the dielectric functions of Ge nanocrystals ob-

tained by crystallization of amorphous Ge thin films embed-

ded in SiO
2
. Partial crystallization of films was induced by 

thermal annealing. Crystalline regions gave rise to clear spectral

features due to interband transitions whose critical point pa-

rameters correlated with the initial a-Ge thickness. These 

changes were clearly attributed to quantum confinement effects. 
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 2.2 Ellipsometric measurements Measurements 

were done at room temperature using a rotating polarizer 

ellipsometer in the spectral range from 0.7 eV to 5 eV.  

The ellipsometric spectra were analyzed with a 5-phase 

(ambient/SiO
2
/film: unknown/SiO

2
/Si substrate) multilayer 

model. To obtain all layer thicknesses for every sample, 

the dielectric functions of the Si substrate and of the SiO
2
 

were fixed to reference values [3, 4]. The Ge films were 

treated as unknowns and their dielectric functions were pa-

rameterized using splines as previously described [5]. This 

general parameterization is very useful to fit layer thick-

nesses in the same way for all samples, without having to 

introduce different explicit models for the Ge layers. Al-

though oxide thicknesses were similar in all samples, 

around 15 nm (cap layers) and 100 nm (buffer layers), 

these parameters were allowed to vary in each particular 

case. From this analysis it was clear that different tanΨ  

and cos ∆ spectra obtained for different annealing tempera-

tures were almost exclussively due to changes in the di-

electric functions of the Ge films. These changes indicated 

that, for increasing annealing temperature the as-deposited 

amorphous layers gave rise to an amorphous Ge matrix 

with Ge crystallites, and eventually a fully crystallized Ge 

film. Figure 1 shows the dielectric function obtained from 

a fit for one sample with a 10 nm thick Ge layer that was 

annealed at 600 °C. Using as reference the spectra of a-Ge 

and of crystallized nc-Ge deduced in totally amorphous 

and totally crystallized samples, we evaluated volume frac-

tions (±5%) of amorphous and crystallized material by ap-

plying the Bruggeman effective medium approximation [6]. 

Conversely, using these volume fractions and the effective 

dielectric functions fitted in every case, it is possible to 

calculate the contribution from the crystalline fraction, as 

shown in Fig. 1. This spectrum shows representative fea-

tures obtained in this study for many samples. First, the di-

electric function shows lower values compared to bulk Ge, 

both in the real and imaginary part [7–10]. Also, the E
2
 

critical point is apparently weaker than the E
1
. Finally, in 

the thinnest Ge films, we obtain an increased absorption 

near 0.8 eV. 
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Figure 1 Dielectric function fitted with splines for a 10 nm thick 

Ge layer after annealing at 600 °C. Thick lines are the fitted  

effective dielectric functions. Thin lines indicate the dielectric 

function of the crystalline fraction, determined to be 60% in vol-

ume. 

 In order to accurately determine the energies of inter-

band transitions in the Ge layers, we used the layer thick-

nesses obtained from the above described analysis, and 

calculated point-by-point dielectric function spectra by 

numerical inversion. They basically coincided with the 

spline but contained more detail, although some portions of 

the spectra were very noisy. Then we numerically built the 

second derivative and fitted the observed critical point 

(CP) parameters [11] by using analytic lineshapes. We 

chose direct-space rather than reciprocal-space analysis 

[12] because the former is more reliable in the case of two 

close CPs, like spin-orbit split counterparts. The best re-

solved transitions in these samples were in general the 
1

E  

and 
1 1

E + D  interband transitions, as shown in the Title fig-

ure for the same sample of Fig. 1. All spectra were well 

described by 2D lineshapes, which are suitable for a bulk-

like Ge band structure [11]. 

 

 3 Results and discussion We show representative 

results of critical point parameters for two series of sam-

ples with 50 nm and 10 nm thick Ge layers. We focus on 

the spectral regions of 
1

E  and 
2

E  transitions. The 
0

E ¢  CP 

was too broad and noisy and could not be reliably fitted.  
 3.1 E1 transitions Figure 2 shows the energies and 

linewidths obtained for E
1
 and 

1 1
E + D  interband transitions 

in the investigated samples. Comparing the obtained be-

havior as a function of annealing temperature for 50 nm 

thick and 10 nm thick Ge films we observe larger  

blueshifts with respect to bulk Ge for the thinner films. 

However, the splitting 
1

D  is approximately constant for all 

samples, and it coincides with that of bulk Ge. This is con-  
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Figure 2 Transition energies (a) and linewidths (b) for the E
1
 and 

E
1
 + ∆

1
 critical points as a function of annealing temperature. 

Symbols display fitted values and curves are guides to the eye. 

Horizontal dashed lines provide reference values for bulk crystal-

line Ge. 
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sistent with results from X-ray diffraction and from Raman 

scattering indicating that the Ge crystallites are free from 

strain, and also not intermixed with Si. Therefore, the blue-

shifts are attributed to quantum confinement effects [13], 

as it was previously reported using resonant Raman scat-

tering in similar systems [14, 15]. Therefore, we relate a 

larger blueshift to a smaller crystallite size. According to 

this and the results of Fig. 2 the crystallite sizes in the 

50 nm thick samples increase for increasing annealing 

temperatures, tending to bulk values. On the contrary, in 

the 10 nm thick films, sizes are roughly constant with tem-

perature and smaller than in 50 nm thick films. At the same 

time, the crystallized volume fraction in the 10 nm thick 

films remains constant as well, whereas it increases with 

temperature in 50 nm thick films. A simple 
2

1 R/  depend-

ence [14–16] allows to estimate these sizes. We obtain 

particle radii R  around 7 nm for the three 10 nm thick Ge 

films of Fig. 2. In the 50 nm thick films, radii increase 

from 8.3 nm to more than 15.3 nm, which is the estimated 

1
E  exciton size. The binding energy of this exciton in the 

model is estimated to be 25 meV, which is the value of kT  

at room temperature. The calculated sizes are obviously an 

approximation, but the order of magnitude is consistent 

with the film thicknesses. All results together suggest that 

crystallites can only grow to a size which is roughly equal 

to the initial layer thickness. This mechanism was pro-

posed by Williams et al. [17]. The increased broadening of 

the transitions is roughly correlated with the confinement 

energy, that is, it probably indicates a reduced lifetime [18], 

although a contribution due to crystallite size inhomogene-

ity cannot be excluded. 

 

 3.2 E2 transitions The spectral region of 
2

E  transi-

tions is more difficult to analyze, especially for smaller 

film thicknesses, where an increased broadening of these 

transitions is observed and consequently more noise into 

the second derivative spectra is introduced. In Fig. 3 we 

have plotted the well-resolved results for the 50 nm thick 

films annealed at different temperatures. A numerical de-

rivative with its fit is shown in Fig. 3(a), and the evolution 

with temperature of energies and linewidths is shown in 

Fig. 3(b) and (c), respectively. We observe that 
2

E  energies 

also exhibit a small blueshift, but the main effect is an in-

creased broadening. The critical point amplitude is similar 

for all samples, but due to the large linewidth, the 
2

E  tran-

sitions appear weaker than in bulk Ge, as mentioned in 

Section 2.2. 

 

 3.3 Samples annealed at 900 °C The raw ellip-

sometric spectra of samples annealed at 900 °C were for all 

thicknesses qualitatively different from those previously 

discussed. It was not possible to understand such spectra 

based on the effective medium approximation using known 

spectra of a-Ge and of crystallized nc-Ge from other sam-

ples. Applying the multilayer model and spline parameteri-

zation of the Ge layer, different fits were possible and in 

general gave very large film thicknesses and very low val-

ues of the dielectric functions. We used cross section 

transmission electron microscopy (TEM) as complemen-

tary tool to investigate the structural changes occurring at 

900 °C, as shown in Fig. 4(a) in the case of a 6 nm thick 

layer. At this temperature the Ge films dewet and form is-

lands much thicker than the initial a-Ge thickness, creating 

a mixed layer with SiO
2
 and also voids. In this case, ex-

tracted from the TEM images, we used a thickness of 

30 nm for the Ge-containing layer and found the imaginary 

part of the dielectric function of Fig. 4(b). We do not at-

tempt to extract the contribution of the Ge islands, because 

the void fraction cannot be evaluated from the images. 

However,  the  observed electronic  transitions are  associ- 
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Figure 3 (a) Second derivative of the dielectric function obtained for the 50 nm thick film annealed at 700 °C. Points are experimental 

values and lines are fitted using 2D lineshapes. The arrow marks the E
2
 interband transition energy obtained from fit. (b), (c) Energies 

and linewidths fitted for 50 nm thick films annealed at different temperatures. Symbols display fitted values, lines are guides to the eye. 

Horizontal dashed lines provide reference values for bulk crystalline Ge. 
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Figure 4 (a) Transmission electron microscopy cross sectional view of the sample with originally 6 nm thick a-Ge layer after anneal-

ing at 900 °C. (b) Imaginary part of the effective dielectric function fitted for the Ge-containing layer of this sample. 

 

ated to the Ge islands. Comparing with Fig. 1 there are 

some similarities, like the increased absorption around 

1 eV and the loss of spectral strength around 4 eV. This 

very low value of 
2

ε· Ò  for the 
2

E  CP is partially due to the 

effects of mixing with SiO
2
 and voids and the large ex-

pected broadening. There are other causes that we cannot 

quantify, among them the dispersion of crystallite sizes. 

 

 4 Conclusion The investigation of a-Ge thin films 

embedded in SiO
2
 by spectroscopic ellipsometry allowed 

us to follow the crystallization onset and progress as a 

function of annealing temperature. The effective dielectric 

function spectra that were obtained for the different layers 

annealed below 900 °C could be described by Bruggeman 

mixtures of amorphous and crystalline material. However, 

the spectra of nanocrystalline Ge displayed changes with 

respect to bulk Ge that were ascribed to size effects. In par-

ticular, the interband transitions E
1
, 

1 1
E + D , and E

2
 exhib-

ited blueshifts and broadenings attributed to quantum con-

finement. Spectra of samples annealed at 900 °C could not 

be interpreted in the same way as those for lower tempe- 

ratures. Complementary structural study by transmission 

electron microscopy showed that those films contained iso-

lated nanocrystals within the SiO
2
 matrix. 
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Abstract

The crystallization temperature of ultrathin films of a-Ge sandwiched between SiO2 layers increases with decreasing
thickness and also with the heating rate. Based on this premise we used ultrafast heating to probe the amorphous-to-liquid
transition in ultrathin films of amorphous Ge. Upon cooling, the melt solidifies into nanocrystalline Ge. We show that
sensitive nanocalorimetric measurements can provide kinetic and thermodynamic information involved during the
amorphous-to-liquid- and nanocrystalline-to-liquid-phase transitions in the Ge system. A 3-nm a-Ge ultrathin layer is
condensed from an e-beam evaporator under high vacuum conditions onto the 180 nm thick free-standing SiNx

membranes of the calorimeters that form the calorimetric cells. The a-Ge film is sandwiched between a-SiO2 layers to
minimize heterogeneous nucleation at the interfaces. Nanocalorimetric measurements are carried out in-situ inside the
e-beam setup. The apparent heat capacity (Cp) of the a-Ge layers is extracted measuring the power released to the sample
at fast heating rates (104–105K/s), in the temperature range from 350 to 1200K.
r 2006 Published by Elsevier Ltd.

Keywords: Nanocalorimetry; Ge thin films; Melting

1. Introduction

Ge nanocrystals embedded in SiO2 have attracted
a strong interest in the scientific community due to
their potential applications in optoelectronics,
because of its light-emitting properties, and in
high-speed and low-power logic and memory
devices [1,2]. A promising way to synthesize Ge
nanocrystals within a SiO2 matrix film is by high-
temperature annealing of SiO2/a-Ge/SiO2 trilayer
structures [3]. The ability to obtain a suitable

distribution of nanocrystals with a specific size
relies on a deep knowledge of the kinetics and
thermodynamics involved in the nucleation and
growth process. A suitable technique to characterize
these properties during and after the synthesis
process is Calorimetry. However, few data regard-
ing crystallization and melting behavior for Ge thin
films [3,4] or nanocrystals [1] can be found in the
literature. The main difficulty to such measurements
is related to sensitivity limitations of conventional
differential scanning calorimetry (DSC) on measur-
ing small samples. The development of Silicon
micromachining techniques associated to the silicon
technology has enabled the scaling down of
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membrane-based nanocalorimeters able to measure
small samples, ranging from pg to ng, with a high
sensitivity [5,6].

In the present work we show the use of a scanning
nanocalorimeter at temperatures up to 1300K and
report preliminary results on ultrafast heating of a
trilayer structure formed by a 3-nm a-Ge layer
sandwiched between 10 nm SiO2 thin films. Struc-
tural characterization was performed by micro-
Raman spectroscopy.

2. Experimental

2.1. Microreactor fabrication

Nanocalorimeters were fabricated at the clean
room of the Instituto de Microelectrónica de
Barcelona (IMB-CNM) using standard microfabri-
cation technologies. Details of the microfabrication
procedure are reported in detail elsewhere [7]. To
achieve high-temperature stability a 150 nm Al2O3

protective layer was grown on top of the 100 nm
Pt/10 nm Ti heater and sensor. Membrane shape
and dimensions and heater design were optimized to
achieve good electrical and mechanical stability
preventing heater damage and buckling formation
in all the measuring range up to 1300K. Over these
temperatures, some degradation appears due to
electromigration and agglomeration [8].

2.2. Experimental procedure for nanocalorimetric
measurements

Fig. 1 shows a schematic cross-section (A) and a
3D view (B) of the nanocalorimeter and its four-
point measuring configuration. The calorimetric cell
is heated by Joule effect introducing a constant
pulse of current (I) through the metallic heater. The

power and its average temperature are obtained
from a simultaneous 4-point measurement of the
voltage drop (V(t)) while the current is flowing. The
temperature is determined using the coefficient of
resistance which is measured in a previous calibra-
tion. The specific U-shaped design of the heater
enables measurements from slow heating rates (few
K/s) in power compensation [9] to ultrafast heating
rates (4104K/s) [6-7]. Using current pulses in the
range of !10mA, the calorimetric cell increases its
temperature at heating rates of 5" 104K/s, around
50 times faster than typical cooling rates at
temperatures below 700K. Therefore at such
temperatures the nanocalorimeter behaves quasi-
adiabatically and the heat capacities for each
calorimetric cell can be obtained from

CpðTðtÞÞ ¼
PðtÞ
bðtÞ

,

where P is the power introduced in the calorimetric
cell and b is the heating rate. At higher tempera-
tures, heat losses should be taken into account in
order to determine the heat capacity of the sample,
since the above expression is transformed into

CpðTðtÞÞ ¼
1

bðtÞ
ðPðtÞ & PLossÞ,

where Ploss refers to the power lost by heat
conduction through the membrane and thermal
radiation. Under the assumption that the tempera-
ture profile during heating and cooling are identical,
one can estimate the thermal resistance and
emissivity of the nanocalorimeter by means of the
characteristic T(t) cooling curve. The percentage of
power losses at high temperatures is large, however,
a differential measurement between two nearly
identical calorimetric cells, one with sample (sample
calorimetric cell, SCC) and the second one acting as
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a reference (reference calorimetric cell, RCC),
decreases its contribution and improves the accu-
racy of the measurement [10]. The main limitation
to perform accurate high-temperature nanocalori-
metry relies on the assumption that heat losses are
similar in both calorimetric cells. We use a Si
microfabricated shadow mask (Fig. 1) to deposit
only in the sensing area of the cell. Therefore, if the
conductivity of the sample does not change sig-
nificantly, the thermal resistance between the
membrane and the silicon frame can be considered
the same for both cells. The treatment of the
radiative losses is more difficult to handle. Whereas
emissivity measurements at each temperature may
be required for a precise determination of the
sample heat capacity, the growth of a top SiO2

capping layer is used to minimize the difference
between both calorimetric cells.

2.3. Nanocalorimetry experiments

A nanocalorimetric twin system was mounted
inside the HV e-beam evaporator chamber of the
Thin-Film Laboratory at UAB. The device was
placed in a custom-built pogopin probe designed to
contact the electrical pads and to align the Si-
microfabricated shadow mask. Two independent
shutters give the possibility to make a selective

deposition on the different calorimetric cells, see
Fig. 2. We follow the general procedure described
by Allen et al. [10]. Once the system is aligned and
under high vacuum, typically 5! 10"2 Pa, 1000
consecutive heating ramps are carried out until
1250K with the same current values that will be
used in the subsequent experiments. A current of
13mA was chosen to attain heating rates of
5! 104K/s. This procedure guarantees the thermal
stability in the measuring range and also cleans the
membrane from organic contamination. A buffer
thin film SiO2 with a nominal thickness of 10 nm
was evaporated onto both membranes; the mass
evaporated is measured by a previously calibrated
crystal quartz monitor (CQM). The SiO2 layer is
deposited to inhibit the heterogeneous nucleation of
Ge at the interface [1,4]. After the first deposition of
SiO2, 500 high temperature scans are performed and
averaged to extract the calorimetric baseline. The
baseline gives the initial difference in heat capacities
between both calorimetric cells, SCC and RCC.
Afterwards, a shutter is positioned to block the
RCC, and the 3 nm a-Ge layer is evaporated from a
pure Ge pellet onto the SCC. The temperature of
the CCS during deposition was around 300K, and
the growth rate was 0.1 nm/s. Finally, a capping
layer of 10 nm of SiO2 was deposited on top of both
CC covering the a-Ge sample.
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2.4. Raman spectroscopy

Raman spectroscopy was carried out in back-
scattering geometry with a high-resolution LabRam
HR800 spectrometer, using the 514.5 nm line of an
Ar-ion laser for excitation. The beam was focused
onto the sample with a spot size of about 1 mm and a
laser power of 2mW.

3. Results and discussion

The structure of the as-deposited Ge thin film was
confirmed to be fully amorphous by plane-view
transmission electron microscopy (TEM) images
and selected area electron diffraction (SAED)
patterns. EDX nanoanalysis with a spot size of
5 nm confirmed the continuity of the as-deposited
film.

Fifty consecutive nanocalorimetric scans were
performed from room temperature up to 1200K on
a sample of SiO2/a-Ge/SiO2 with a nominal Ge
thickness of 3 nm. Three of the calorimetric traces
obtained are shown in Fig. 3. It is important to
highlight that these curves correspond to single
scans from which the averaged baseline contribu-
tion is subtracted. The first scan shows a one-time
irreversible broad peak on the low-temperature
region (see inset) and a large endothermic peak
centered at 1080K while after the second scan a

reversible reaction at slightly higher temperatures is
shown to be highly reproducible. The elevated
increase in heat capacity at the higher end may be
due to uncorrected heat losses and it is being the
object of further analysis. In order to identify the
nature of the reactions involved in these scans, a
sample of a-Ge sandwiched between 10 nm of SiO2

was grown on top of another nanocalorimeter.
Fig. 4 shows a systematic study of the sample
structure performed by micro-Raman spectroscopy
after rapid heating, 5! 104K/s, within the nanoca-
lorimeter up to different temperatures. The micro-
Raman spectrum of the as-deposited sample shows
a broad peak centered near 270 cm"1 which
corresponds to a-Ge [11]. After heating to 803K,
the Raman spectrum remains as for a-Ge, however,
the low-frequency shoulder at 220 cm"1 disappears.
Comparing this result with the apparent heat
capacity data, we can associate this change with
the broad exothermic peak of the a-Ge which
corresponds to an irreversible structure relaxation
of the a-Ge, characteristic of non-equilibrium
amorphous phases [12]. After the rapid heating to
955K the Ge layer remains amorphous. No changes
were observed in the Raman spectra which agrees
with the monotonic behavior of the first calori-
metric scan between 803 and 955K. Heating to
1013K, slightly above the onset of the endothermic
calorimetric peak of the first scan, induces some
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changes in the structure of the film and the micro-
Raman indicates now a partially nanocrystalline/
amorphous structure. The Raman spectrum exhibits
a sharp peak at 296 cm!1 associated to the optical
Raman mode of crystallized Ge on top of the broad
band of a-Ge. The shift of the Ge peak frequency
with respect to the value for bulk c-Ge (301 cm!1),
might be due to confinement effects in the Ge
nanocrystals. By inspection of the phonon disper-
sion in Ge we infer that a shift of "5 cm!1

corresponds to an average nanocrystal size of at
most 10 nm. The absence of a Si–Ge phonon mode
reflects no interdiffusion and mixing in spite of the
high temperatures. The above findings support the
idea that the endothermic peak of the first calori-
metric scan is due to an amorphous-to-liquid
transition because crystallization is hindered upon
heating by the fast heating rates and the small
thickness of the layer. The onset of melting is
around 1000K, close to the value predicted from the
intersection of the liquid and amorphous free-
energy curves, which gives a value of 970K. Since

Ge changes from a fourfold coordinated structure in
the solid state to a 12-fold metallic structure in the
liquid the transition of amorphous-to-liquid is first-
order in nature and should be observed by an
abrupt change of the heat capacity. During cooling,
due to the lower cooling rate, solidification occurs
and the previously small melted fraction transforms
into nanocrystalline Ge. Heating to higher tempera-
tures, 1193K, results in complete melting of the
a-Ge layer. The micro-Raman spectrum after cool-
ing back shows only the contribution from crystal-
line Ge which is again formed upon solidification of
the melt. Comparing the two last spectra, we
observe a clear reduction in the intensity of the
fully crystallized Ge peak as well as a shift towards
the bulk frequency, indicating a smaller confinement
in the last one. The peak intensity is resonantly
enhanced in the nanocrystals due to E1-like electro-
nic transitions close to the exciting laser energy. In
bulk Ge the enhancement occurs at lower energy,
"2.2 eV which is consistent with the loss of
resonance in the highest heated sample. AFM
imaging of the sample after a first complete scan
to 1200K shows the formation of nanoislands with
an average height around 12 nm. The other two
calorimetric traces in Fig. 3 show the melting of
nanocrystalline Ge, formed after melting of the
amorphous material and nanocrystallization on
cooling. The onset for melting of a nanocrystalline
Ge layer with a nominal thickness of 3 nm Ge is
1090K. This value is 125K lower than the melting
temperature for bulk crystalline Ge, 1210K. More
experiments with nanocrystals of different sizes are
needed since the depression seems to be smaller than
expected from size-dependent effects [13]. This
behavior could be attributed to the high Hamaker
constant of Ge which may facilitate superheating of
the nanocrystals above the expected melting tem-
perature. Further corrections of the heat losses
during the melting transition are necessary to
extract reliable values of the transition enthalpy.

4. Conclusions

We have performed nanocalorimetric measure-
ments on a 3-nm a-Ge sandwiched between 10 nm
SiO2 layers. In the first scan, the calorimetric curve
shows the structure relaxation of the a-Ge and the
amorphous-to-liquid melting transition with an
onset temperature close to 1000K. During cooling
to room temperature solidification results in
the nanocrystallization of the sample and in the
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second and subsequent scans the calorimetric
curve shows the crystalline-to-liquid transition of
the nc-Ge structure. The onset for melting of nc-Ge
occurs at 1090K, 125K below the bulk melting
temperature.

Acknowledgments

We thank Dr. F.J. Muñoz from the IMB-CNM
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2.3 Rolled-up	semiconductor	microtubes	
	
Self-assembling	 of	 3D	 islands	 is	 just	 one	 of	 the	 possible	 pathways	 for	 strain	
relaxation	 when	 a	 multilayer	 of	 pseudomorphic	 materials	 is	 grown.	 Strain-
engineered	nanoscale	materials	can	be	used	to	fabricate	quite	a	variety	of	different	
nanometer-sized	objects	with	special	properties	and	a	big	potential	for	application	
in	micro-devices.		
	
Strain-driven	 engineering	 is	 a	 bottom-up	 approach	 to	 obtain	 objects	 whose	
positions	and	dimensions	depend	critically	on	the	design	and	elastic	properties	of	
the	starting	semiconductor	multilayer	structures.	
Rolled-up	nanotubes,	for	example,	can	be	obtained	from	strained	heterostructures	
after	 releasing	 the	 multilayer	 structure	 from	 the	 substrate	 by	 selective	 etching.		
The	basic	idea	behind	the	strain-driven	engineering	is	that	strained	thin	films	tend	
to	acquire	a	different	equilibrium	shape	in	order	to	minimize	their	elastic	energy.		
	
Apart	from	micro-	and	nanotubes,	it	is	also	possible	to	take	advantage	of	the	built-
in	 strain	 in	 semiconductor	 epitaxial	 layers	 to	 build	 up	 self-standing	microhinges	
bending	 until	 reaching	 an	 equilibrium	 position	 with	 a	 controlled	 radius	 of	
curvature.	These	flexible	hinges	are	the	building	blocks	for	a	method	of	fabrication,	
denominated	micro-origami,	 which	 can	 be	 used	 to	 prepare	 a	 number	 of	 smart	
integrated	 devices	 such	 as	 micro-mirrors,	 microstages,	 and	 others	 with	 a	 wide	
range	of	applications	in	microelectronics,	optoelectronics,	and	biology.	Production	
of	 future	 micro-optoelectromechanical	 systems	 (MOEMSs)	 in	 which	 the	 built-in	
strain	is	expected	to	change	their	electronic	band	structure	as	well	as	their	optical	
properties,	will	certainly	require	adequate	control	over	the	fabrication	process	by	
being	able	to	tailor	the	strain	in	the	device.	Then,	it	is	desirable	to	count	on	a	fast,	
noninvasive,	 and	 spatially	 resolved	 characterization	 technique	 such	 as	 micro-
Raman	 scattering,	which	 allows	 for	 the	 determination	 of	 the	 strain	 in	 the	 ready	
device.	
	
Light	 can	be	used	 to	 characterize	 these	materials	but,	 on	 the	other	end,	photons	
can	 be	 employed	 as	 the	 core	 principle	 to	 unveil	 properties	 of	 the	 environment	
where	 the	microtube	 device	 is	 exposed,	 converting	 this	 functional	material	 in	 a	
sensor.	 By	 nature	 a	 microtube	 acts	 like	 a	 fantastic	 capillary	 for	 microfluidic	
applications	and,	if	we	combine	light	probing	with	fluidics,	we	obtain	a	prototype	
of	 an	 opto-fluidic	 device.	 The	 “rolled-up	 nanotech”	 is	 an	 excellent	 candidate	 for	
designing	cheap	and	reliable	optofluidic	systems.	The	strain	gradient	stored	inside	
a	 thin	 layer	can	be	conveniently	exploited	 to	cause	spontaneous	curling	of	a	 thin	
film	 into	 a	 microtube	 by	 a	 simple	 single-step	 underetching	 procedure.	 The	
microtube	acts	both	as	a	waveguide	with	light	confined	in	the	tube	walls,	and	as	a	
ringlike	resonator	with	optical	resonant	modes	sensitive	to	the	fluid	flowing	inside	
of	 the	microdevice.	 The	 fabrication	 process	 can	 be	 relatively	 cheap	 and	 scalable	
with	 an	 intelligent	 strategy	 for	 positioning	 and	 integration	 of	 the	 optofluidic	
components.	 Therefore,	 there	 is	 a	 big	 potential	 of	 monolithically	 integrating	 an	
optofluidic	function	into	mainstream	Si	technology	to	build	a	Lab-on-a-chip.	
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2.3.1 Probing	strain	in	microtubes	by	micro-Raman	spectroscopy	
	
We	showed	how	Raman	spectroscopy	can	be	used	as	a	sensitive	diagnostic	tool	to	
obtain	 a	 postprocessing	 feedback	 on	 strain	 engineering	 for	 further	 design	
optimization	 applied	 to	 the	 case	 of	 InGaAs/GaAs	 microtubes.	 Starting	 from	 an	
elastic	model	of	the	actual	microtubes	produced	by	the	“micro-origami	method”	we	
derived	analytical	expressions	for	the	relevant	components	of	the	strain	tensor	in	
cylindrical	 coordinates,	which	 are	 then	used	 to	 calculate	 the	 expected	 frequency	
shifts	of	the	optical	phonons	of	the	constituent	materials.	
In	particular	we	obtain	the	expressions	for	the	radial	(!!!)	and	hydrostatic	(!!!"#$)	
strain	components	at	the	surface	of	the	microtube	which	are	directly	related	to	the	
phonon	 frequency	 shift	 which	 we	 expect	 to	 measure	 by	 Raman	 scattering	 (LO	
mode):	
	

!!! =
2

! − 1! !!" + !!!
 ∆!!"!!

	

	

!!!"#$ =
2! − 1
!   !!! 	

	
	

To	 fabricate	 the	 microtubes	 a	 multilayered	 structure	 was	 grown	 by	 molecular-
beam	 epitaxy	 on	 a	 GaAs	 (001)	 substrate.	 The	 structure	 consists	 of	 80	 nm	 of	
sacrificial	layer		Al0.52Ga0.48As/AlAs,	a	strained	layer	of	In0.19Ga0.81As	(each	sample	
has	 a	 different	 thickness),	 and	 a	 GaAs	 top	 layer	 (55	 nm).	 Once	 defined	 narrow	
trenches	along	the	[001]	direction	using	photolithography,	the	sacrificial	layer	was	
selectively	etched	with	HF:	as	a	consequence,	the	freestanding	multilayer	rolls	up	
like	a	carpet	to	minimize	elastic	energy.	
	
Raman	 spectra	 were	 collected	 at	 room	 temperature	 using	 a	 Jobin-Yvon	 T6400	
Raman	spectrometer	and	with	different	 lines	of	an	Ar+	 laser	as	excitation	source.	
The	size	of	the	laser	spot	was	2	µm,	and	the	laser	power	on	the	sample	was	about	2	
mW.	 Measurements	 were	 performed	 in	 backscattering	 geometry	 with	 crossed	
polarization	 (to	 select	 the	 LO	 phonon	 mode)	 by	 focusing	 the	 laser	 beam	 on	
different	regions	of	the	samples:	on	the	tubes	and	on	the	as-grown	regions	nearby.	
	

• When	the	laser	is	focused	onto	the	microtube	the	outer	layer	of	material	is	
the	 strained	 In0.19Ga0.81As	 thin	 film.	 For	 this	 reason	 an	 interchange	 of	
intensity	 is	 observed	 between	peaks	 corresponding	 to	 the	 LO	phonons	 of	
InGaAs	 and	 GaAs,	 if	 we	 compare	 with	 the	 spectra	 collected	 from	 the	 as-
grown	areas.	

	
• The	 peak	 attributed	 to	 the	 In0.19Ga0.81As	 LO	 phonon	 is	 shifted	 from	 the	

expected	mode	frequency	for	this	alloy	composition.	This	shift	is	obviously	
due	to	the	residual	strain	of	the	bent	layer.	
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• Microtubes	 with	 different	 radii	 of	 curvature	 are	 also	 characterized	 by	 a	
different	 strain	 field	 inside	 the	 bilayer	 constituting	 the	 tube	 wall	 and	
consequently	they	exhibit	a	different	phonon	frequency	shift.		

	
• The	values	 obtained	 for	 the	hydrostatic	 and	 radial	 strain	 components	 are	

clearly	 correlated	 with	 the	 radius	 of	 curvature	 of	 the	 microtubes.	 We	
observe	a	striking	crossover	from	compressive	to	tensile	strain	(hydrostatic	
component)	of	the	thin	InGaAs	layer,	when	the	radius	decreases	from	4.5	to	
less	than	3.0	µm.	

	
• The	 values	 of	 strain	 obtained	 by	 Raman	 match	 quite	 well	 with	 the	

predictions	 of	 the	 elastic	 model	 describing	 the	 strain	 status	 of	 the	
microtubes.	 Results	 point	 to	 strain	 relaxation	 along	 the	 tube	 axis	 for	 the	
samples	with	thicker	layers	of	InGaAs.			
	

	
To	gather	further	information	about	the	strain	not	only	at	the	surface	of	the	tube	
but	 also	 at	 different	 depths	 within	 the	 tube	 wall,	 we	 have	 investigated	
nanostructures	 consisting	 of	 microtubes	 fabricated	 by	 rolling-up	
InGaAs/AlGaAs/GaAs(QW)/AlGaAs/GaAs	 multilayers.	 The	 GaAs	 quantum	 wells	
(QW)	 are	 buried	 at	 known	 depths	 inside	 the	 tube	 wall.	 By	 comparison	 of	 the	
experimental	results	with	calculations	of	 the	strain	tensor	components	within	an	
elastic	model	 for	 stratified	media	we	 gained	 insight	 into	 the	way	 the	multilayer	
material	deforms	while	 it	 takes	 its	 final	shape	of	a	 tube.	Notice	 that	 from	Raman	
analysis	 it	 is	 possible	 to	 obtain	 the	 hydrostatic	 and	 radial	 strain	 components	
without	knowing	the	strain	component	along	the	tube	axis	(!!  ).	In	contrast,	some	
assumption	 on	 this	 last	 value	 (due	 to	 strain	 relaxation	 along	 the	 tube	 axis,	 for	
example)	is	needed	to	estimate	the	tangential	(!! )	strain	component. 
 

• Raman	spectra	 collected	 from	 the	microtubes	are	 characterized	by	 strong	
peaks	 at	 ~290	 cm-1	 and	 ~390	 cm-1	 ascribed	 to	 GaAs-like	 and	 AlAs-like	
longitudinal	 optical	 (LO)	 phonon	 modes,	 respectively.	 Both	 peaks	 are	
shifted	from	the	expected	bulk	values	due	to	the	strain	stored	in	the	wall	of	
the	 tube.	 Raman	 scattering	 from	 the	 7	 nm	 thick	 InGaAs	 layer	 becomes	
detectable	in	the	tube	spectrum	because	this	thin	strained	layer	is	directly	
at	the	tube	surface	instead	of	being	buried	like	in	the	as-grown	region.	
	

• Taking	into	account	the	penetration	depth	in	InGaAs	and	GaAs	for	the	488	
nm	 laser	 light	 (20–80	nm)	 and	 considering	 the	 exponential	 decay	of	 light	
intensity	 inside	 the	 tube	 wall,	 we	 estimate	 that	 the	 measured	 phonon	
positions	 come	 from	 the	 volume	 of	 material	 closer	 to	 the	 tube	 external	
surface,	 whereas	 scattering	 from	 deeper	 layers	 would	 give	 smaller	
contributions	 forming	 an	 asymmetric	 shoulder	 not	 affecting	 the	 peak	
maxima.	 In	 contrast,	 the	 Al0.7Ga0.3As	 alloy	 has	 a	much	 smaller	 absorption	
coefficient	and	so	we	assume	that	its	peak	position	accounts	for	the	average	
strain	in	the	whole	layer	sandwiched	between	the	InGaAs	film	and	the	GaAs	
QW.	
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• With	 the	 assumption	 that	 the	 highly	 compressed	 InGaAs	 layer	 tends	 to	
expand	 along	 the	 tube	 axis	while	 the	 tube	 rolls	 up,	 the	predictions	 of	 the	
elastic	 model	 match	 very	 well	 the	 experimental	 data	 points	 obtained	 by	
Raman	analysis	for	the	radial	and	hydrostatic	strain	components.	

	
• Comparative	measurements	 in	 a	 second	 sample	 consisting	of	 a	multilayer	

structure	 with	 the	 same	 stressor	 layer	 (7	 nm	 of	 InGaAs)	 but	 a	 thicker	
GaAs/AlGaAs	 layer	 on	 top	 are	 compatible	 with	 the	 assumption	 that	 no	
strain	 relaxation	 takes	 place	 along	 the	 tube	 axis.	 This	 experimental	
observation	is	consistent	with	the	fact	that,	at	fixed	InGaAs	thickness,	if	the	
tube	wall	is	thick	enough	the	thin	strained	layer	is	forced	to	adjust	its	lattice	
parameter	to	the	rest	of	the	structure.	

	
	

2.3.2 Lab-in-a-tube:	on-chip	integration	of	an	optical	ring	resonator	for	biochemical	
sensing		

	
Once	 demonstrated	 the	 possibility	 to	 fabricate	 microtubes	 with	 bottom	 up	
techniques,	with	 easy	positioning	by	 lithography	 and	 availability	 of	 non-invasive	
optical	 techniques	 to	 characterize	 them,	 we	 developed	 a	 prototype	 of	 an	
optofluidic	device	integrated	on	a	silicon	chip.		
	
The	microtube	has	intrinsic	capillary	properties	that	make	it	a	perfect	candidate	as	
a	microfluidic	channel	and,	at	the	same	time,	the	tube	wall	acts	as	a	waveguide	and	
a	 ringlike	 resonator	 with	 characteristic	 whispering	 gallery	 modes	 (WGMs).	 The	
mechanism	 is	 similar	 to	 other	 optical	 ring	 resonators	 based	 on	 microspheres,	
microdisks,	or	micron-sized	glass	capillaries,	but	the	great	advantage	is	that	rolled-
up	microtubes	are	easily	integrated	monolithically	on	a	chip.	
	
In	 this	work,	 we	 test	 the	 possibility	 to	 build	 a	 nanostructured	 refractometer	 by	
inserting	 an	 aqueous	 sugar	 solution	 into	 the	 microtube.	 The	 shifts	 of	 resonant	
mode	 peak	 positions	 are	 analyzed	 and	 compared	 to	 results	 from	 numerical	
simulations.	
	
The	 samples	 were	 processed	 from	 a	 20-nm-thick	 Si	 layer	 strained	 on	 top	 of	 a	
plastically	relaxed	Ge	sacrificial	buffer	layer	grown	on	Si(001)	substrates	at	300	°C	
by	molecular	beam	epitaxy.		Subsequently,	a	25-nm-thick	SiOx	layer	was	thermally	
evaporated	 onto	 the	 strained	 Si	 layer.	 Deep	 trenches	 into	 the	 Ge	 buffer	 were	
defined,	and	the	layers	were	released	from	the	substrate	by	selectively	etching	the	
Ge	sacrificial	layer	with	H2O2.	After	the	formation	of	rolled-up	micro-	tubes	by	the	
downward	bending	of	the	Si	layers,	the	sample	was	annealed	at	850	°C	for	30	min	
to	 induce	 the	 formation	of	 Si	nanoclusters	 in	 the	SiOx	layer,	 creating	 an	optically	
active	medium	inside	the	tube	wall.	The	resulting	structure	consists	of	a	tube	with	
2–3	µm	diameter.	
	
The	 optical	 response	 of	 this	 rolled-up	 Si/SiOx	 microresonator	 was	 studied	 by	
microphotoluminescence	 (µ-PL)	 spectroscopy,	 using	 a	 frequency-doubled	
Nd:YVO4	 laser	 with	 emission	 wavelength	 of	 532	 nm	 as	 excitation	 source	 and	
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collecting	the	emission	band		(600–1000	nm)		associated	with	the	Si	nano-clusters	
embedded	within	 the	 tube	wall.	 Integrated	 PL	 intensity	maps	were	 obtained	 by	
scanning	the	laser	over	the	microtube	with	submicron	steps,	employing	a	two-axes	
microstage	activated	by	dc	motors.	
	
In	order	to	test	the	potential	application	as	an	ultra	compact	blood-glucose	sensor,	
the	microtube	was	 filled	with	 an	 aqueous	 solution	 of	 sugar	 by	 placing	 one	 open	
extremity	of	 the	tube	 in	contact	with	a	droplet	deposited	onto	the	substrate	by	a	
glass	capillary.	
	
By	mapping	 the	 PL	 emission	 of	 the	 fluid-filled	microtube	 it	 is	 possible	 to	 reveal	
spatial	 regions	 with	 two	 distinctive	 spectral	 fingerprints:	 portions	 of	 tube	 filled	
with	 air	 and	 portions	 filled	 with	 sugar	 solution.	 Spectra	 reveal	 peaks	
corresponding	 to	 the	 resonant	modes	 of	 the	 resonator	 and	 these	 peak	 positions	
can	 be	 accurately	 reproduced	 by	 a	 finite-difference	 time-domain	 (FDTD)	
simulation.	 For	 a	 microtube	 filled	 with	 sugar	 solution,	 the	 evanescent	 wave	
penetrates	 more	 pronouncedly	 into	 the	 inner	 part	 of	 the	 tube	 and	 the	 WGMs	
redshift	compared	to	the	air-filled	microtube.	
	

• Keeping	the	simulation	parameters	fixed	we	varied	the	index	of	refraction	
of	 the	 liquid,	 extracting	 a	 value	 of	 sensitivity	 of	 ~62	 nm/RIU	 (Refractive	
Index	 Unit)	 comparable	 with	 other	 existing	 refractometers	 which	 have	
bigger	 channel	 cross	 section.	 This	 means	 that	 the	 microtube	 resonator	
requires	 the	 minimum	 liquid	 volume,	 allowing	 for	 analysis	 of	 femtoliter	
fluid	droplets.		
	

• Taking	 into	 account	 the	 experimentally	 observed	 linewidth	 (~6	 nm),	 we	
estimated	 a	 detection	 limit	 of	 ~	 0.05	 RIU.	 By	 engineering	 the	 tube	 walls	
there	 is	 margin	 for	 improvement	 of	 the	 performance	 of	 the	 microtube	
optical	resonator.		
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We have experimentally investigated nanostructures consisting of free-standing microtubes with
diameters in the micrometer range fabricated by rolling-up InGaAs/GaAs bilayers grown by
molecular-beam epitaxy on a GaAs substrate. The formation of the microtubes is powered by the
built-in strain in the InGaAs layer and they develop after releasing the bilayer structure from the
substrate by selective etching. Through micro-Raman spectroscopy we were able to detect the
residual strain of the microtube, which results in a frequency shift of phonon modes measured on the
tube as compared with reference unstrained material. We developed a simple elastic model to
describe the measured phonon frequency shifts, from which we estimate the strain status of the
microtube. Results demonstrate the power of Raman spectroscopy as a diagnostic tool for
engineering of strain-driven self-positioning microelectromechanical systems. © 2006 American
Institute of Physics. #DOI: 10.1063/1.2183353$

I. INTRODUCTION

An emerging class of three dimensional micro- and
nanometer-sized objects can be fabricated by strain-driven
engineering, a bottom-up approach to obtain objects whose
positions and dimensions depend critically on the design and
elastic properties of the starting semiconductor multilayer
structures. Rolled-up nanotubes, for example, can be ob-
tained from strained heterostructures after releasing the
multilayer structure from the substrate by selective etching.1

The basic idea behind the strain-driven engineering is that
strained thin films tend to acquire a different equilibrium
shape in order to minimize their elastic energy. Apart from
micro- and nanotubes it is also possible to take advantage of
the built-in strain in semiconductor epitaxial layers to build
up self-standing microhinges bending until reaching an equi-
librium position with a controlled radius of curvature.2 These
flexible hinges are the building blocks for a method of fab-
rication, denominated micro-origami, which can be used to
prepare a number of smart integrated devices such as micro-
mirrors, microstages,3,4 and others with a wide range of ap-
plications in microelectronics, optoelectronics, and
biology.5,6 Production of future microoptoelectromechanical
systems !MOEMSs" in which the built-in strain is expected
to change their electronic band structure as well as their op-
tical properties,7 will certainly require adequate control over
the fabrication process by being able to tailor the strain in the
device.

In this respect, it is desirable to count on a fast, nonin-
vasive, and spatially resolved characterization technique
such as micro-Raman scattering, which allows for the deter-
mination of the strain in the ready device and for comparison
with modeling results. It is well known that the presence of
strain lowers the symmetry of the crystalline semiconductor,
such that the optical phonons split and shift in frequency, as
compared with the unstrained material. Micro-Raman
!!-Raman" scattering is a particularly suitable method to
probe these phonon-frequency shifts with large spatial reso-
lution up to 1 !m, thus, to map the magnitude of strain in
micrometer-sized objects, such as self-rolled microtubes
!MTs".

In this work we show how !-Raman spectroscopy can
be used as a sensitive diagnostic tool to obtain a postprocess-
ing feedback on strain engineering for further design optimi-
zation applied to the case of InGaAs/GaAs microtubes.
Starting from an elastic model of the actual microtubes pro-
duced by the origami method we derive analytical expres-
sions for the relevant components of the strain tensor in cy-
lindrical coordinates, which are then used to calculate the
expected frequency shifts of the optical phonons of the con-
stituent materials. The strain is then mapped out over the
device by measuring vibrational spectra with a !-Raman
setup.

II. THEORY

A. Elastic model for a free-standing microtube

The origami method for fabricating micro- and nano-
tubes is based on the epitaxial growth of a bilayer of differ-
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ent materials with a built-in misfit strain. As the strained film
is detached from the substrate, the interatomic forces in the
compressed and stretched layers tend to accommodate the
strain by changing interatomic distances. These forces in the
two layers are oppositely directed and produce a momentum
of force that acts to bend the planar double-layer film giving
form to a self-rolled microtube !see Fig. 1". Once the equi-
librium shape is reached, the material constituting the wall of
the tube is characterized by a residual strain. If we consider
the circumferential !in plane, !""" component of strain,
the material at the external surface of the tube is tensily
strained, as depicted in Fig. 1. Inside the tube wall the
distribution of strain changes from tensile !!""#0" to
compressive !!""$0", crossing a portion of unstrained

material represented by a cylinder with radial coordinate
yb, according to the reference frame depicted in Fig. 1.

The diameter can be roughly estimated knowing the
overall thickness, the misfit strain, and the thickness ratio of
the two layers by using an analytical elastic model proposed
by Tsui and Clyne.8 This is though an approximated formu-
lation which turns to be inadequate for a precise quantitative
description of diameter scalability.9 A much more accurate
curvature estimation, which can also be generalized to
multilayer structures, has been recently developed.10 The key
point is that here one takes into account the displacement
constraint present in all tubes fabricated by micro-origami,
namely, that the multilayer strip bends and rolls up into a
tube but always keeping one end rigidly attached to the pla-
nar part of the as-grown sample, as schematically shown in
Fig. 1. This model predicts fairly precisely the radius of cur-
vature of a tube or hinge starting from any strained
multilayer consisting of n layers, as depicted in Fig. 2. Each
layer has a thickness ti !i=1,2 , . . . ,n" and is characterized by
its Young modulus !Ei", Poisson ratio !%i", and initial strain
!!i

0". Interfaces between layers are located at the positions
defined by the coordinates yi !y0=0 and yi=yi−1+ ti for i
=1, . . . ,n".

The radius of curvature of a rolled-up microtube is then
given by the expression

R =
2#i=1

n $Ei/!1 − %i
2"%ti$yi

2 + yiyi−1 + yi−1
2 − 3yb!yi + yi−1 − yb"%

3#i=1

n $Ei/!1 − %i
2"%ti!yi + yi−1 − 2yb"$c − !1 + %i"!i

0%
, !1"

where the parameter c represents the uniform strain compo-
nent corresponding to the situation after the multilayer has
been released from the substrate, and yb is the location of the
surface inside the multilayer, where the bending strain com-
ponent is zero !see Fig. 1". They are calculated according to

c =
#i=1

n $Ei/!1 − %i
2"%ti!1 + %i"!i

0

#i=1

n $Ei/!1 − %i
2"%ti

, !2"

yb =
#i=1

n $Ei/!1 − %i
2"%ti!yi + yi−1"

#i=1

n $Ei/!1 − %i
2"%ti

. !3"

Based on this simple elastic model for a rolled-up tube,10

we were able to derive expressions for the three diagonal
components of the strain tensor. The off-diagonal compo-
nents which vanish for a free-standing closed tube are as-
sumed here to be negligibly small. This seems to be a good
approximation, as far as the strain effects on the phonon
frequencies are concerned !see below", provided that the ra-

FIG. 1. Schematic representation of the cross section of a microtube fabri-
cated by self-rolling of a strained bilayer. The definition of the coordinate
axes and a diagram with the circumferential strain distribution are indicated.
The coordinate denoted as yb corresponds to the position of the zero-strain
surface within the tube. The labels “Tube” and “As grown” refer to the
regions where the laser beam will be focused to collect Raman spectra.

FIG. 2. Generalized multilayer strained structure for microtube or micro-
hinge fabrication.
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dius of curvature is large compared with the wall thickness
of the tube.11 The resulting strain distribution inside the tube
wall is a linear function of the y coordinate !see coordinate
axes definition in Fig. 1" as given by

!"" = c +
y − yb

R
. !4"

The radial component of strain is calculated using Hooke’s
law and by considering that along the direction of the tube
axis z the strain is given by the lattice mismatch

!rr =
1
E

##rr − $!#"" + #zz"$

=
$

1 − $
%− &c +

y − yb

R
' − !0( , !5"

!zz = !0. !6"

The sum of the three diagonal components of strain gives the
hydrostatic strain status of the material !hydro= !!""+!rr

+!zz", being !hydro positive !negative" for an expansion !com-
pression" of the lattice.

B. Strain-induced phonon frequency shift in a
microtube

The residual strain field of a self-rolled microtube affects
the frequencies of the optical phonon modes of the crystal
lattice, which can be measured by Raman scattering.12–14 The
mode frequencies in the presence of strain can be obtained in
a perturbative way by diagonalizing the contribution to the
dynamical matrix due to the deformation. The threefold de-
generacy of the optical phonons at the Brillouin-zone center
of a material with a zinc blende structure is lifted, when it
bends into the shape of a tube. For small curvatures, i.e.,
when the tube radius is many orders of magnitude larger than
the wall thickness !as in our case", the three frequencies of
the LO-phonon modes can be obtained from the following
secular equation:12,15

)K11!"" + K12!!rr + !zz" − % 2K44!"r 2K44!"z

2K44!"r K11!rr + K12!!zz + !""" − % 2K44!rz

2K44!"z 2K44!rz K11!zz + K12!!"" + !rr" − %
) = 0 !7"

with

% = &2 − &0
2 * 2&0'& , !8"

where &0 is the unstrained phonon frequency. Crossed non-
diagonal terms of the secular determinant, in first approxima-
tion, can be neglected since for a small curvature the dis-
torted lattice structure can be locally modeled with a
tetragonal cell.

Due to the selection rules for backscattering from the
!010" surface, only LO phonons with atomic displacements
along the radial direction are active in depolarized Raman
spectra with incident !scattered" linear polarization parallel
!perpendicular" to the tube axis #by fabrication all tubes are
oriented along the #001$ direction$. From Eq. !7" the eigen-
value for the LO phonon in radial direction is given by

% = K11!rr + K12!!zz + !""" . !9"

Rearranging Eqs. !7"–!9", and inserting the normalized di-
mensionless deformation potentials13,14 K̃ij =Kij /&2, we ob-
tain the following expression for the frequency shift of the
corresponding LO mode:

'&LO =
&0

2
#K̃11!rr + K̃12!!zz + !"""$ . !10"

Equation !10" can be rearranged to put in evidence the
contribution of the hydrostatic !first term" and biaxial com-
ponents !second term" of the strain:

'&LO =
&0

6
!K̃11 + 2K̃12"!!"" + !rr + !zz" +

&0

6
!K̃11 − K̃12"

(!2!rr − !"" + !zz" . !11"

By inserting in Eq. !10" the explicit expressions for the strain
components from Eqs. !4"–!6" we obtain

'&LO =
&0

2
&$ − 1

$
K̃12 + K̃11'!rr. !12"

Finally, by rearranging Eq. !12" we obtain the expres-
sions for the radial and hydrostatic strain components at the
external surface of the microtube which are directly related
to the phonon frequency shift measured by Raman scattering,

!rr =
2

!!$ − 1/$"K̃12 + K̃11"

'&LO

&0
, !13"

!hydro =
2$ − 1

$
!rr. !14"

We point out that the insight about the strain status gained
from the experiment refers to the actual volume of material
that is contributing to the Raman scattering signal. That
means that the estimation of the strain using Eqs. !13" and
!14" corresponds to an average value which, in principle,
should depend on the penetration depth of light. Neverthe-
less, for each layer, the InGaAs and the GaAs one, the domi-
nant contribution to the intensity of the Raman spectra comes
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from the outer shell of material a few nanometer thick, ow-
ing to the strong absorption of visible light in the semicon-
ductors. The strain distribution inside the tube wall would
lead to a broadening and slight asymmetry of the Raman
peaks, but the position of the maximum !which defines the
frequency shift" is still being mainly determined by outer
layers, from which the average strain is extracted.

III. EXPERIMENT

A multilayered structure was grown by molecular-beam
epitaxy !MBE" on a GaAs !010"-oriented substrate. Starting
from the substrate, the structure consists of a GaAs buffer
layer !200 nm", an Al0.52Ga0.48As/AlAs !!100 0.4/0.4 nm"
digital alloy !80 nm", an In0.19Ga0.81As strained layer, and a
GaAs top layer !55 nm", as shown schematically in Fig. 1.
The structure has been doped with Si for a better quality of
the scanning electron micrographs !SEMs". Three structures
!samples A, B, and C" were prepared with different thick-
nesses of the In0.19Ga0.81As layer !7, 14, and 28 nm" but with
the remaining parameters unchanged. Microtubes which are
characterized by different radii of curvature were fabricated
starting from samples A, B, and C by defining narrow
trenches along the #001$ direction using photolithography
and a nonselective etchant, followed by etching of the
AlGaAs/AlAs sacrificial layer with diluted HF, according to
the experimental procedure developed by Vaccaro et al.2 The
radii of the microtubes were measured by SEM, finding good
agreement with the predictions of the elastic model #Eq. !1"$.
Measured and calculated values of the radii are listed in
Table I.

Raman spectra were collected at room temperature using
a Jobin-Yvon T6400 "-Raman spectrometer and with differ-
ent lines of an Ar+ laser as excitation source. The size of the
laser spot was 2 "m, and the laser power on the sample was
about 2 mW. Measurements were performed in backscatter-
ing geometry with y!z ,x"ȳ polarization by focusing the laser
beam in different regions of the samples !on the tubes and in
the as-grown regions nearby, for example, as indicated in
Fig. 1". Laser plasma lines provided precise internal calibra-
tion. Different measurements were recorded moving the
samples with a translation stage along and/or across a micro-
tube in steps of at least 1 "m.

IV. RESULTS AND DISCUSSION

Measurements collected on the microtubes contain re-
markably different spectral features as compared to that ob-
servable in the surrounding as-grown regions, where the ma-
terial remains undetached from the substrate. An example is
shown in Fig. 3. The main peaks in all spectra are assigned to

longitudinal optical !LO" phonon modes of the different ma-
terials constituting the heterostructure, in agreement with the
selection rules for backscattering geometry in crossed polar-
ization y!z ,x"ȳ. In the as-grown regions, the main peak at
292 cm−1 comes from the top GaAs layer, whereas the
modes arising from the buried thin In0.19Ga0.81As layer fall
inside the broad feature between 260 and 285 cm−1. For the
as-grown regions this broad spectral feature also contains
signal from the GaAs-like TO phonons activated by
disorder16 !alloying and doping" as well as a contribution
stemming from the lower branch of the coupled LO-phonon-
plasmon mode of the doped layers. Clear signal coming from
the AlGaAs sacrificial layer is apparent as a peak at
%400 cm−1. When the laser is focused onto the microtube
the outer layer of material is now the strained In0.19Ga0.81As
thin film. For this reason an interchange of intensity is ob-
served between peaks corresponding to the LO phonons of
InGaAs and GaAs. The Raman scattering from the buried
GaAs layer at the inner side of the tube is now recognizable
only as a shoulder to the main peak which corresponds to the
“GaAs-like” LO phonon of the InGaAs alloy, which exhibits
two-mode behavior16 !see Fig. 3". Of course, the signal from
the absent sacrificial layer is not detectable anymore.

The most remarkable feature in the spectra collected
from the microtubes is that the peak attributed to the
In0.19Ga0.81As LO phonon is shifted from the expected mode
frequency for this alloy composition. This shift is obviously
due to the residual strain of the bent layer, as given by Eqs.
!10"–!12". Microtubes with different radii of curvature are
also characterized by a different strain field inside the bilayer
constituting the tube wall and consequently they exhibit a

TABLE I. Description of sample parameters !thickness of the InGaAs layer and tube radius" and summary of
relevant results !phonon frequency shift and hydrostatic and radial strain components".

Sample tInGaAs !nm" &Rcalc& !"m" &Rexp& !"m" #$ !cm−1" %rr %hydro

A 7 5.9 4.6 2.1 0.3% −0.5%
B 14 3.9 2.9 −1.2 −0.2% 0.3%
C 28 3.4 2.7 −1.8 −0.3% 0.4%

FIG. 3. Representative Raman spectra collected from the tube and from the
nearby as-grown region in backscattering geometry at room temperature.
Mode assignment is indicated.
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different phonon frequency shift. This small shift from
sample to sample can be better appreciated in Fig. 4, where
we have plotted one Raman spectrum for each sample but
only in the spectral region of the main peak. We notice that
the smaller the curvature radius !sample C", the larger is the
observed redshift of the InGaAs LO phonon.

To gain a general overview of the strain state of the tubes
for each sample, a systematic study has been performed on
the three samples by collecting spectra from different posi-
tions along the microtubes and from different tubes on the
same sample, using also different laser wavelengths. Results
are summarized in Fig. 5, where each point corresponds to
the average value taken from the different measurements; the
dispersion of the data due to either experimental errors or
sample inhomogeneity is represented by the error bars. The
frequency of the LO phonon displays a clear correlation with
the radius of curvature of the microtube. The literature values

for unstrained In0.19Ga0.81As and GaAs16 used as reference to
evaluate the frequency shifts are indicated in the figure by
horizontal dashed lines. Thus, sample A is characterized by a
blueshift of the LO InGaAs phonon frequency corresponding
to a compressive hydrostatic strain of the lattice, whereas for
samples B and C, on the contrary, the redshift gives experi-
mental evidence of tensile strain.

Apart from strain, laser heating could also induce a fre-
quency shift.17 Therefore, in order to test this effect, we have
measured Raman spectra using increasing laser powers on
the sample without noticing any change of the position or
shape of the peaks. We concluded that heating of the samples
in our case can be ruled out as cause of the observed phonon
frequency shift. This result, however, is in contrast to what
was reported recently for thin InAs/GaAs nanotubes.18 Pos-
sibly the discrepancy is due to the much smaller dimensions
of the InAs/GaAs tubes and the better heat conductivity of
our samples as a consequence of the Si doping.

In order to check the effect of the penetration depth of
the laser light, Raman spectra were collected using three dif-
ferent wavelengths !457.9, 488.0, and 514.5 nm", as illus-
trated in Fig. 5 with different symbols. In the energy range of
!#2.5 eV" the absorption coefficient of the InGaAs alloy is
!1–5"!105 cm−1, corresponding to a penetration depth of
about 80–20 nm. However, within experimental uncertainty
there is no evidence of any trend for the shifts or linewidths
as a function of laser wavelength. As mentioned above, this
is a consequence of the exponential decay of the laser inten-
sity into the material due to absorption. Hence, we assume
that the information obtained from the position of the maxi-
mum of the LO peak corresponds to an outer shell and is not
substantially affected by the strain distribution of the inner
layers.

We now proceed with the quantitative analysis of the
Raman data of Fig. 5 to evaluate the residual strain of the
microtubes. For that purpose we take "#LO as the difference
between the average value of LO-phonon frequency for each
sample and the reference value for the unstrained
In0.19Ga0.81As alloy16 and calculate the strain components us-
ing Eqs. !13" and !14". The phonon deformation potentials
for the InGaAs alloy have been calculated by interpolation of
literature data.19 The results for the radial and hydrostatic
strain components at the outer surface of the different micro-
tubes are shown in Table I.

The values obtained for the hydrostatic and radial strain
components are also shown in Fig. 6 as a function of the
curvature radius. Even though the error bars for the strain
components are large !from propagation of errors we esti-
mate a standard deviation of #±0.2%", our results show a
clear correlation between the radius of curvature of the mi-
crotube and its residual strain. Moreover, we observe a strik-
ing crossover from compressive to tensile strain !hydrostatic
or volume component" of the thin InGaAs layer, when the
radius decreases from 4.5 to less than 3.0 $m.

Since the elastic model appears to be able to give quite
accurate estimates of the radius of curvature of the micro-
tubes !see Table I, where calculated values are compared to
the ones measured by SEM", it is also instructive to compare
the predictions of the model about the strain status of the

FIG. 4. Raman spectra of microtubes with different radius of curvature
!samples A, B, and C". The main peak is assigned to the In0.19Ga0.81As LO
phonon, whereas the high-energy shoulder corresponds to the GaAs LO-
phonon mode. The vertical dashed line indicates the reference phonon fre-
quency for the unstrained material.

FIG. 5. Frequencies of the Raman peak assigned to the In0.19Ga0.81As LO
phonon mode from spectra collected on the three samples !refer to labels A,
B, and C" at room temperature and with different laser wavelengths. Data
are plotted vs the tube radius measured by SEM and the line connecting
points is a guide to the eye. The dashed horizontal lines represent the litera-
ture values of the LO phonons of unstrained In0.19Ga0.81As and GaAs !see
Ref. 16".
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material with the numbers obtained by !-Raman. The results
of the calculations are represented by the dashed and dotted
curves in Fig. 6. Assuming that along the tube-axis direction
the strain equals the lattice mismatch between In0.19Ga0.81As
and GaAs !see Eq. "6#$, the predictions of the model corre-
spond to the dashed lines of Fig. 6. In this case, the model
fits nicely to the experimental data obtained for the bigger
microtubes of sample A, the one characterized by having a
thickness of the In0.19Ga0.81As layer below the critical value
for this composition. On the contrary, for the microtubes of
smaller radius of curvature "samples B and C# the elastic
model can only reproduce the experimental results "dotted
line in Fig. 6# by considering that a strain relaxation from the
nominal lattice misfit of %−0.014 to a value of "z

InGaAs

%−0.006 has occurred. For thicker InGaAs layers strain is
likely to relax either by generation of dislocations during
epitaxial growth or simply because the microtube can expand
along its length. The boundary condition of having the tube
lattice matched to the GaAs substrate along the contact line
might not be strong enough to prevent relaxation of the "zz
#"0 component, when the thickness of the InGaAs stress-
driving layer starts to be comparable with half of the tube
wall.

V. CONCLUSIONS

In summary, we have demonstrated that micro-Raman
spectroscopy is a useful tool to obtain detailed information
about the local strain in microsized objects such as self-
rolled microtubes. Starting from the accurate description of
the elastic properties of micro-origami tubes with proper

boundary conditions, a simple model has been developed to
correlate the frequency shifts of the phonon modes measured
by Raman with the components of the strain tensor. This
model can, in principle, be applied to other micro-objects
based on strain engineering "for example, microhinges in
MOEMS#. In the case of semiconductor microtubes, we have
obtained experimental evidence that the residual hydrostatic
strain in the outer part of the tube wall changes from com-
pressive to tensile with decreasing radius of curvature, in
good agreement with our calculations based on an elastic
model. Thanks to this observation the fabrication of self-
rolled micro- and nanotubes appears to be a smart solution
for storing intense strain fields in materials without applying
any external stress.
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We have investigated three-dimensional nanostructures consisting of microtubes fabricated by rolling-up 

III–V semiconductor multilayers. Through micro-Raman spectroscopy we were able to derive the depth 

profile of residual strain in the microtubes by monitoring the phonon shifts experienced by different layers 

buried inside the tube wall. By this procedure we were able to obtain the strain components at different 

depths moving from the outer to the inner surface of the tube wall. We compared them with the strain dis-

tribution calculated by elastic modeling, gaining insight into the strain relaxation processes that produce 

the final local nanostructure of semiconductor microtubes. 

© 2007 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim 

1 Introduction 

Nowadays a new class of three-dimensional (3D) micro/nanostructures can be fabricated by strain-driven 

engineering, a bottom-up approach to obtain complex 3D objects extremely challenging from the point 

of view of fundamental research as well as potential applications in optoelectronics [1] and nanomechan-

ics [2]. The basic concept is that pseudomorphically strained thin films, once released from the substrate 

by selective etching, tend to acquire a new equilibrium shape in order to minimize their elastic energy. 

This technique has been employed to fabricate microtubes in the shape of rolled-up carpets [3, 4] or 

curved hinges as building blocks for a method, so called “micro-origami” [5], to prepare smart integrated 

micro-electromechanical systems (MEMS) such as micro-mirrors or micro-stages. We recently demon-

strated [6] that, by developing a simple model that correlates the phonon frequency shifts with the com-

ponents of the strain tensor, Raman spectroscopy is an adequate tool to map out the residual strain in 

III–V microtubes. In the meantime, a very similar approach was applied to freestanding microtubes 

obtained from SiGe/Si bilayers [7]. Apart from Raman scattering, insight into the crystalline structure 

and strain distribution in microtubes was gained from transmission-electron microscopy (TEM) [7], 

photoluminescence [8, 9] and X-ray microdiffraction [10]. The advantage of Raman scattering is that it is 

a fast, sensitive and non-destructive diagnostic technique to study this type of nanostructures. In particu-

lar, we showed that with our experimental setup there is no need to separate the microtube from the sub-

strate, as it was necessary for other Raman and TEM works [7, 11], thus avoiding alteration of the tube 

structure of ready devices.  
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 In this work, we have investigated nanostructures consisting of microtubes fabricated by rolling-up 

InGaAs/GaAs/AlGaAs multilayers. By monitoring the strain-induced phonon shifts corresponding to the 

different layers conforming the tube wall with high spatial resolution we were able to evaluate the resid-

ual strain at various depths within the wall of the microtubes. By comparison of the experimental results 

with calculations of the strain tensor components within an elastic model for stratified media we gained 

insight into the way the multilayer material deforms while it takes its final shape of a tube.  

2 Experimental details 

Two types of multilayers were grown by molecular-beam-epitaxy (MBE) on a GaAs substrate. The 

structure of the first sample contains a GaAs single quantum well, thus in the following, we refer to it  

as the SQW tube. Starting from the substrate, it consists of a GaAs buffer layer (200 nm), an 

Al
0.52

Ga
0.48

As/AlAs digital alloy (80 nm), an In
0.19

Ga
0.81

As strained layer (7 nm) and a top layer (32 nm) 

lattice matched to the substrate containing the GaAs single quantum well. The GaAs SQW is 2.3 nm 

thick and is sandwiched by two Al
0.7

Ga
0.3

As barrier layers with 10 nm thickness. The structure is termi-

nated by a GaAs cap layer (10 nm). A similar sample but containing a double quantum well, thereafter 

denoted as DQW tube, was also studied for comparison. Here the total thickness of the multilayer on top 

of the stressor InGaAs layer is larger (42 nm) because the SQW has been replaced by two GaAs quantum 

wells (4 and 4.6 nm) separated by 3.4 nm of Al
0.52

Ga
0.48

As.  

 Starting from such multilayer structures the fabrication process of the microtubes is sketched in Fig. 1. 

Firstly, narrow trenches are defined onto the sample using photolithography and wet etching. It follows 

the etching of the AlGaAs/AlAs sacrificial layer with diluted HF, according to the experimental procedure 

detailed elsewhere [5]. Once detached from the substrate, the compressively strained InGaAs layer tends 

to expand [Fig. 1(b)] and, as a result, the freestanding multilayer rolls up forming a tube [Fig. 1(c), (d)]. 

The radii of the microtubes were measured by scanning electron microscopy (SEM) [Fig. 1(d)].  

 Raman spectra were collected in backscattering geometry at room temperature using a confocal Jo-

bin–Yvon LabRam HR800 µ-Raman spectrometer with the 488 nm line of an Ar
+

 laser as excitation 

source. The size of the laser spot was about 2 µm and the laser power on the sample was 500 µW. Using 

a submicrometric displacement stage it was possible to accurately focus the laser beam on different re-

gions of the samples, for example on the tubes or on the as-grown regions nearby.  

3 Discussion and results 

As shown in Fig. 2(a), Raman spectra collected from the microtubes of the SQW sample are character-

ized by strong peaks at 290ª  cm
1-

 and 390ª  cm
1-

 ascribed to GaAs-like and AlAs-like longitudinal 

optical (LO) phonon modes, respectively [12]. Despite of being forbidden in backscattering geometry, 

weaker bands at 260ª  cm
1-

 and 360ª  cm
1-

 due to scattering by transverse optical (TO) phonons are also 

apparent activated by disorder in the AlGaAs alloys. When moving the laser spot out of the tube and fo-

cusing onto the nearby undetached as-grown layer, we appreciate some significant changes affecting both 

bands. In the GaAs-like spectral range [Fig. 2(b)], for the as-grown region we find a peak at 291 7.  cm
–1 

that can be ascribed to unstrained GaAs from its spectral position. In contrast, when collecting spectra  

          
Fig. 1 (online colour at: www.pss-b.com) Sketch of the tube formation process: (a) axis system definition for the 

starting multilayer structure, (b) strain relaxation along the tube axis after etching of the sacrificial layer, (c) rolling 

up of the multilayer and (d) SEM image of the resulting microtube. 
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from the tube, this band shifts to lower frequencies and it is possible to resolve two peaks, that can be 

attributed to InGaAs and GaAs LO modes. Both peaks are shifted from the expected bulk values due to 

the strain stored in the wall of the tube. Raman scattering from the 7 nm thick InGaAs layer becomes 

detectable in the tube spectrum because this thin strained layer is directly at the tube surface instead of 

being buried like in the as-grown region.  

 In the AlAs-like spectral range [Fig. 2(c)], we can identify two phonon modes for the as-grown region 

which correspond to the LO mode of the AlAs layers of the digital alloy and to the AlAs-like LO of the 

Al
0.7

Ga
0.3

As QW barriers, whereas a single red-shifted peak is present when focusing on the tube. The 

latter is assigned to strained AlGaAs. Because the digital alloy is etched away under the tube, the finger-

print of pure AlAs disappears. Taking into account the penetration depth in InGaAs and GaAs for the 

488 nm laser light (20–80 nm) and considering the exponential decay of light intensity inside the tube 

wall, we estimate that the measured phonon positions come from the volume of material closer to the 

tube external surface, whereas scattering from deeper layers would give smaller contributions forming an 

asymmetric shoulder not affecting the peak maxima. In contrast, the Al
0.7

Ga
0.3

As alloy has a much 

smaller absorption coefficient [12] and so we assume that its peak position accounts for the average 

strain in the whole layer sandwiched between the InGaAs film and the GaAs QW.  

 From the frequency shifts of the LO phonon modes ascribed to the three different material layers it is 

possible to obtain quantitative information on the strain components inside the wall of the microtubes. In 

addition, we can cross-check the obtained strain status at different depths inside the tube wall and com-

pare them with the strain distributions calculated in the framework of the elastic model. When a strain 

field is present in a zinc blende crystal lattice, the vibrational states are affected by the variation of the 

interatomic distances and the resulting frequency shift of the LO phonon mode can be expressed in terms 

of the components of strain (see Fig. 1(a) for axis definitions) as  

 
0

LO 11 12
[ ( )]

2
r z

K K
Θ

ω

ω ε ε ε
! !D = + + , (1) 

where 
ij

K
!

 are the optical phonon deformation potentials and 
0

ω  is the mode frequency for the unstrained 

crystal. In the case of a partially freestanding microtube, the relationship between strain components 

cannot be described by a simple biaxial model (valid only for planar multilayers) and we must account 

for the fact that the rolled up multilayer strip keeps one of its ends attached to the planar as-grown region 

(plane-strain boundary condition), as depicted in Fig. 1(c). Then, from the generalized Hooke’s law we 

obtain that the radial component of strain is  

 [ ]

1
r zΘ

ν

ε ε ε

ν

= - - ,
-

 (2) 

Fig. 2 (a) Representative Raman spectrum of the 

SQW microtube sample measured on a tube. Com-

parison between Raman spectra taken on the tube 

and in the as-grown region in the spectral range 

(b) of the GaAs and (c) AlAs longitudinal optical 

(LO) phonons. 
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where 
Θ
ε  is the tangential (in-plane) strain and 

z

ε  is the strain along the tube axis. With this simple model 

and using Eq. (1) we can obtain 
r

ε  directly from the measured frequency shift [6]. It also follows from 

Eq. (2) that the hydrostatic strain can be expressed as 
hydro

((2 1)/ )
r z rΘ

ε ε ε ε ν ν ε= + + = - . Notice that 

from Raman analysis it is possible to obtain the hydrostatic and radial strain components without know-

ing the strain component along the tube axis ( ).
z

ε  In contrast, some assumption on this last value (due to 

strain relaxation along the tube axis, for example) is needed to estimate the tangential strain component 

(
Θ
ε ). 

 By means of the elastic model [13] to treat the multilayer structures and given the mechanical proper-

ties of the materials, we can calculate the radius of curvature R  and the tangential strain component at 

the tube wall can be expressed as a function of the depth (r) from the tube surface ( 0r = ) according to 

( ) ( )/
b

r c r r R
Θ
ε = + - , where 

b
r  is the location of the surface inside the tube wall, for which the bending 

strain is zero. We calculate the following radii 2 5 µmR = .  and 3 8 µmR = .  for the SQW and DQW-

microtubes, respectively. Both values are lower than the experimental ones of 3 5 µmR = .  (SQW) and 

4 5 µR = . m (DQW). This discrepancy is consistent with the fact that 1 to 2 nm of the tube wall had be-

come amorphous due to oxidation in air [10]. Nevertheless, this variation affects only little the calculated 

strain components and would be hardly appreciable within the experimental resolution.  

 The procedure we apply for the analysis of the micro-Raman data to derive the strain profile of the 

tube wall is illustrated for the SQW-tube sample in Fig. 3. Both components 
r

ε  and 
hydro

ε  are obtained 

directly from the phonon frequency shifts using Eq. (2). The results are represented by the data points in 

Fig. 3(a), (b). The abscissa for the data symbols is set depending on the position of each material layer 

inside the tube wall from which comes the Raman signal, according to the sketch at the top of the figure. 

 

ε
ε

ε
ε

  

Fig. 3 (a) Radial, (b) hydrostatic, (c) axial and (d) tangential 

strain components inside the SQW-tube wall. Symbols are 

experimental data obtained from the frequency shift of the 

phonon modes of the InGaAs (squares), AlGaAs (triangles) and 

GaAs (circles) layers. Solid (dashed) lines are calculations 

accounting (not accounting) for strain relaxation along the tube 

axis. The sketch at the top represents the structure of the tube 

wall and the position of the different material layers. 
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ε

  

 

To compare with the results of the elastic model we have to make an assumption about the strain along 

the tube axis. Due to the boundary condition given by the constraint that one end of the tube is rigidly 

attached to the as-grown region one might expect, in first approximation, that 
z

ε  is given by the lattice 

mismatch of –1.4% in the InGaAs region and zero otherwise (dashed lines in Fig. 3(c)). In this case, the 

results of the elastic model for the radial and hydrostatic components are represented by the dashed lines 

in the corresponding figure panels. The agreement with the experimental results is very poor. A more 

sound assumption is to consider that the highly compressed InGaAs layer tends to expand along the tube 

axis while the tube rolls up. Elasticity theory predicts for this case that such expansion would vary line-

arly across the tube wall, i.e. ( )
z

rε  is a function of the depth, as depicted by the solid lines in Fig. 3(c). 

Note that we assumed full strain relaxation ( 0
z

ε ∼ ) at both the outer InGaAs and inner GaAs surfaces of 

the tube wall. Now the predictions of the elastic model (solid lines in Fig. 3(a), (b)) match very well the 

experimental data points obtained for the radial and hydrostatic strain components. Using the experimen-

tal values for the tube radii we can also apply the elastic model to calculate the tangential strain compo-

nent ( )r
Θ
ε  across the tube wall. Experimental as well as theoretical results are plotted in Fig. 3(d) and 

the agreement is excellent.  

 To check the reliability of the analysis proposed in this work, we performed comparative measure-

ments in a second sample (DQW tube) consisting of a multilayer structure with the same stressor layer 

(7 nm of InGaAs) but a thicker GaAs/AlGaAs layer on top. In Fig. 4 we make a direct comparison be-

tween the results of the hydrostatic strain component for both microtube samples. Full symbols refer to 

the SQW structure sketched above the graph, whereas open symbols correspond to the DQW structure 

sketched at the bottom. Interestingly, for the DQW tube the strain values determined from the phonon 

shifts are best fitted by the calculation if we assume no relaxation along the tube axis (dot-dashed line for 

the DQW sample and dashed line for the SQW tube). This apparently contradictory result can be under-

stood considering the mechanical behavior of a freestanding multilayer film. At fixed InGaAs thickness, 

if the tube wall is thick enough the thin strained layer is forced to adjust its lattice parameter to the rest of 

the structure. On the contrary, for a thinner tube wall, the energy gained by relaxation of the InGaAs 

layer can compensate for the tensile strain induced on the other material layers.  

 In conclusion, we demonstrate the power of micro-Raman spectroscopy as a rapid, sensitive, contact-

less and nondestructive diagnostic tool for the determination of the residual strain in ready 3D micro-

devices. By combining Raman measurements and continuum mechanics modelling we gained further 

insight into the strain relaxation processes occurring in strain-engineered micro-objects and obtained 

important feedback for the optimization of their design.  
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Fig. 4 Hydrostatic strain distribution inside the microtube wall 

for the SQW (solid symbols) and the DQW tube (open sym-

bols). A sketch of the wall structure for each sample is shown at 

the top and the bottom of the graph. Symbols represent the strain 

obtained from Raman for the InGaAs (squares), AlGaAs (trian-

gles) and GaAs (circles) layer. The solid line is a calculation 

accounting for strain relaxation along z, whereas the dashed 

(dot-dashed) line is calculated for the SQW (DQW) sample 

assuming that the InGaAs layer remains fully compressed, i.e. 

no relaxation takes place. 
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The authors fabricate rolled up microtubes consisting of Si /SiOx on Si substrate and analyze the
possibility to use them as a refractometric sensor. An aqueous sugar solution is inserted into the
microtube, which leads to a change in refractive index and, as a result, to a detectable spectral shift
of the whispering gallery modes. Experimental results can fit well with finite-difference
time-domain simulations, which are used to determine the sensitivity of this tube refractometer. The
ratio of spectral sensitivity to channel cross-sectional area of the refractometer is particularly
striking and allows analysis of fluid volumes in the range of femtoliters. A comparative discussion
with other existing refractometer schemes concludes this work. © 2008 American Institute of
Physics. #DOI: 10.1063/1.2978239$

Optofluidics is the combination of optics and fluidics.1

Over recent years and with ever improving micro- and nano-
technologies, special attention has been paid to optofluidic
systems that can be fully integrated on a single chip !optof-
luidic laboratories-on-a-chip".2 Such a technology would al-
low for efficient biosensing3 as well as single molecule
detection4 with highly parallel data readout. Several different
approaches toward integrative optofluidic components have
been put forward such as liquid core5 and planar photonic
crystal waveguides.6 Concerning any realistic applications of
integrated optofluidic laboratory-on-chip systems the fabrica-
tion process should be cheap and scalable with an intelligent
strategy for positioning and integration of the optofluidic
components. The potential of monolithically integrating an
optofluidic function into mainstream Si technology would
furthermore make high-speed Si nanoelectronics, and there-
fore powerful parallel data processing, available on the very
same chip. In this context, we find that “rolled-up
nanotech”7,8 developed over the past years is an excellent
candidate for designing cheap and reliable optofluidic sys-
tems. The strain gradient stored inside a thin layer9 can be
conveniently exploited to cause spontaneous curling of a thin
film into a microtube by a simple single-step underetching
procedure. The microtube acts both as a waveguide10 with
light confined in the tube walls, and as a ringlike resonator
with optical resonant modes #whispering gallery modes
!WGMs"$ originating from total internal reflection of light at
the curved surface.11,12 The mechanism is analogous to other
optical ring resonators based on microspheres,13

microdisks,14 or micron-sized glass capillaries.15

In this work, we test the possibility to use a rolled-up
Si /SiOx microtube as a refractometer by inserting an aque-
ous sugar solution into the microtube. The shifts of resonant
mode peak positions are analyzed and compared to results
from numerical simulations. The sensitivity of this refracto-
meter is calculated. Our refractometer scheme is also dis-

cussed and compared to other proposed approaches.
The microtube resonators tested in this work were pro-

cessed from a 20-nm-thick Si layer strained on top of a plas-
tically relaxed Ge sacrificial buffer layer grown on Si!001"
substrates at 300 °C by molecular beam epitaxy.9 Subse-
quently, a 25-nm-thick SiOx layer was thermally evaporated
onto the strained Si layer.16 Deep trenches into the Ge buffer
were defined, and the layers were released from the substrate
by selectively etching the Ge sacrificial layer with H2O2
!30 vol %" at 90 °C. After the formation of rolled-up micro-
tubes by the downward bending of the Si layers !see Fig. 1",
the sample was annealed at 850 °C for 30 min to induce the
formation of Si nanoclusters in the SiOx layer, creating an
optically active medium inside the tube wall.11 The resulting
structure consists of a tube with 2–3 !m diameter, made out
of one to two Si /SiOx layer rotations. The tube length is
typically of the order of 100 !m–1mm.

The optical response of this rolled-up Si /SiOx was stud-
ied by microphotoluminescence !!-PL" spectroscopy, using
a frequency-doubled Nd:YVO4 laser with emission wave-
length of 532 nm as excitation source and collecting the
emission band !600–1000 nm" associated with the Si nano-
clusters embedded in the tube wall. Integrated PL intensity
maps were obtained scanning the laser over the microtube

a"Electronic mail: s.kiravittaya@fkf.mpg.de.
b"Present address: CEA-LETI, MINATEC, 17 Rue des Martyrs 38054-

Grenoble Cedex 9, France.

FIG. 1. !Color online" Sketch of the “LCMOR.” The Si /SiOx tube acts both
as a natural pipeline and optical sensor, solidly integrated and easily posi-
tionable onto a Si chip. A microdroplet of analyte liquid can be absorbed at
the tube extremity and optically probed by a laser beam.
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with submicron steps, employing a two-axes microstage ac-
tivated by dc motors.

In order to test the potential application as an ultra com-
pact blood-glucose sensor, the microtube was filled with an
aqueous solution of sugar by placing one open extremity of
the tube in contact with a droplet deposited onto the substrate
by a glass capillary, as sketched in Fig. 1. For test purposes
we utilize capillary forces to rapidly incorporate liquid mi-
crodroplets into the interior of the microtube.17,18 However,
for optofluidic laboratory-on-chip applications, additional in-
tegration processing is needed for pumping liquid into and
out of the tube.18 In order to repeat several cycles of fluid
filling and rinsing of the tube, we employed acetone to re-
move the sugar solution and dried the microstructure before
filling it again in the next cycle; the microtubes are stable
and robust enough to allow for a reversible multi-use opera-
tion of the device.

In Fig. 2 we show how by mapping the PL emission of
the fluid-filled microtube it is possible to reveal spatial re-
gions with two distinctive spectral fingerprints. The tube in
this experiment has a diameter D of 2 !m. In Fig. 2!a", the
selected spectra for different positions on the tube are pre-
sented. The integrated PL intensity map !600–1000 nm" is
shown in Fig. 2!b". Figures 2!c" and 2!d" show integrated PL
intensity maps of the optical modes when air is filled !“air”
mode" for m=14 !810–840 nm" and when sugar solution is
filled !“solution” mode" for m=14 !835–865 nm". These
plots are performed after substracting the broad background
emission.19

From the integrated PL intensity map shown in Figs.
2!c" and 2!d", it is possible to reveal spatial regions with two
distinctive spectral fingerprints. At some distance from the
tube opening #blue spectrum in Fig. 2!a" corresponding to
region highlighted in panel !c"$ we find the resonances ex-
pected for an empty tube, i.e., a bubble of air has been
trapped during fluid filling. Close to the open extremity we
observe redshifted resonant modes #red spectrum in Fig. 2!a"
corresponding to the region highlighted in panel !d"$ and we
ascribe the spectrum to the presence of the aqueous sugar
solution. At the interface between liquid and air we record a

spectrum that is a combination of the previous ones #black
spectrum in Fig. 2!a"$; this is evidence that the observed
mode shift is not caused by any geometrical factors due to
structural inhomogeneities of the tube wall,19 i.e., we illumi-
nate a specific portion of microtube and we collect both air
mode and solution mode in a single shot of light.

The peak positions for the experimental resonances of
the empty tube can be accurately reproduced by a finite-
difference time-domain !FDTD" simulation11 #see triangular
markers in Fig. 2!a" and the associated electric field intensity
maps in Fig. 3$. The WGM field profiles with m=14 are
shown in Figs. 3!a" and 3!b". For a microtube filled with
sugar solution #Fig. 3!b"$, the evanescent wave penetrates
more pronouncedly into the inner part of the tube and the
WGMs redshift compared to the air-filled microtube. In or-
der to extract the sensitivity of this rolled-up tube used as a
refractometric sensor we varied the index of refraction of the
liquid, by keeping all other simulation parameters fixed. The
curves in Figs. 3!c" and 3!d" show the result of the calcula-
tion and indicate a good sensitivity to changes of the refrac-
tive index of the inner core liquid ninner !d" /dninner
%62 nm /RIU, RIU denotes refractive index unit" for a wide
range of values. This obtained sensitivity is comparable with
other existing refractometers !see Table I below". However,
increasing the overlap between the WGM mode field and the
analyte by thinning the tube wall thickness or increasing the
tube diameter can further improve the value.21 In addition,
from the calculated sensitivity and the experimental observed
linewidth !%6.6 nm for the mode m=14", a detection limit
of %0.05 RIU is estimated !assuming a wavelength reso-
lution of 1/20th of the linewidth". This is due to the low Q
factor of our present refractometer. Improving the Q factor
will be subject of future studies.

Table I shows a comparison of various experimentally
demonstrated refractometer schemes. All of the items are

FIG. 2. !Color online" Effect produced by the presence of an aqueous sugar
solution inside the tube. In panel !a" spectra with the resonant modes in
presence of the solution !red" or of a bubble of air trapped in the tube !blue".
The black spectrum refers to a region at the interface between liquid and air.
!b" Integrated PL intensity defining the tube position. !c" Spatial regions
identified by air mode and !d" solution mode !see text".

FIG. 3. !Color online" !a" Maps of the electric field intensity for mode m
=14 as obtained from FDTD calculation for a tube in air and !b" a tube filled
with an aqueous sugar solution. In presence of solution we can notice an
enhancement of the electric field spread into the tube core. !c" Calculated
resonant mode wavelengths for different azimuthal mode indices as a func-
tion of the core index of refraction ninner. !d" Mode shifts as a function of
ninner. The microtube refractometer exhibits a sensitivity of d" /dninner
%62 nm /RIU.
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based on evanescent wave coupling to the fluid. The mea-
sured sensitivities !in nm/RIU" and channel cross-sectional
areas are also shown in the table. Refractometric sensors,
which need to be dipped into liquid, have no channel and
hence no channel cross-sectional area—and are therefore
hardly compatible with any laboratory-on-a-chip integration
technology. From this table, one can clearly see that the liq-
uid core microtube optical resonator !LCMOR" has the
smallest channel cross section while the sensitivity is well
competitive to other systems. The former property implies
that the liquid volume needed for sensing is minimum for
any reported LCMOR technology. As a figure of merit, the
ratios between spectral sensitivity and channel cross section
are calculated based on the data given in Table I. The LC-
MOR shows the highest value of 20 nm /RIU !m2, hence
allowing for analysis of femtoliter fluid droplets by this tech-
nology. Moreover, this type of LCMOR can easily be posi-
tioned on a Si chip and monolithically integrated with both
fluidic and optical functions.

In conclusion, we have proposed a scheme for using a
rolled-up Si /SiOx microtube as a refractometer and per-
formed an analysis of light emitted from the tube when it is
filled with aqueous sugar solution. The experimentally ob-
served peak shifts are fitted well with FDTD simulations and
the sensitivity of this rolled-up tube refractometer is ex-
tracted. Monolithic on-chip integration of this tube seems
straightforward. Therefore, we expect that the combination
of existing Si fabrication technologies and our approach will
provide useful ways in designing and engineering improved
optofludic channel networks on a single chip.
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3 Conclusions	
	
In	 summary,	 we	 have	 studied	 the	modified	 epitaxial	 growth	mechanism	 of	 self-
assembled	Ge	QDs	in	the	case	of	submonolayer	carbon	predeposition.	Our	results	
point	 to	 Si	 interdiffusion	 combined	 with	 the	 Ge–C	 repulsive	 interaction	 as	 key	
factors	in	understanding	the	surface	dynamics	driving	the	whole	process.	
We	have	 suggested	a	 two-stage	growth	process	which	enables	 to	 finely	 tune	 the	
island	density	just	by	controlling	the	deposition	temperature	of	the	WL	before	the	
growth	of	the	C-induced	Ge	dots.	We	found	out	that	the	highest	dot	densities	are	
achieved	at	higher	temperature,	in	apparent	contradiction	with	previous	literature	
results.		
	
By	 means	 of	 optical	 characterization	 techniques	 we	 were	 able	 to	 accurately	
determine	 the	 composition	 and	 strain	 of	 the	 C-induced	 QD	 ensembles,	
demonstrating	 that	 the	 variation	of	 island	density	 correlates	with	 the	 amount	of	
interdiffused	silicon	from	the	substrate	through	the	WL.	The	larger	the	amount	of	
thermally	 activated	 silicon	 intermixing,	 the	 better	 is	 the	 carbon	 stability	 on	 the	
surface.	This	modifies	the	diffusion	length	of	the	Ge	adatoms,	 leading	to	different	
topographies.	
	
We	 have	 shown	 that	 the	 self-organized	 growth	 of	 Ge	 islands	 on	 a	 strained	 SiGe	
buffer	 layer	 is	 fundamentally	 affected	 by	 the	 predeposition	 of	 a	 carbon	
submonolayer.	 The	 relevant	 parameter	 which	 allows	 for	 a	 control	 of	 dot	
topography	 is	 the	 Ge	 content	 of	 the	 SiGe	 alloy.	 The	 result	 is	 a	 monomodal	
distribution	of	Ge	rich	quantum	dots	with	an	areal	density	which	can	be	adjusted	
over	a	wide	range	109	–	1011	cm−2	just	by	changing	the	Ge	composition	of	the	SiGe	
buffer/wetting	 layer.	 The	 results	 are	 explained	 using	 a	 kinetically	 limited	model	
for	 the	 growth	 mechanism,	 which	 accounts	 for	 the	 interplay	 of	 chemical	
interactions	among	C,	Si,	and	Ge	as	the	determinant	factor	influencing	Ge	adatom	
mobility.	This	provides	us	with	a	powerful	growth	protocol	for	improved	design	of	
Ge	quantum	dot	nanostructures	for	device	applications.	
	
We	 studied	 the	 strain	 relaxation	 mechanism	 during	 self-assembling	 of	 Ge	 QDs,	
comparing	 the	 conventional	 Ge/Si	 heteroepitaxy	 with	 the	 carbon-engineered	
growth.	RHEED	analysis	permitted	us	to	recognize	three	stages	of	strain	relaxation	
after	 the	 growth	 of	 a	 pseudomorphic	 WL,	 corresponding	 to	 the	 nucleation	 of	
pyramids,	the	shape	transition	to	domes,	and	dislocation	formation.	For	the	sample	
obtained	 after	 pre-depositing	 carbon	 on	 the	 silicon	 substrate,	 we	 found	 instead	
experimental	 evidence	 for	 a	 growth	 mode	 change	 from	 Stranski–Krastanow	 to	
Volmer–Weber.	An	ellipsometric	study	of	the	silicon	cap	layer	was	helpful	to	point	
out	the	presence	of	compressive	strain	associated	with	the	local	strain	field	in	the	
proximity	of	 the	 carbon-rich	patches	 in	between	 the	 islands.	 	 The	 topography	of	
the	quantum	dot	ensembles	was	correlated	to	the	structural	properties	(i.e.,	strain	
and	 composition)	 measured	 by	 Raman	 spectroscopy.	 In	 particular,	 the	 capping	
process	 put	 in	 evidence	 two	 distinct	 regions	 of	 the	 sample	 with	 different	 local	
composition	 and	 elastic	 properties.	 We	 interpreted	 our	 experimental	 results	 as	
signals	 coming	 from	two	 families	of	 islands,	 i.e.,	 smaller	 intermixed	dots	 that	get	
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highly	recompressed	and	bigger	domes	only	slightly	affected	by	the	deposition	of	
the	silicon	cap	 layer.	 	Optical	 techniques	combined	with	RHEED	and	AFM	permit	
one	to	obtain	an	overall	insight	into	the	growth	mechanism	of	SK	and	C-QDs,	with	
the	 possibility	 to	 capture	 features	 which	 hint	 at	 the	 local	 structure	 of	 single	
quantum	dots.	
	
We	compared	Raman	scattering	from	Ge	QDs	under	hydrostatic	pressure	when	the	
dots	are	uncapped	versus	the	situation	when	they	are	covered	with	a	Si	cap	layer.	
We	 demonstrated	 that	 if	 the	 dots	 are	 not	 embedded	 in	 the	 Si	 matrix,	 then	 the	
measured	pressure	coefficient	tends	to	the	value	of	bulk	Ge.	On	the	contrary,	just	a	
very	 thin	 10	 nm	 Si	 cap	 layer	 is	 sufficient	 to	 reduce	 the	 coefficient	 by	 ∼20%	 to	
values	similar	as	previously	obtained	in	literature	for	much	thicker	cap	layers.		
We	 considered	 the	 different	 boundary	 conditions	 to	 explain	 these	 two	
experimental	 situations,	namely,	we	dealt	with	 the	 limiting	cases	of	 fully	 relaxed	
uncapped	dots	(highest	dω/dP)	and	fully	compressed	capped	dots	(lowest	dω/dP).	
Nevertheless,	 the	 model	 we	 propose	 also	 holds	 for	 a	 much	 more	 complex	 and	
generalized	 scenario,	 where	 intermediate	 situations	 can	 be	 accounted	 for.	
Depending	on	 the	 shape	 (aspect	 ratio)	 and	on	 the	 size	of	 the	dots,	 the	degree	of	
relaxation	 (φ)	 is	 expected	 to	 vary	 considerably	 and	 the	 DAC	 technique	 for	 the	
determination	of	pressure	 coefficients	 turns	out	 to	be	a	powerful	diagnostic	 tool	
for	studying	the	mechanisms	of	relaxation	in	self-assembled	nanostructures.	
	
As	 an	 alternative	 route	 to	 Molecular	 Beam	 Epitaxy,	 we	 showed	 that	 combining	
nanostenciling	 with	 PLD	 provides	 a	 flexible	 approach	 to	 grow	 and	 pattern	
crystalline	 Ge/Si	 nanostructures.	 The	 location	 of	 the	 Ge	 clusters	 is	 entirely	
controlled	 by	 the	 pattern	 of	 the	 nanostencil,	 and	 the	 density	 and	 physical	
dimensions	 of	 the	 dots	 can	 be	 further	 adjusted	 by	 varying	 the	 deposition	
parameters.	The	morphological	evolution	of	the	structures	with	coverage	follows	a	
modified	Stranski-Krastanow	growth	mode	due	to	the	finite	size	of	the	WL	at	each	
aperture	 location.	 Raman	 spectroscopy	 indicates	 that	 the	 nanostructures	 are	
crystalline	 Ge	 and	 that	 they	 follow	 the	 crystallographic	 orientation	 of	 the	
substrate.		
	
We	have	demonstrated	 that	micro-Raman	spectroscopy	 is	a	useful	 tool	 to	obtain	
detailed	information	about	the	local	strain	in	microsized	objects	such	as	self-rolled	
microtubes.	 Starting	 from	 the	 accurate	 description	 of	 the	 elastic	 properties	 of	
micro-origami	 tubes	with	 proper	 boundary	 conditions,	 a	 simple	model	 has	 been	
developed	 to	 correlate	 the	 frequency	 shifts	 of	 the	 phonon	 modes	 measured	 by	
Raman	with	the	components	of	the	strain	tensor.	This	model	can,	 in	principle,	be	
applied	 to	 other	 micro-objects	 based	 on	 strain	 engineering,	 for	 example,	
microhinges	 in	 MOEMS.	 In	 the	 case	 of	 semiconductor	 microtubes,	 we	 have	
obtained	 experimental	 evidence	 that	 the	 residual	 hydrostatic	 strain	 at	 the	 outer	
part	of	the	tube	wall	changes	from	compressive	to	tensile	with	decreasing	radius	of	
curvature,	 in	 good	 agreement	 with	 our	 calculations	 based	 on	 an	 elastic	 model.	
According	 to	 this	observation	 the	 fabrication	of	 self-rolled	micro-	and	nanotubes	
appears	to	be	a	smart	solution	for	storing	intense	strain	fields	in	materials	without	
applying	any	external	stress.	
	



	 51	

We	 have	 proposed	 a	 scheme	 for	 using	 a	 rolled-up	 Si/SiOx	 microtube	 as	 a	
refractometer	and	performed	an	analysis	of	light	emitted	from	the	tube	when	it	is	
filled	with	 aqueous	 sugar	 solution.	 The	 experimentally	 observed	 peak	 shifts	 are	
fitted	 well	 with	 FDTD	 simulations	 and	 the	 sensitivity	 of	 this	 rolled-up	 tube	
refractometer	 is	 extracted.	 Monolithic	 on-chip	 integration	 of	 this	 tube	 seems	
straightforward.	 Therefore,	 we	 expect	 that	 the	 combination	 of	 existing	 Si	
fabrication	 technologies	 and	our	 approach	will	 provide	useful	ways	 in	 designing	
and	engineering	improved	optofluidic	channel	networks	on	a	single	chip.		
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